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Abstract

Additive manufacturing (AM) is an important and rapidly emerging manufacturing
technology nowadays. The heat evolution during AM processes is complex and often limited
in small areas, of which directional solidification is an integrated part. Although with a
much higher cooling rate and temperature gradient, directional solidification is an integrated
part of AM, which is the same as in conventional processes like casting. Therefore, improved
understanding of the directional solidification of alloys for AM enables us to discover new
alloys appropriate for AM.

Molecular dynamics (MD) has been proved to be reliable in the study of nucleation and
solidification. Detailed nanoscale evolution of atoms in the system can be revealed using
MD simulation. Simulation of metals using MD was performed in many studies before,
while solidification of alloys, especially directional solidification, has not been sufficiently
investigated.
Therefore, in this study, MD simulations are performed in order to understand the

directional solidification mechanism during AM process. Several alloy systems are investi-
gated from different aspects. The feasibility of simulating AlSi10Mg alloy using existing
modified embedded-atom method (MEAM) potentials in MD is discussed. The dependence
of temperature for directional solidification simulation is verified on Al - 10% at Mg alloy
system. Directional solidification of the 304L stainless steel is successfully simulated using
embedded-atom method (EAM) potential by applying a temperature gradient to a fully
melted Fe-Cr-Ni system. A directional growth of solid phase from low temperature region
towards high temperature region is observed in the simulation box. When fully solidified,
the heterogeneity of grains in the final product is studied. To investigate the mechanical
properties of the solidified system, uniaxial tensile tests were carried out, in the course of
which transformation induced plasticity (TRIP) effect is confirmed because of the occurrence
of the phase change (γ → ε → α′) caused by the tensile load. Moreover, a heat shock is
applied to the solidified system to inspect the response of the system, which revealed the
thermal properties of the system as well. This study can be considered as a preliminary
attempt to investigate the topic of directional solidification in AM process.
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1. Introduction

As an integrated phenomenon, rapid directional solidification occurs in various manufactur-
ing processes of metals and alloys, not only in conventional processes like casting, also in
contemporary processes like additive manufacturing (AM) [1, 2]. Especially, during the AM,
the processed metals and alloys go through a serial of complicated thermal processes [3, 4],
which leads to intricate nano- and microstructure of the final product [5, 6, 7, 8].

For example, in the selective laser melting (SLM) process (Fig. 1.1), each layer of metal
is created by scanning a laser beam on a designated cross-sectional area of metal powder.
Due to the highly concentrated energy and extremely short interaction time, the metal
powder scanned by the laser will soon melt and create a melt pool, then the melt pool
will solidify at a high cooling rate in the range of about 103 − 108K/s [8, 9]. As can be
seen in Fig.1.1, directional solidification can happen at the interface of the melt pool and
neighboring solid. This temperature gradient in the solidification region can be as high as
5× 106K/m [9].

(a) (b)

Figure 1.1.: Schematic illustration of SLM process.(a) cross-sectional view parallel to the
moving direction of the laser beam, and (b) cross-sectional view at dashed line
position of (a). [10, 11]

Direct observation and investigation of the evolution of the nano- and microstructure
during these thermal processes is challenging. Therefore, new methods of investigation in
nano- and microscale are required. Computational methods have gained increased popularity
in the study of melting and solidification of AM. On macroscale (> ∼10−3m), thermal
models, such as computational fluid dynamics and finite element method, can simulate
single to multiple melt tracks and layers during AM, but cannot track microstructure
evolution like porosity and defects [12, 13, 14]. Models with a length scale between
∼10−4 − 10−2m are called mesoscale models, such as kinetic Monte Carlo [15] and cellular
automataton [16, 17], they simulate multiple grains and mainly focus on overall grain
structure [18, 19]. Phase-field method, as a microscale (∼10−6 − 10−4m) method, was
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1. Introduction

frequently applied in the study of dendrite structure formed during solidification [20, 21, 22].
But phase-field method only models the solidification part without the melting part, which
means it needs predefined positions of nucleation seeds. This predefined positioning can
cause bias, and changing simulation parameters might require new positioning of seeds [14].

Molecular dynamics (MD) is a simulation method using Newton’s equation of motion to
analyze the physical movements of atoms and molecules [23, 24]. MD simulation shows
its reliability in the study of nucleation and solidification, and successfully reveals the
heterogeneity of homogeneous nucleation of pure iron [25]. For AM process, researchers have
performed numerous studies to simulate and investigate materials evolution on nanoscale [26,
27, 28]. Directional solidification is what happens in the real-world AM process, as the
conditions of homogeneous solidification are hard to reach. However, the MD studies
focused on rapid directional solidification on nanoscale during AM process are rare. Mahata
et al. [29] investigated the rapid directional solidification of Al-Cu alloys using modified
embedded-atom method (MEAM) potential and discussed the effect of mechanical properties
on the final product. Bahramyan et al. [30] studied the rapid directional solidification of
Fe-Cr-Ni alloys using a large-scale MD simulation with 15M atoms and investigated the
mechanical properties and defects. Besides the study of Bahramyan et al., no other study
of the directional solidification of stainless steel during AM process has been reported.

AlSi10Mg is one of the most commonly used Al alloys for AM. 304L stainless steel, which
can also be used in AM, is well-known for its application in both households and industries.
The materials processed in AM experience a rapid heating and cooling rate, which can lead
to products with microstructure very different form conventionally processed ones. For
example, the existence of the dislocation network in products manufactured by SLM is
reported to significantly improve the strength and ductility of stainless steel [31]. Anisotropy
of tensile properties in different directions of metallic AM samples has been reported [32, 33].
What’s more, in the process of SLM, when the high-energy laser continuously scans through
the whole designated section, it can be very close to the previous melting pool where the
melting and solidification process has already finished, which results in another significant
temperature rise in this region [7]. In this study, this abrupt reheating is simulated as a
thermal shock. Currently, there are studies on thermal shock on W [34] and Cu [35] using
MD.
One important behavior of 304L stainless steel is the so-called transformation induced

plasticity (TRIP) effect. The 304L stainless steel is an austenitic stainless steel with a low
stacking-fault-energy face-centered cubic (FCC) structure. Plenty of studies [36, 37, 38]
have shown that martensitic transformation can occur in this metastable austenitic stainless
steel upon deformation, which is because of the so-called TRIP effect. This transformation
can lead to a good strength and ductility combination. The sequence for this martensitic
transformation is γ → ε→ α′, which are FCC, HCP, and BCC structure, respectively [39,
40].

In this study, theoretical basics of solidification and MD simulation using EAM or MEAM
potential are discussed in Chapter 2. In Chapter 3, the possibility of using MEAM potential
to simulate the behavior of AlSi10Mg alloys during the directional solidification process is
verified, followed by the determination of optimal temperature setup for simulating Al-10
at % Mg alloy in directional solidification. Rapid directional solidification of SAE 304L
stainless steel was performed utilizing EAM potential. Afterward, a comprehensive study of
this simulation focusing on nanostructure, mechanical and thermal properties is conducted,
which also gives a preliminary approach on further study of directional solidification of
other alloys.
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2. Methods

2.1. Molecular Dynamics

Molecular Dynamics (MD) is a simulation method for computing the time evolution of a
classical many-body molecular or atomic system. Here, "classical" means that the motion of
atoms or molecules obeys the laws of classical mechanics (Newton’s laws of motion), which
is an excellent approximation for a wide range of materials under most circumstances [24].
The basic procedure of molecular dynamic simulation contains the following steps: (i)

input parameters to specify the conditions of the simulation (e.g., timestep, interatomic
potential, etc.); (ii) initialization of the system (i.e., initial positions and velocities); (iii)
calculation of the interatomic forces for every atom, (iv) update of the velocity and position
of every atom according to Newton’s laws of motion. Step (iii) and (iv) are repeated until
the desired simulation time is reached. Macroscopic observables such as pressure, energy,
and heat capacity, etc. can be inferred from microscopic information of positions and
velocities of atoms using statistical mechanics.

2.1.1. Newton’s Equation of Motion

According to Newton’s second law, for every particle in a MD system,

F i(t) = mia = mi
d2ri(t)

dt2
, (2.1)

where Fi(t) is the force on particle i at time t, mi is the mass of the particle, ri(t) is the
coordinate of the particle at time t.
Fi(t) can be determined by interatomic potential E

Fi = − ∂

∂ri
Ei, (2.2)

By solving Eqn. 2.1 and Eqn. 2.2, the forces of all particles in the simulation system can
be obtained. Then the corresponding position, velocity, and other motion information can
be calculated. Furthermore, the positions and velocities of all particles in the system at
any time can be attained.

2.1.2. Integration Algorithm

To determine the positions and velocities of a particle using Eqn. 2.1, an integration algorithm
is needed. The commonly used integration algorithms for MD are Verlet algorithm [41],
velocity Verlet algorithm [42], leapfrog algorithm [43], etc.

2.1.2.1. Verlet Algorithm

Based on the finite difference method, the Verlet algorithm divides the total time of particle
movement into a finite number of segments, with timestep as the length of the segment.

3



2. Methods

Then the forward Taylor expansion and backward Taylor expansion can be written as
Eqn. 2.3 and Eqn. 2.4:

r(t+ ∆t) = r(t) + v(t)∆t+
1

2
a(t)∆t2 +

1

3!
b(t)∆t3 +O

(
∆t4

)
, (2.3)

r(t−∆t) = r(t)− v(t)∆t+
1

2
a(t)∆t2 − 1

3!
b(t)∆t3 +O

(
∆t4

)
, (2.4)

where a(t) is the acceleration at time t, b(t) is the third derivative of particle position r at
time t. Combining Eqn. 2.3 and Eqn. 2.4, we obtain

r(t+ ∆t) = 2r(t)− r(t−∆t) + a(t)∆t2 +O
(
∆t4

)
. (2.5)

Eqn. 2.5 is the basic form of Verlet algorithm. New position can be directly calculated
without knowing velocity. However, if velocity is needed (e.g., for the determination of
system temperature), it can be derived by subtracting Eqn. 2.3 and Eqn. 2.4, i.e.,

r(t+ ∆t)− r(t−∆t) = 2v(t)∆t+O
(
∆t2

)
, (2.6)

⇒ v(t) =
r(t+ ∆t)− r(t−∆t)

2∆t
+O

(
∆t2

)
. (2.7)

It can be seen that the velocity calculated via the Verlet algorithm is less accurate than the
position.

2.1.2.2. Velocity Verlet Algorithm

With velocity explicitly incorporated, velocity Verlet algorithm improved by Swope [42] is a
more commonly used integration method in MD simulations. The standard implementation
procedure of this algorithm is:
1. Initialization with setup of the system at time t.
2. Calculation of new position at time (t+ ∆t)

r(t+ ∆t) = r(t) + v(t)∆t+
1

2
a(t)∆t2. (2.8)

3. Calculation of the intermediate velocity at (t+ 1
2∆t)

v(t+
1

2
∆t) = v(t) +

1

2
a(t)∆t. (2.9)

4. Calculation of new acceleration a(t+ ∆t) with the new position r(t+ ∆t).
5. Calculation of new velocity v(t+ ∆t)

v(t+ ∆t) = v(t+
1

2
∆t) +

1

2
a(t+ ∆t)∆t

= v(t) +
1

2
a(t)∆t+

1

2
a(t+ ∆t)∆t.

(2.10)

Then the velocity Verlet algorithm can be expressed as:

r(t+ ∆t) = r(t) + v(t)∆t+
1

2
a(t)∆t2. (2.11)

v(t+ ∆t) = v(t) +
a(t) + a(t+ ∆t)

2
∆t. (2.12)
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2.1. Molecular Dynamics

With this algorithm, the position, velocity, and acceleration of each particle can be
derived simultaneously without losing accuracy.

2.1.3. Force Fields

The interatomic potential is the fundamental factor of the reliability and accuracy of the
simulation results. Based on Eqn. 2.2, to run an MD simulation, the force on each particle
which is also defined by the gradient of the potential energy function needs to be defined.

2.1.3.1. Embedded Atom Method (EAM)

In 1983, Daw and Baskes [44] proposed the embedded-atom method (EAM) based on
density functional theory, as a new approach of calculating properties of metal systems.
According to EAM, all atoms in the system are considered as "impurity" being embedded
in the host consisting of all other atoms. When calculating the total energy of the system,
the energy is divided into two parts, one is the embedding energy to embed atoms into the
electron cloud, the other part is the pair potential between two atoms. The energy of atom
i in EAM is given by

Etot =
∑
i

Fi(ρi) +
1

2

∑
i,j
i 6=j

φij(Rij), (2.13)

where Fi is the embedding potential energy of atom i, which is a function of the electron
density ρi only; φij is the short-range pair potential, and Rij is the distance between atoms
i and j. The electron density ρi is a linear summation of electron cloud density of all atoms
in the system except atom i, and can be expressed as

ρi =
∑
j
j 6=i

ρaj (Rij). (2.14)

Here ρaj is the contribution to the density from atom j.
This classical EAM expression has been successfully applied to the FCC [44], BCC [45],

and nearly filled d-band transition metals [46].

2.1.3.2. Modified Embedded Atom Method (MEAM)

To extend the application of the EAM potential to more types of atoms, Baskes, etc.
made some modifications to the classical EAM [47, 48], which enabled the modeling of
silicon and germanium. A more general modified embedded-atom method (MEAM), which
covers metals, semiconductors, and diatomic gaseous elements, was proposed in 1992 by
Baskes [49]. With MEAM, the simplification of first-neighbor interactions for all crystal
structures (including BCC, HCP, and diamond cubic) was made possible.

Similar to Eqn. 2.13 of EAM, the total energy of a system in MEAM is approximated as

Etot =
∑
i

Fi(ρi) +
1

2

∑
i,j
i 6=j

φij(Rij), (2.15)

where the difference is the ρi, which is the electron densities modified by angular-dependent
terms instead of the linear approximation of spherically averaged electron densities ρi in
EAM.

5



2. Methods

The embedding function F (ρ) can be expressed as

F (ρ) = AEcρi ln ρi, (2.16)

where A is an adjustable parameter, Ec is the sublimation energy, ρi is the background
electron density, which is composed of spherically symmetric partial electron density ρ(0)i
and angular contributions ρ(1)i , ρ(2)i , ρ(3)i (definition in Eqn. 2.21). ρi is given by

ρi =
ρ
(0)
i

ρ0i
Gi(Γi), (2.17)

where Gi(Γ) is a function that can be different for different element types in a simulation
system. Common choices for G(Γ) can be G(Γ) =

√
1 + Γ, G(Γ) = exp(Γ/2), G(Γ) =

2/(1 + exp(−Γ)), etc [50]. And Γi is given by

Γi =

3∑
k=1

t
(k)
i

(
ρ̄
(k)
i

ρ̄
(0)
i

)2

, (2.18)

where the average weighting factors t(k)i will be discussed in Eqn. 2.23.
The composition-dependent electron density scaling ρ0i , or the background electron density

for a reference structure, is defined as

ρ0i = ρi0Zi0G(Γrefi ), (2.19)

where ρi0 is an element-dependent density scaling, Zi0 is the first-neighbor coordination of
the reference system.

Γrefi is given by

Γrefi =

3∑
k=1

t
(k)
i

s
(k)
i

Z2
i0

, (2.20)

where s(k)i are shape factors determined by the reference structure for atom i [49].
The partial electron densities ρ(0)i , ρ(1)i , ρ(2)i , and ρ(3)i are given by

(
ρ̄
(0)
i

)2
=

∑
j 6=i

ρ
a(0)
j (Rij)Sij

2

, (2.21a)

(
ρ̄
(1)
i

)2
=

3∑
α=1

∑
j 6=i

ρ
a(1)
j

Rijα
Rij

Sij

2

, (2.21b)

(
ρ̄
(2)
i

)2
=

3∑
α=1

3∑
β=1

∑
j 6=i

ρ
a(2)
j

RijαRijβ
R2
ij

Sij

2

− 1

3

∑
j 6=i

ρ
a(2)
j (Rij)Sij

2

, (2.21c)

(
ρ̄
(3)
i

)2
=

3∑
α=1

3∑
β=1

3∑
γ=1

∑
j 6=i

ρ
a(3)
j

RijαRijβRijγ

R3
ij

Sij

2

− 3

5

3∑
α=1

∑
j 6=i

ρ
a(3)
j

Rijα
Rij

Sij

2

,

(2.21d)
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2.1. Molecular Dynamics

where Rαij is the α component of the distance vector between atoms i and j. ρ
a(k)
i ,

representing the atomic electron densities from j atom at distance Rij from position i, are
computed as

ρ
a(k)
i (Rij) = ρi0 exp

[
−β(k)i

(
Rij
re
− 1

)]
, (2.22)

where re is the nearest-neighbor distance in the equilibrium single-element reference struc-
ture, β(k)i are adjustable parameters depending on elements.
The average weighting factors t(k)i in Eqn. 2.18 and Eqn. 2.20 are given by

t
(k)
i =

1

ρ̄
(0)
i

∑
j 6=i

t
(k)
0,j ρ

a(0)
j Sij , (2.23)

where t(k)0,j are adjustable parameters.
Sij in Eqn. 2.21 and Eqn. 2.23 is the many-body screening function between atoms i and

j, which ranges from 1 (unscreened) to 0 (completely screened or outside the cutoff radius).
Sij is defined as

Sij = Sijfc(
rc −Rij

∆r
), (2.24)

where

Sij =
∏
k 6=i,j

Sikj , (2.25)

and rc is the cutoff radius, ∆r is the length of smoothing distance for cutoff function, Sikj
is the screening factor, and k represents all other neighbor atoms. To determine Sikj , an
ellipse passing through atom i, j, and k, with i and j on the major axis, is constructed on
an x-y plane (Fig. 2.1). So the equation of the ellipse can be expressed as

x2 +
1

C
y2 = (

1

2
Rij)

2, (2.26)

where C is determined by

C =
2(Xik +Xkj)− (Xik −Xkj)

2 − 1

1− (Xik −Xkj)2
, (2.27)

where Xik = (Rik/Rij)
2 and Xkj = (Rkj/Rij)

2. The screening factor Sikj is a function of
C as follows

Sikj = fc

(
C − Cmin

Cmax − Cmin

)
, (2.28)

where the smooth cutoff function fc is defined as

fc =


0 x ≤ 0

[1− (1− x)4]2 0 < x < 1

1 x ≥ 1,

(2.29)

Cmin and Cmax are the limiting values of C determining the extent of screening. Cmin and
Cmax are defined separately for each i − j − k triplet, based on there element types. In
original MEAM, Cmin = 2.0 and Cmax = 2.8 were chosen [49].

7



2. Methods

Figure 2.1.: Screening of atoms i and j by neighboring atom k. Atoms outside Cmax = 2.8
do not have any effect on the interaction between atoms i and j; atoms inside
Cmin = 2.0 completely screen atoms i and j ; atoms in between Cmin and Cmax
screen partially according to Eqn. 2.28.

In MEAM, there is no specific functional expression given directly to pair potential
φ(R). It is computed from known values of the total energy and the embedding energy [51].
According to Eqn. 2.15, the energy per atom for reference structure Eu(R) in MEAM can
be expressed as a function of the first nearest-neighbor distance R

Eu(R) = F
[
ρ0(R)

]
+

1

2

∑
φ(R), (2.30)

where ρ0 is defined in Eqn. 2.19.

2.1.3.3. Second Nearest-Neighbor Modified Embedded Atom Method (2NN MEAM)

The first nearest-neighbor MEAM discussed above is applicable for a wide range of elements
and alloys. However, it doesn’t reproduce the properties of BCC metals very satisfyingly [52].
Because the second nearest-neighbor distance is only 15% larger than the first nearest-
neighbor distance in BCC structure, the interaction with the second nearest-neighbor atoms
may not be negligible. So Lee and Baskes proposed second nearest-neighbor modified
embedded-atom method (2NN MEAM) in 2000 [52], which took the interactions of second
nearest-neighbors into consideration.

Firstly, the screening is too strict for BCC structure. The many-body screening function
should be adjusted to a less strong degree. This can be achieved by assigning a value lower
than 2.0 and 1.0 to Cmin for BCC and FCC metals respectively. For example, for BCC
metal V, Cmin = 0.49 is chosen [53].
Secondly, pair potential φ(R) should also include the interaction of the second nearest-

neighbor. The energy per atom in a reference structure Eu(R) should also take the second
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2.1. Molecular Dynamics

nearest-neighbor into account, which can be expressed as an extension of Eqn. 2.30

Eu(R) = F
[
ρ0(R)

]
+
Z1

2
φ(R) +

Z2S

2
φ(aR), (2.31)

where Z2 is the number of second nearest-neighbor atoms, a is the ratio of the distance of
the second nearest-neighbor and the first nearest-neighbor, the background electron density
ρ0 taking the second nearest-neighbor into account

ρ0(R) = Z1ρ
a(0)(R) + Z2Sρ

a(0)(aR). (2.32)

2.1.4. Temperature and Pressure Control

The concept of statistical ensemble was proposed by Gibbs [54] in the analysis of thermody-
namic systems using statistical mechanics. It refers to a collection of numerous (sometimes
infinite) virtual duplicates of a certain system, each of which represents a possible state that
the real system might be in. In MD simulation, the macro environment of the simulation
system needs to be constrained to make the simulation environment close to the real
experimental process. To achieve this, the velocities and positions of the particles generated
and updated in MD are sampled from several specific ensembles. The thermodynamics
ensembles used in this study are:

1. Microcanonical ensemble: isolated thermal equilibrium states of a system with no
exchange of energy or particles with its environment. The total number of particles
in the system (N), the volume of the system (V ), and the total energy (E) of the
system are constant. Also called NVE ensemble.

2. Canonical ensemble: thermal equilibrium states of a system kept in a fixed temperature
"heat bath". The total number of particles in the system (N), the volume of the
system (V ), and the system temperature (T ) of the system are constant. Also called
NVT ensemble.

3. Isothermal-isobaric ensemble: thermal equilibrium states of a system with constant
pressure (P ) and constant temperature (T ). Also called NPT ensemble.

In this study, several different temperature and pressure control methods are applied in
order to guarantee the ensemble of the system, thus regulating various simulation situations.
These methods are called thermostat and barostat respectively, for example, Nose-Hoover
thermostat using non-Hamiltonian equations of motion [55], Langevin thermostat [56], and
Parrinello-Rahman barostat [57].

2.1.5. Software

In this study, Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [58]
is chosen to perform all simulations. LAMMPS, designed for efficient parallel computing,
is an open-source molecular dynamics simulation software developed originally at Sandia
National Laboratories.
Atomsk [59] is adopted in this work for constructing initial atomic-scale models of

simulations, as it offers easy-to-use options for elementary transformations on atomic
models.

OVITO [60] and Python codes are used for the post-process and visualization of LAMMPS
output data.
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2. Methods

2.2. Solidification

2.2.1. Solidification Theory

For a metallic liquid-solid system, the solidification of metallic crystals usually takes place
by two processes: nucleation and growth [1].

According to the second law of thermodynamics, at a constant temperature and pressure,
the system evolves towards a state with lower system free energy [61]. The Gibbs free
energy G can be expressed as

G = H − TS, (2.33)

where H is enthalpy, T is thermodynamic temperature, and S is entropy. The free energy
change with temperature of solid and liquid phase is shown in Fig. 2.2. The melting point
Tm is defined as the temperature where the solid and liquid free energy curves intersect.

Figure 2.2.: Free energy changes with temperature.

The free energy change of unit volume from the liquid phase to the solid phase is ∆GV

∆GV = GS −GL, (2.34)

where GS and GL are free energy of unit volume of solid and liquid phase, respectively.
This equation can be also written as

∆GV =
−Lm∆T

Tm
, (2.35)

where Lm is the enthalpy of fusion, which means the system absorbs heat from the
environment during phase transfer from solid to liquid and is defined to be positive. ∆T is
supercooling degree and is defined as the temperature difference between Tm and actual
freezing temperature T (∆T = Tm − T ). It can be inferred from Eqn. 2.35 that the actual
freezing temperature should be lower than Tm, which means supercooling is necessary.

10



2.2. Solidification

When the temperature is below the melting point, atom embryos with short-range order
can result from a concentration fluctuation of atoms in the liquid phase. These embryos
have the possibility of continuing to grow above critical size to form nuclei, because this
procedure lowers the system’s free energy (∆GV < 0). This kind of nucleation is called
homogeneous nucleation. Assuming that the nucleus is a sphere with radius r, when a
nucleus appears in the liquid phase, the total free energy change can be described as
two parts, increase of surface energy caused by the formation of the new surface (4πr2σ)
and decrease of volume energy caused by the formation of the new low-energy volume
(43πr

3∆GV ). Therefore, the change of total free energy when a nucleus is formed in a
supercooled liquid is

∆G =
4

3
πr3∆GV + 4πr2σ, (2.36)

where σ is surface energy (expressed by surface tension). At constant temperature, ∆GV
and σ are constant, so ∆G is the function of r (Fig. 2.3). When r < r∗, the growth of
embryos will cause an increase of system free energy, so embryos of this size are hard to
grow and will eventually disappear. When r > r∗, the growth of embryos will reduce free
energy, and these embryos will finally become stable nuclei.

Figure 2.3.: ∆G changes with r at a constant temperature.

The rate of nucleation N is the number of nuclei formed in unit volume and unit time.
It is controlled by two factors, which are related to free energy change during nucleation
and atoms diffusion across phase boundary. Therefore nucleation rate can be expressed as

N = Kexp(
−∆G∗

kBT
) · exp( −Q

kBT
), (2.37)

where K is constant, ∆G∗ is the change of free energy associated with the formation of a
critical nucleus, Q is the energy of activation for diffusion across the phase boundary, kB is
the Boltzmann constant. When supercooling is low, the nucleation rate will increase with
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the increase of supercooling because of the decrease of the critical nucleation radius; but
if the supercooling increases continuously, the nucleation rate will decrease, because the
diffusion of atoms is limited by low temperature. Therefore, there exists a critical degree of
supercooling for the highest nucleation rate, for most metals, this critical supercooling is
about 0.15− 0.20 Tm [61].

2.2.2. Determination of Melting Point

Melting point is one of the important properties of materials, which is also very important
for temperature setup of thermostats in directional solidification simulation.
It is not uncommon for a literature potential to give an accurate prediction of static

properties of a certain phase, while in the meantime give numerically unstable simulation
results in MD simulation [62]. Therefore, the verification of the melting point of each
atomic model is necessary before further studies.

In this study, several potentials were compared to find out which one is the most suitable
potential to describe the behavior of AlSi10Mg alloy during the melting and solidification
process. The potential used for the simulation of 304L stainless steel was also investigated.
In this work, two methods are applied to determine the melting point of simulation systems,
namely the hysteresis method and the coexistence method.

2.2.2.1. Hysteresis Method

A straightforward way of determining the melting temperature is gradually and linearly
increasing the temperature of the system with perfect lattice configuration. The melting
temperature will be the temperature where the sudden change of system properties (density,
volume, kinetic energy, etc.) happens, which means the breakdown of the lattice. However,
the sudden-change temperature acquired in this way significantly overestimates the actual
melting temperature because of superheating [63, 64]. Similarly, when cooling down of a
liquid system, supercooling will lead to an underestimate of melting temperature (Fig. 2.4).

Figure 2.4.: Simplified illustration of typical single-phase melting and refreezing behavior of
metal at constant pressure, where the T+

c is the superheating temperature, T−c
is the supercooling temperature, and Tm is the equilibrium melting temperature.

12



2.2. Solidification

This phenomenon of overestimation (or underestimation) of melting temperature caused
by superheating (or supercooling) is also called the hysteresis phenomenon. The free energy
barrier β in the process of melting and solidification leads to this hysteresis phenomenon.
According to the theory of homogeneous nucleation melting [65], the free energy barrier β
depends on the material and can be expressed as

β =
16πγ3sl

3kBTm∆H2
m

, (2.38)

where γ3sl is the solid-liquid interfacial energy, kB is the Boltzmann constant, and ∆Hm is
the heat of fusion. Furthermore, the systematic expression of maximum superheating and
supercooling is given phenomenologically

β = (A0 − b log10Q)θc(1− θc)2, (2.39)

where A0 = 59.4, b = 2.33, Q is the heating (or cooling) rate normalized by 1K/s, and
θc is the maximum superheating (or supercooling) where θc = Tc/Tm, the Tc here is the
highest (or lowest) temperature achievable in a superheated (or supercooled) solid. Based
on Eqn. 2.39, Luo et al. [66] proposed the hysteresis method, through which the equilibrium
temperature at a certain pressure can be calculated directly from the maximum superheating
and supercooling:

Tm = T+
c + T−c −

√
T+
c T
−
c . (2.40)

This method has been proved to be a conceptually simple and computationally inexpensive
way to estimate the equilibrium melting point of metals [67], organic compounds [64], etc.

2.2.2.2. Coexistence Method

The coexistence method requires simulating the liquid-solid coexistence system directly with
an explicit interface. This idea had been used in the 1970s but was limited by insufficient
computer performance [68, 69, 70]. In 2002 this idea was extended to a larger scale by
Morris and Song, in order to calculate the equilibrium melting curve [71]. This coexistence
simulation was considered as an alternative to traditional Gibbs free energy calculations.
The first step of this procedure is to create a simulation box containing both liquid

and solid phases of the target element or alloy. In this work, the initial simulation boxes
containing both liquid and solid phases are created using Atomsk, avoiding problems
causing by combining different simulation boxes containing liquid and solid parts together.
Pressure in the simulation box caused by thermal expansion is a challenge when performing
coexistence method, which will cause bias or even blow up of simulation box. Zhu et
al. [72] proposed a solution to relieve this stress by applying a strain to the simulation box.
Here in this study, another possible way is proposed, which was adding an empty space in
the middle of the liquid phase before melting. This predefined space can contain thermal
expansion, thus avoiding stress.
As shown in Fig. 2.5(a), the middle part of the simulation box is assigned as the liquid

part, and both ends are assigned as solid parts in order to constrain the thermal expansion
of the liquid part. The interfaces between the liquid and solid parts are assigned as y-z
planar. Space is created in the middle of the liquid part to adapt to the thermal expansion
by shifting half of the atoms along the direction perpendicular to the liquid-solid interface
(x-direction). This shifting distance is determined by the ratio of the density of the liquid
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and solid (see Table 3.3). Then the solid and liquid parts are relaxed near melting point to
create a solid-liquid coexistence state.

(a) Initial simulation box

(b) Relaxed simulation box

Figure 2.5.: (a) Initial simulation box of Al with a space in the middle, (b) Relaxed
simulation box of Al with liquid and solid phases. (FCC atoms are colored
green, liquid and atoms of amorphous solid are colored white.)

After the whole simulation box is relaxed (Fig. 2.5(b)), starts the coexistence period.
The system then evolves in an NVE ensemble. In this constant energy ensemble with solid
and liquid phases interacting with each other, if the system has a temperature higher than
the melting point, then part of the solid phase will melt, convert part of the kinetic energy
into potential energy, thus reducing the temperature of the system. Therefore, the system
will eventually evolve to a stable solid-liquid coexistence stage. At this time, the system
temperature equals the melting temperature. Similarly, if the temperature is lower, part
of the liquid phase will solidify to convert its potential energy into kinetic energy. So the
system temperature will increase and finally evolve to the melting temperature [71, 73].
Besides common neighbor analysis (CNA) shown in Fig. 2.5, the local order parameter
(Q6)[74] is also applied to distinguish between the crystal and liquid phases.
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3. Results

3.1. Force Fields

For AlSi10Mg alloy system, all of the MEAM potentials investigated in this study are listed
in Table 3.1, and are marked as P1 to P5 for convenience:

System Potential Abbreviation
M.I. Pascuet (2015) [75] P1

Al Y.-M. Kim (2009) [76] P2
B. Jelinek (2012) [77] P3
Y.-M. Kim (2009) (Pure Mg) [76] P4

Mg Y.-M. Kim (2009) (Al-Mg system) [76] P2
B. Jelinek (2012) [77] P3

Si I. Aslam (2019) [78] P5
B. Jelinek (2012) [77] P3

Table 3.1.: Potentials used for AlSi10Mg alloy system.

An EAM potential [62] was chosen for the simulation of 304L stainless steel system.

3.2. Melting Point

For hysteresis method in this study, cubic simulation boxes containing approximately
4000-5000 atoms are chosen to implement the hysteresis method, which was proved to be
large enough to produce reasonable results. Simulation details can be found in Table 3.2.
The temperature of the simulation system is controlled by NPT ensemble. Starting from
Tlow, the temperature gradually increases to Thigh, then decreases back to Tlow, while the
system pressure is kept constant as 1.0 bar. The heating and cooling rate depend on
different systems, in order to acquire a complete melting and solidification behavior (low
heating and cooling rate) as well as maximum superheating and supercooling (high heating
and cooling rate). This range is approximately 0.1− 5.0K/ps in this study.

System Al Si Mg Fe Cr Ni 304L
Tlow/K 200.0 200.0 200.0 200.0 200.0 200.0 200.0
Thigh/K 1400.0 2200.0 1400.0 3200.0 2900.0 3000.0 3200.0

Table 3.2.: Simulation setting of hysteresis method.

For coexistence method, simulation boxes containing 5000-10000 atoms were created
in this study, which was large enough to produce convincing results [71]. The density
ratio and the shifting distance of these systems are in Table 3.3. It should be noted that,
for silicon, the density of solid state (ρ273K = 2.57g · cm−3) is larger than liquid state
(ρ2000K = 2.47g · cm−3)[79], therefore, no shifting was assigned for silicon system. The
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3. Results

atoms originally in the liquid part were held fixed while the atoms originally in the solid
parts were relaxed in the NVT ensemble for 30 ps at Tsolid. After the solid parts were
sufficiently relaxed, they were held fixed and an NVT ensemble was applied to the liquid
part for 30 ps at Tliquid. The temperature of the thermostat was not too far from the
melting point (about 1.5 times the melting point [71]). Then started the coexistence period
for 300 ps in NVE. An ensemble of velocities randomly generated using the Gaussian
distribution was applied to all atoms, providing the simulation box with a temperature
Tequi near the melting point. If appropriate simulation setup was chosen, the system would
soon reach a coexistence stage. The temperature of the system at coexistence stage would
be the estimated melting point.

Element Al Mg Si

Density
ρ273K/g · cm−3 2.70a 1.74b -
ρ1300K/g · cm−3 2.27a 1.47b -
Density Ratio 1.19 1.18 -

Simulation Box Original Box Length/Å 81.0 80.0 108.6
Shifting Distance/Å 7.7 7.2 -

Temperature
Tsolid/K 800.0 800.0 1500.0
Tliquid/K 1300.0 1300.0 2200.0
Tequi/K 850.0 850.0 1600.0

a Ref.[80]
b Ref.[81]

Table 3.3.: Simulation setups of different elements in coexistence
method.

3.2.1. AlSi10Mg Alloy

For pure Al, Mg, and Si, the melting points calculated using hysteresis method and
coexistence method are listed in Table 3.4.

The biases are calculated comparing to the experimental standard melting points of Al,
Mg, and Si, respectively, which are 933.47K [80], 923K [80], and 1687K [80]. The bias is
defined to be positive if higher than the experimental standard melting point, negative if
lower.

The density changes during the heating and cooling process of hysteresis method for pure
Al, Mg, and Si systems are shown in Fig. 3.1.

It can be seen from the Fig. 3.1 and the Table 3.4 that the P1, P2, P4, and P5 potentials
can give a reliable estimation of the melting point of the corresponding system. But the
results of P3 potential were quite away from satisfaction in all systems. What’s more, the Al
simulated using P3 potential did not solidify under the simulation condition. Many different
simulation setups were tested but none of them give a result that solidified. Therefore,
no result is reported for the P3 using hysteresis method. Moreover, the P3 potential was
very unstable at high temperature compared to other potentials, which means a shorter
simulation timestep must be used (0.2 fs the longest) to avoid blow up of simulation box.
These results show that the P3 potential is not suitable for later directional solidification
study.
In summary, the only potential (P3) containing Al, Si, and Mg failed to predict the

behavior of the simulation system during the melting and solidification process. Therefore,
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3.2. Melting Point

System Potential Method Result/K Bias

Al

P1 Hysteresis 892.50 -4.39%
Coexistence 982.11 +5.21%

P2 Hysteresis 888.17 -4.85%
Coexistence 921.69 -1.26%

P3 Hysteresis - -
Coexistence 1299.33 +39.19%

Mg

P4 Hysteresis 898.42 -2.66%
Coexistence 954.87 +3.45%

P2 Hysteresis 882.60 -4.38%
Coexistence 946.77 +2.58%

P3 Hysteresis 748.09 -18.95%
Coexistence 1150.61 +24.66%

Si
P5 Hysteresis 1185.12 -29.75%

Coexistence 1687.4 +0.02%

P3 Hysteresis 1590.03 -5.75%
Coexistence 1376.35 -18.41%

Table 3.4.: The melting points of Al, Mg, and Si systems estimated using hysteresis method
and coexistence method.

(a) Al (b) Mg

(c) Si

Figure 3.1.: Density changes of Al, Mg, and Si systems using different potentials.
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till now there exists no single MEAM potential that can perform the simulation of AlSi10Mg
alloy during the melting and directional solidification processes.

3.2.2. 304L Stainless Steel

The density change of Al, Cr, and Ni during heating and cooling process of hysteresis
method are shown in Fig. 3.2.

(a) Fe (b) Cr

(c) Ni (d) 304L

Figure 3.2.: Density change of main elements in 304L stainless steel.

In Fig. 3.2(b) and Fig. 3.2(d), the difference of density before melting and after solid-
ification is because of the change of crystal structure. For Cr, the initial BCC structure
turned into an FCC structure with grain boundaries and twin boundaries. For 304L, the
final product after solidification has multiple phases (FCC, BCC, and HCP) and plenty of
grain boundaries.

The estimation of melting point of Fe, Cr, and Ni using coexistence method has already
been done by the author of the potential [62]. So only the estimation of melting point
of 304L was performed using coexistence method in this study. The results in Table 3.5
indicate that the prediction of the melting point of Cr matches the experimental value very
well. On the contrary, the prediction of the melting points of Fe, Cr, and Ni are away from
the experimental data. The biases can be up to approximately 30%. However, all of these
results show good stability throughout the whole melting and solidification process, which
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3.3. Directional Solidification

means this potential is acceptable for melting and solidification simulation.

System Method Result/K Bias

Fe Hysteresis 2379 +31.36%
Coexistence 2399a +32.47%

Cr Hysteresis 2022 -5.34%
Coexistence 2133a +0.14%

Ni Hysteresis 1255 -27.37%
Coexistence 1346a -22.11%

304L Hysteresis 2171 +(26.00-29.77)%
Coexistence 2150 +(24.78-28.51)%

a Ref.[62]

Table 3.5.: The melting points of Fe, Cr, Ni, and 304L
estimated using the MD simulation method.

For the comparison of these two methods estimating melting point in MD, the hysteresis
method has lower accuracy than the coexistence method. Because it needs an estimation
of both degree of superheating and degree of supercooling, which may introduce error
by manually choosing temperature turning point. Moreover, there is no guarantee that
a "maximum superheating/supercooling" is reached. The coexistence method is more
accurate but harder to perform, as the expansion or shrinkage of the simulation box caused
by density change during the melting needs to be considered. Improper handling of this
expansion might cause error or failure.

3.3. Directional Solidification

To the best of our knowledge, currently, there is no EAM or MEAM potential that can
reliably describe the behavior of the Al-Si-Mg system during solidification. Jelinek’s MEAM
potential [77] failed to reproduce the behavior of this system at high temperature. So in this
study, only an Al-Mg system was studied to reveal partial properties of AlSi10Mg alloy, as
well as the temperature dependence of the directional solidification behavior. The chemical
compositions of this Al-Mg system are listed in Table 3.6. Based on the standard [82], the
chemical compositions of 304L stainless steel in this study are prescribed as Table 3.6.

System Al-Mg 304L
Element Al Mg Fe Cr Ni
at % 90.0 10.0 70.0 21.0 9.0

Table 3.6.: Chemical compositions of 304L in atomic percent.

Directional solidification in AM process in the real world is complicated because of
the complex thermal evolution of the system. So in this study, only a simple directional
solidification caused by one-dimensional temperature gradient was considered due to the
limitation of the MD simulations.

To study the rapid directional solidification process at the atomic scale in the transition
area, a simulation box with the size of about 30× 30× 30(nm3) containing about 2.4M
atoms was created, in which 21.0% of Cr and 9.0% of Ni randomly distributed in FCC
structure Fe (Fig. 3.3(a)). For the Al-Mg system, a smaller simulation box with the size
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of 10 × 10 × 10(nm3) was chosen, which contains about 62500 atoms with 10.0% of Mg
randomly distributed.

(a) (b)

Figure 3.3.: (a) Initial simulation box with FCC structure, in which red atoms are Fe,
yellow atoms are Cr, and blue are Ni. (b) Simulation setup for the directional
solidification.

The simulation of directional solidification mainly consists of two steps:

1. Melting. The simulation box was heated above the melting point to prepare a
homogeneous molten phase. The whole simulation box was kept at 2700K (1400K for
Al-Mg system) using NPT ensemble for 150 ps with a timestep of 3 fs. Temperature and
pressure were controlled by Nose-Hoover thermostat and Parrinello-Rahman barostat
respectively. Periodic boundary conditions were applied to all three directions.

2. Directional solidification. The simulation box was divided into three regions (as shown
in Fig. 3.3(b)) after melting. The left region with a thickness of 3 nm was assigned
as low temperature region and kept at a constant temperature of Tlow = 1500K,
while the region on the right with a thickness of 3 nm as high temperature region
kept at constant Thigh = 1800K. The choice of the temperature will be discussed in
Section 3.3.2. They were kept at a constant temperature using Langevin thermostat,
while the middle region was not controlled by any thermostat to create a temperature
gradient. An NVE ensemble was applied to the whole simulation box. The boundary
along the solidification direction was changed to non-periodic before the directional
solidification stage.

3.3.1. Al-10 at % Mg

As discussed in section 3.2.1, there is no single MEAM potential that can simulate the
melting and solidification process of AlSi10Mg alloy. So P2 potential for the Al-Mg system
was chosen to study partial properties of the alloy.

20



3.3. Directional Solidification

Simulation setups with several different Tlow and Thigh were chosen, in order to find out
an optimal setup for directional solidification. The simulation time is 1 ns. Most of the
simulations reached a stable state within simulation time 1 ns where no obvious fluctuation
in the structure and physical properties can be observed. Solid with amorphous structure like
grain boundaries takes up only a limited percentage in the final product, so the percentage
of the crystal structure can indicate the solid ratio in the final product. Considering only
the percentage of the crystal structure (FCC+HCP) of the final configurations, the results
of different simulation setups are listed in Fig. 3.4.

Figure 3.4.: Results of directional solidification of Al-10 at % Mg system.

It can be seen from the results that only the simulations with temperature setup in a
limited range (approximately 450-500 K) can experience solidification within 1 ns. There
are two possibilities that no solidification occurred during the simulation within 1 ns. One
reason is that the temperature setup is too high for solidification, i.e. the critical radius for
embryos growing into nucleus is too large, for example when Tlow = 600K. Another reason
is that the low temperature limited the diffusion of atoms, so the process of nucleation
and growth was very slow, for example when Tlow = 400K. It is possible that the crystal
ratio would continue to grow after 1 ns, but this is not efficient and will cost unnecessary
computational power. This phenomenon is in agreement with the fact discussed in 2.2.1
that there exists a critical degree of supercooling for the highest nucleation rate. When
Tlow = 450 − 500K and Thigh = 800 − 1000K, the solidification can occur and reach a
stable state within 1 ns. But in these simulations, the solidification front only traveled to
the middle of the simulation box and stopped there, which is because the temperature near
the high temperature was too high for solidification.
It should be noted that when Tlow = 450− 550K and Thigh = 550− 650K, the crystal

percentages for these simulations are very high and the solidification happened in the
whole simulation box. But the temperature difference between Tlow and Thigh in these
simulations are not high enough, which makes it almost impossible to tell the difference
between homogeneous solidification and directional solidification. For instance, when
Tlow = 500K and Thigh = 550K, the nucleation occurred in high temperature region first,
then propagated towards low temperature region, which did not go as planned.

21



3. Results

As Al-10 at % Mg alloy is not commonly used in AM, no further study of this system
was carried out.

3.3.2. 304L Stainless Steel

The choice of simulation temperature was inspired by Bahramyan et al. [30], in their paper
they chose 1550-1850 K "based on the phase diagram melting temperature range for SS 316
L of 1663 K–1713 K". However, according to the relationship of simulation temperature
and crystal ratio discussed above in 3.3.1, this temperature range, which is approximately
0.15 − 0.30 Tm lower than Tm (Tm ≈ 2180K [62]), is actually the temperature around
the critical degree of supercooling for highest nucleation rate. Thus temperature range of
1500-1800 K was chosen in this study, which was later proved to be an appropriate choice.

The density change during the whole simulation process is shown in Fig. 3.5. The system
was totally melted after about 50 ps in the melting stage, then stayed in equilibrium till
the next stage. The density increased during the directional solidification stage, which
suggests a phase change from liquid to solid. After approximately 750 ps in the directional
solidification stage, the density was stable around 6.95 g/cm−3.

Figure 3.5.: Density change of 304L simulation system during the whole simulation process.
The dashed line indicates the change from the melting stage to the directional
solidification stage.

The temperature change during the directional solidification process is plotted in
Fig. 3.6(a). The temperature of every region reached a stable stage after about 800
ps. For region 12-18 nm and region 18-27 nm, there existed a slight temperature increase
at approximately 400-600 ps. This might be caused by the exotherm of solidification. As
shown in Fig. 3.6(b), the simulation box reached the designated temperature gradient of
10 K/nm, the temperature gradient in the middle region was approximately 15 K/nm,
which indicates a reasonable temperature environment for directional solidification.

The process of crystal growth during the directional solidification of the 304L system
is demonstrated in Fig. 3.7 using various methods. Atoms in different phases are colored
using common neighbor analysis (CNA), where FCC atoms are green, HCP atoms are red,
BCC atoms are blue, and atoms in liquid and amorphous solid are white.

Nuclei in low temperature region can be observed at 250 ps, indicating a heterogeneous
solidification. These nuclei continued to grow and form small grains, then new nuclei
formed on the surface of these grains and grew. The solidification front traveled from low
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3.4. Uniaxial Tensile Test

(a) Temperature changes with time in every region
during the directional solidification stage.

(b) Temperature of every region at 1 ns of the
directional solidification stage.

Figure 3.6.: The temperature change of simulation system.

temperature region on the left towards high temperature region on the right. The solid has
mainly FCC structure which indicates the formation of an austenitic steel.
The ratio of every structure changing with time is shown in Fig. 3.8(a). The ratio of

FCC and HCP structure began to increase at about 200 ps and reached stable at about
750 ps, while the increasing period for BCC structure is about 200-450 ps. At 1 ns, the
ratio of FCC, HCP, and BCC structure are 36.7%, 11.1%, and 2.4% respectively.

Ratios of elements in different crystal structures are also plotted in Fig. 3.8(b-d). These
ratios went stable at the beginning of grain growth. The dashed orange line in the figures
indicates the average percentage of this element in the whole simulation box. It can be seen
from these figures that the Fe atoms tended to concentrate in FCC and HCP structures,
while Cr atoms in BCC. Ni atoms tended to be enriched in the amorphous structure, namely
segregation in grain boundaries. This concentration of elements cannot be easily observed
in simulation, since these percentage differences are only 1-2%.

It can be observed in Fig. 3.7 that the grains grown in the first place in the low-temperature
region are finer than those grew later in other regions. Here choose the number of atoms
in every grain as grain size, then take the logarithm of the number of atoms for ease of
demonstration. The results are illustrated in Fig. 3.9. As can be seen that the grains that
emerged later are bigger in size and fewer in number.

3.4. Uniaxial Tensile Test

To study the deformation mechanics and the mechanical properties of the solidified structure,
uniaxial tensile tests were performed on the final configuration of the directional solidification
product. The final configuration was taken from the directional solidification product when
the solidification process reaches a stable stage. The temperature for uniaxial tensile
tests is chosen as 300 K, so this final configuration was equilibrated under 300 K for
100 ps using NPT ensemble to stabilize the atoms from the high temperature of the
directional solidification. A strain rate of 1010(s−1) was applied to directions parallel to
and perpendicular to the solidification direction respectively.

After being kept under 300 K for 100 ps, the simulation box experienced further solidifi-
cation and had more distinct phases. The ratio of FCC, HCP, and BCC structure increased
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(a) CNA-2D (b) CNA-3D (c) Grains
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Figure 3.7.: Crystal growing process during directional solidification. (a) CNA-2D are the
front views of the simulation box with atoms colored by OVITO CNA. (b)
CNA-3D are the perspective views of the simulation box with all liquid and
non-crystal atoms removed. (c) In "Grains" atoms are colored with respect to
different grains.
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(a) Total (b) Fe

(c) Cr (d) Ni

Figure 3.8.: Element percentage in different structures during the directional solidification
stage.

Figure 3.9.: The number of grains of different sizes in every region. Grain size is represented
by the logarithm of the number of atoms in the grain.
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to 58.5 %, 19.7 %, and 3.9 %, respectively.
The stress-strain relationship of two loading directions during the uniaxial tensile test

are shown in Fig. 3.10.

Figure 3.10.: The deformation of simulation box under uniaxial tensile.

As shown in the figure, the ultimate tensile strength in x-direction was slightly larger
than in z-direction, while their evolutions were generally the same. Note that there was a
residual stress of about 1.6 GPa in the x-direction. Studies show that the residual stress in
certain parts of the sample made by SLM can be comparable to the yield strength [31, 83].
In this simulation, the possible cause for this residual stress in x-direction could be the
stress accumulated during directional solidification.

The ratio changes of every structure during deformation are shown in Fig. 3.11. The figures
are zoomed in for better details. The trends of the ratio changing with strain in these two
directions are roughly the same. The increase of amorphous structure percentage indicates
the destruction of previous crystal structures. The ratio of FCC structure experienced
a monotonically decreasing, which means the FCC structure transformed into another
structure. The decrease of HCP ratio and the increase of BCC ratio can be explained as
the martensitic transformation in TRIP steel, which is γ(FCC)→ ε(HCP )→ α′(BCC).

A closer look into the crystal structure is needed to study this martensitic transformation
in TRIP steel. Fig. 3.12 and Fig. 3.13 show the zoomed-in views of the snapshots during
the tensile test.

Between Fig. 3.12(a) and Fig. 3.12(b), a large bunch of stacking faults and twin boundaries
were formed as HCP structures in the original FCC structure. Later part of these faults
with HCP structure transformed into BCC structure under tensile load, which is the BCC
structure with irregular shape in the middle of stacking fault and grain boundaries shown
in Fig. 3.12(d). This FCC-HCP-BCC transformation is in agreement with the martensitic
transformation in TRIP steels [36, 37, 38].
A larger area of martensitic transformation under tensile load in z-direction is shown

in Fig. 3.13. On the top there was a small area of atoms that went through the whole
FCC-HCP-BCC process: HCP formed from FCC (Fig. 3.13(b)), then turned into BCC
(Fig. 3.13(c)). But the large area of BCC structure on the bottom was transformed directly
from HCP. It can be seen in Fig. 3.13(b) that the one layer of FCC atoms that were in the
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(a) Loading on x-direction (b) Loading on z-direction

Figure 3.11.: Structure change during the tensile test.

(a) 5.0% (b) 16.0% (c) 18.0% (d) 21.0%

Figure 3.12.: CNA when the tensile load is applied on x-direction.

(a) 10.0% (b) 13.0% (c) 15.0% (d) 18.0%

Figure 3.13.: CNA when the tensile load is applied on z-direction.
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middle of HCP before still remained unchanged. After further deformation, this layer of
FCC atoms accompanying other FCC atoms in the neighborhood transformed into BCC
structure (Fig. 3.13(c)). Fig. 3.13(d) shows that the BCC structure formed through two
different mechanisms joined together along with the HCP structure.

3.5. Thermal Shock

A thermal shock study was performed on the final configuration of the directional solidifica-
tion product. The thermal shock loading caused by heat or electrons was simplified into
such a process that a thin layer of the final product was heated (thermal shocked region)
while the rest of the simulation box remained unheated.

To achieve this, in the 304L system, the simulation box was firstly evenly divided into 100
thin layers in order to monitor temperature and normal stress along the x-direction. At one
end, 10 layers of atoms were chosen as thermal shock region, while at the other end 5 layers
were kept fixed at their original position throughout the simulation. Then the whole system
was equilibrated at 1 K for 100 ps using NPT ensemble and periodic boundary conditions
at all directions. This is for the simplification of discussion and convenience of simulation.
After equilibrium, the initial temperature (1500 K) of thermal shock was applied to the
thermal shock region by velocity rescaling. The whole system was then allowed to evolve
freely in an NVE ensemble. Periodic boundary conditions were only applied to directions
parallel to the thermal shock direction to get rid of boundary effects.

Stress wave induced by thermal shock is a common phenomenon. The sudden expansion
of the thermal shock region caused the first main normal stress peak at the beginning of the
simulation. Fig. 3.14 shows the propagation of normal stress (σx) along the thermal shock
direction. After this stress wave, the stress value returned to a small fluctuation around 0.
It can be inferred from the figure that the speed of the stress wave propagation is about
6150 m/s, which is in good agreement with the speed of sound in steel (6000 m/s) [84].

After the stress wave peak hit the fixed region at about 4.0-4.5 ps, it was reflected back
to the simulation box by the fixed region. This phenomenon is not discussed in this study.

The heat propagation after thermal shock can be seen in Fig. 3.15. There is no significant
difference between these two results where thermal shock happened in different directions.
The temperature in the thermal shock region dropped gradually, and the heat diffused
towards the other end of the simulation box.
According to observation and CNA, no obvious change in nano-structure can be found

after thermal shock. This indicates that the abrupt reheating in the neighboring regions
during SLM simulated by thermal shock in this study does not affect the structure and
properties of the solidified region. This is contrary to the results of the study of Yang et
al. [7] that reheating caused by laser scanning in the neighborhood can result in multiple
types of martensite, which could indicate that the idea of simulating this reheating process
by thermal shock in this study is inappropriate.
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3.5. Thermal Shock

(a) x-direction (b) z-direction

Figure 3.14.: Evolution of the normal stress σx distributions along thermal shock direction.

(a) x-direction (b) z-direction

Figure 3.15.: Temperature change along thermal shock direction.
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4. Conclusions and Outlook

In this study, a serial of MD simulations was performed to investigate the directional
solidification of alloys for additive manufacturing. The melting point of each element
in alloy systems simulated using different potentials was estimated using hysteresis and
coexistence methods. The feasibility of simulating the AlSi10Mg alloy using existing
MEAM potential was discussed, which is denied because of biases in melting temperature,
instability at high temperature, and the inability of solidification of Al element. Simulations
of directional solidification of Al-10 at % Mg system under different temperature setups
were conducted, the results of which were analysed by the CNA. A successful directional
solidification of the 304L stainless steel system was performed, followed by an observation
of the nanostructure of the final configuration. Uniaxial tensile tests and thermal shock
tests were also performed on this final configuration. The following conclusions can be
drawn from the previous discussions:

1. There exists an optimal temperature range for highest nucleation rate.

2. Directional solidification caused heterogeneity in nanostructure.

3. The ultimate tensile strength was higher in x-direction than in z-direction. A residual
stress can be observed in x-direction.

4. TRIP effect and martensitic transformation was observed during the uniaxial tensile
test.

5. Thermal shock simulated in this study did not affect the structure and properties of
directional solidified 304L stainless steel.

This paper can be considered as a preliminary delving for future study on directional
solidification of other alloys. Further improvement can be made in the following ways.
Firstly, the directional solidification study discussed in this paper can be extended to

other alloy systems if potential that can mimic the system’s behavior around the melting
point is available. There are many other alloys popular for AM, such as AlSi10Mg, Ti6Al4V,
stainless steel 316L, etc. However, to the best of the author’s knowledge, currently, there’s
no reliable MEAM potential that can reproduce the nucleation and solidification process of
AlSi10Mg alloy near the melting point. This perhaps is because of the precipitates during
the solidification like β′ phase and β′′ phase have complex nano-structure [85, 86], which
makes the description of precipitation using traditional MEAM potential difficult. Recently,
Kobayashi et al. [87] developed a neural network potential for the ternary Al-Mg-Si system.
The precipitate energy results calculated using this potential are in good agreement with
DFT results. This could be a solution for describing the directional solidification behavior
of the Al-Mg-Si system. For Ti6Al4V, EAM potential for this ternary system is also
unavailable. Potentials for Ti-Al [88], Ti-V [89], Al-V [53] binary systems are available,
though. If enough ab initio data are available, there is the possibility that the MEAM
potentials s for the Ti-Al-V system can be interpolated using these binary potentials [90, 91].
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But this is beyond the scope of this study. The main components of 316L stainless steel
are Fe, Cr, Ni, and Mo. Same as Ti6Al4V discussed above, EAM potential describes the
Fe-Cr-Ni system [62] is available but not available for Fe-Cr-Ni-Mo system. Although Mo
in 316L is only 2-3% weight percent, lack of Mo can lead to no cellular structure after
directional solidification [30].

Secondly, better computational performance means that a larger simulation box containing
more atoms can be simulated in the same time period, which suggests more information
can be obtained from the simulation. Some precipitation can be with the size of tens of
nanometers or larger, an even larger simulation box is needed to study the formation of
them. One important way of accelerating the large-scale MD simulations is using GPU
acceleration. Shibuta et al. [92] developed a parallel GPU code for MD and studied the
heterogeneity in homogeneous nucleation of a cubic simulation box with an edge length of
0.24µm containing one billion atoms.
Thirdly, multiscale modeling and combination of other methods can also be a way of

improvement. The phase-field method is limited by its inability to reproduce nucleation
behavior, whereas the MD method is limited by its expensive computational cost in a
large simulation box. With the help of the multiscale modeling method, it is possible
that simulation of nucleation process using MD combines with the simulation of dendritic
structure growth on large scale using phase field. Fu et al. [93] demonstrated the feasibility
of bridging the multi-phase field model with MD, which enabled better predictions of
melting, solidification, and phase transition process. Moreover, if the MD simulation is
connected to FEM and CFD simulation on a macroscale [12], the simulation will be one
more step closer to the real world by introducing a multi-dimension temperature gradient.
Ninpetch et al. [10] conducted a CFD simulation of temperature behavior during the SLM
process, including complex temperature gradient around the melt pool.

32



A. Acronyms and Abbreviations

AM additive manufacturing
BCC body-centered cubic
CNA common neighbor analysis
EAM embedded-atom method
FCC face-centered cubic
HCP hexagonal close-packed
MD molecular dynamics
MEAM modified embedded-atom method
SLM selective laser melting
TRIP transformation induced plasticity
UTS uniaxial tensile strength
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