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Abstract
Multifunctional materials, which unite different functionalities in the same phase,
have attracted a lot of attention in recent years due to their rich physics and large
variety of potential applications. In particular, the coupling of different functionalities paves the way to novel phenomena as well as enhanced and improved features
in future engineered systems. In this field, the interaction of magnetic and dielectric
degrees of freedom in magnetoelectric compounds is of particular interest, since they
offer the possibility to control the magnetic state via local electric fields, which could
be employed in non-volatile, low-power memory devices. This magnetoelectric interaction is expected to be particularly strong in systems which simultaneously exhibit
both ferromagnetism and ferroelectricity in the same phase, i.e., in so-called intrinsic
magnetoelectric multiferroics. Unfortunately, these materials are scarce in nature.
Attractive alternatives are composite material systems, in which ferromagnetic and
ferroelectric compounds are artificially assembled. These structures, which are referred to as extrinsic multiferroic composite structures, enable large magnetoelectric
effects at room temperature by exploiting the elastic coupling between the two ferroic
constituents.
In this thesis, both concepts are quantitatively studied. In the first part, the physical properties of intrinsic multiferroic BiM O3 (M = Cr, Fe) thin films are discussed
in detail. In particular, for the first time, indications of an enhanced magnetic moment and a strong magnetoelectric coupling at domain walls, separating areas with
different electric surface potentials, are found experimentally in BiFeO3 thin films.
In addition, detailed investigations of the multiferroic ground state of BiCrO3 thin
films are carried out, revealing an antiferromagnetic and antiferroelectric ordering
below around 145 K. However, no indication for a cross-coupling between these order
parameters is observed. Thus, BiCrO3 should be regarded as an intrinsic multiferroic
compound without magnetoelectric interaction.
As discussed in detail in the first part of this thesis, a strong magnetoelectric coupling at room temperature is hardly achievable in intrinsic multiferroic materials,
as the origin of the magnetic and dielectric order is largely independent in most
intrinsic multiferroics. To improve this situation, the second part of this thesis deals
with extrinsic composite structures consisting of ferromagnetic and ferroelectric layers, which are elastically coupled to one another. Two different approaches are
considered. First, free standing ferromagnetic/ferroelectric hybrid structures using BaTiO3 as the ferroelectric layer are examined. In these hybrids, we detect
reversible and irreversible changes of the magnetization for different temperatures
as well as applied electric fields. Second, ferromagnetic/ferroelectric thin film heterostructures fabricated on adequate substrates are investigated, since, for applications, finite magnetoelectric effects in thin film heterostructures are desirable. Our
measurements disclose that magnetoelectric effects are achievable even in extrinsic
multiferroic heterostructures exhibiting elastic constraints due to the rigid substrate.
This demonstrates that, in principle, strain-mediated extrinsic multiferroic composite structures are ready for application in new designed memory cells combining
the best aspects of existing devices.
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Kurzfassung
Multifunktionale Materialsysteme, die unterschiedliche Funktionalitäten vereinen,
haben in den letzten Jahren großes Interesse erlangt, da sie sowohl für die Grundlagenforschung als auch für potentielle Anwendungen interessant sind. Im Besonderen
ermöglicht die Kopplung zwischen verschiedenen Funktionalitäten neue physikalische Phänomene und bietet verbesserte und neuartige Eigenschaften in zukünftigen
technischen Systemen. Die Wechselwirkung zwischen magnetischen und dielektrischen Freiheitsgraden in sogenannten magnetoelektrischen Materialien ist hierbei
von besonderem Interesse, da sie die Möglichkeit bietet, den magnetischen Zustand
über lokale elektrische Felder zu kontrollieren. Dies kann in zukünftigen energiesparenden, nicht flüchtigen Speicherelementen angewendet werden. Die magnetoelektrische Wechselwirkung kann besonders stark in Systemen sein, welche gleichzeitig
eine ferromagnetische und ferroelektrische Ordnung besitzen, d.h. in sogenannten
intrinsischen, magnetoelektrischen Multiferroika. Bedauerlicherweise sind diese Materialien selten. Eine vielversprechende Alternative stellen Komposite dar, welche
ferromagnetische und ferroelektrische Materialien miteinander verbinden. Derartige extrinsische, multiferroische Strukturen nutzen die elastische Kopplung zwischen
den ferroischen Komponenten und ermöglichen dadurch große magnetoelektrische
Effekte bei Raumtemperatur.
Im Rahmen dieser Dissertation werden sowohl intrinsische als auch extrinsische
multiferroische Systeme untersucht. Im ersten Teil der Arbeit werden die physikalischen Eigenschaften von BiM O3 (M = Cr, Fe) Dünnschichten im Detail diskutiert.
Hierbei konnte zum ersten Mal in BiFeO3 Dünnschichten Anzeichen eines vergrößerten magnetischen Momentes und einer stärkeren magnetischen Kopplung an ferroelektrischen Domänenwänden nachgewiesen werden, welche Bereiche mit unterschiedlicher, aus der Filmebene heraus zeigender, elektrischer Polarisationskomponente trennen. Zusätzlich wird eine ausführliche Untersuchung des multiferroischen
Grundzustandes in BiCrO3 Dünnschichten durchgeführt. Unsere Experimente zeigen, dass BiCrO3 für Temperaturen unterhalb von etwa 145 K eine antiferromagnetische und antiferroelektrische geordnete Phase besitzt. Es wurden aber keine Anzeichen einer magnetoelektrischen Kopplung beobachtet. Das bedeutet, dass BiCrO3
als intrinsisches, multiferroisches Materialsystem ohne magnetoelektrische Kopplung
betrachtet werden sollte.
Es hat sich gezeigt, dass eine starke magnetoelektrische Kopplung bei Raumtemperatur in intrinsischen, multiferroischen Materialsystem kaum erreicht werden
kann, da in den meisten intrinsischen, multiferroischen Materialien der Ursprung
der dielektrischen und magnetischen Ordnung verschieden ist. Große magnetoelektrische Effekte können aber in extrinsischen, verbundartigen Systemen erreicht werden, die aus ferromagnetischen und ferroelektrischen Schichten bestehen. Der zweite
Teil dieser Arbeit befasst sich deshalb mit diesen extrinsischen, multiferroischen
Strukturen. Hierbei werden zwei verschiedene Ansätze betrachtet. Als erstes werden
frei stehende ferromagnetische/ferroelektrische Hybridstrukturen untersucht, wobei
BaTiO3 als ferroelektrisches Substrat verwendet wird. In diesen Hybridstrukturen
konnten reversible und irreversible Änderungen der Magnetisierung bei verschiede-
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nen Temperaturen und angelegten elektrischen Feldern erreicht werden. Der zweite
Ansatz behandelt ferromagnetische und ferroelektrische dünne Schichten, die auf ein
geeignetes Substrat aufgebracht werden. Diese Herangehensweise ist besonders für
zukünftige Anwendungen von Bedeutung. Unsere Experimente zeigen, dass trotz
der starken elastischen Bindung der dünnen Schichten an das verwendete unelastische Substrat magnetoelektrische Effekte nachgewiesen werden können. Dies beweist, dass extrinsische, multiferroische Komposite im Prinzip bereit sind für die
Anwendung in zukünftigen Speicherbauelementen, in denen die besten Eigenschaften bestehender Bauteile kombiniert werden.
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Chapter 1
Introduction
The investigation and engineering of novel multifunctional compounds, which exhibit
different functionalities in the same phase, is one of the most fascinating challenges
in todays solid-state physics. The use of such compounds bears the promise for an
enhanced level of functionality and tailorability while decreasing the cost, size, and
power consumption of future engineered systems.
In the field of multifunctional compounds, multiferroic materials, which simultaneously possess at least two long-range ordering phenomena in the same phase [1],
have attracted widespread interest over the last years. In particular, the coexistence
of ferroelectric and ferromagnetic ordering allows to store information in both the
ferromagnetic and the ferroelectric phase, enabling novel device concepts [2]. For
example, the information can be encoded in the direction of the electric polarization
and magnetization, yielding a non-volatile, multi-state memory device [3, 4]. However, these devices may still exhibit the disadvantages of current memories based on
ferroelectric and ferromagnetic ordered phases, such as the destructive read process
in case of ferroelectric memories [5, 6] and the need of large magnetic fields to write
magnetic states [7, 8]. In contrast, an ideal multiferroic memory cell could offer the
possibility to electrically write the magnetic state, which then can be read out in a
non-destructive manner [9]. Such a multiferroic memory concept combines the high
speed of existing electronics with the remanent properties of magnetism and thus
joins the best aspects of existing ferroelectric and magnetic data storage memories.
The realization of such devices requires an electrical control of magnetism, i.e.,
a magnetoelectric coupling, which describes the interaction of the magnetic and dielectric degrees of freedom. Magnetoelectric materials are one example of “smart”
materials in which the coupling of different functionalities produces new phenomena, which are more than just the sum of the original ones, possessing, e.g., sensing
and actuating functions in the same compound [9, 10]. The magnitude of the novel
coupling phenomena between dielectric and magnetic properties is bounded by the
product of the permittivity and the permeability in case of magnetoelectric materials
[11]. Thus, compounds which easily polarize in response of an electric and magnetic
field may exhibit large magnetoelectric effects. This requirement is usually fulfilled
by multiferroic materials. Note, however, that large permittivity and permeability
values are not a prerequisite for a ferroelectric and ferromagnetic behavior, respectively. This means that a finite magnetoelectric coupling is neither always present
in multiferroic compounds, nor that only multiferroics can be magnetoelectrics [8].
In case of magnetoelectric multiferroics, the order parameters are coupled and each
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can be modified by the respective conjugate field of the other [12] (cf. Fig. 1.1(a)).
This paves the way to control the information stored in a memory cell by a local
electric field, i.e., by low power consuming electronics [13]. However, it permits a
fully electrically controlled, non-volatile memory in which data are written and read
by means of electric fields, leading to smaller, more energy-efficient devices [14].
The described concept of a data storage device based on materials exhibiting a
finite magnetoelectric interaction is one prominent example of possible applications
of multiferroic materials [15–18]. One key requirement for such devices is the presence of a strong magnetoelectric interaction at room temperature. This requirement
triggered much activity in searching for new multiferroic materials exhibiting a crosscoupling between the magnetic and dielectric properties. In spite of this tremendous
amount of research, there are only a few multiferroic materials known to date, since
it was shown that the simultaneous presence of ferromagnetism and ferroelectricity
in the same phase tend to be mutually exclusive [19]. Therefore, the definition of
multiferroicity is usually extended to include antiferromagnetic and antiferroelectric
orderings [8]. We adopt this terminology here and label compounds, which belong
to this class of materials, as intrinsic multiferroics in the following. However, the
origin of the magnetic and dielectric order is largely independent in most intrinsic
multiferroics, which results in small magnetoelectric interactions. Therefore, apart
from searching for novel intrinsic multiferroic materials, heterogeneous structures
consisting of two or more constituent materials have been studied extensively in recent years [20, 21]. In such composite structures, a strong magnetoelectric coupling
at room temperature can be achieved via interface-mediated effects even if the constituent materials do not possess a cross-coupling between the magnetic and electric
order parameters. This allows to exceed the intrinsic upper bound of single-phase
magnetoelectric materials. Since the definition of multiferroics is based on singlephase materials [22], we use the term extrinsic multiferroics for composite structures
based on ferroelectric and ferromagnetic constituents.
This thesis deals with both intrinsic (Part I) and extrinsic (Part II) multiferroics,
such that the two most promising concepts to achieve finite magnetoelectric coupling in multiferroic structures can be compared. In searching for new multiferroic
compounds, the first part concentrates on the basic physics of two intrinsic multiferroic materials, providing a better insight on the multiferroic and magnetoelectric
behavior. While these studies are part of the field of material science, we investigate the spin-mechanics concept for the realization of large magnetoelectric effects
in extrinsic multiferroics in the second part of this thesis.
Intrinsic multiferroics
Since various mechanisms determine the properties of intrinsic multiferroic materials, these compounds are usually classified into two main groups, which are denoted
as split-order-parameter multiferroics (type-I) or joint-order-parameter multiferroics
(type-II) [25]. In the former class, the ferroelectric and magnetic order are independent in origin, leading to weak magnetoelectric effects. In contrast, joint-orderparameter multiferroics exhibit a strong magnetoelectric coupling, as magnetism is
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Figure 1.1: Interaction in multiferroics (figure adapted from Refs. [23, 24]). (a) The
ferroic order parameters, ferroelectric polarization (P) and ferromagnetic magnetization (M), can be controlled by their conjugate electric (E) and magnetic (H) fields,
respectively. The P(E) and M(H) dependence is referred to as the principle effect.
Additional interaction channels arise in magnetoelectric multiferroics: cross-coupling
allows to modify the order parameters by the respective conjugate field of the other
ordering phenomena. These interactions are termed as magnetoelectric (dashed line)
and converse magnetoelectric (dash dotted line) coupling. (b) Interaction in multiferroics including ferroelasticity. The strain-mediated manipulation of the magnetization
by electric fields (“spin-mechanics” concept) is highlighted by red arrows.

caused by ferroelectricity or vice versa. Thus, in these materials, the emergence of
a spontaneous electric (magnetic) polarization is a direct consequence of the magnetic (dielectric) order, which might be exploited in future devices. However, the
main drawback of joint-order-parameter multiferroics are the weak values of the
spontaneous electric and magnetic polarizations, which are about three orders of
magnitudes smaller than in single ferroic materials [26]. Furthermore, so far, the
magnetoelectric coupling is restricted to temperatures well below room temperature.
Therefore, in terms of application, split-order-parameter multiferroics appear more
promising.
In the framework of this thesis, we have focused on two split-order-parameter
intrinsic multiferroics. On the one hand, we have studied BiFeO3 thin films. This
compound has recently gained considerable interest, since it is one of the few intrinsic multiferroics, which exhibits a strong ferroelectric and magnetic ordering at
room temperature [13]. In particular, BiFeO3 possesses a large saturation polarization for T . 1100 K [27], which might be exploited to replace existing materials in
the field of ferroelectric memory cells [28]. In addition, an antiferromagnetic order
superimposed by a cycloidal modulation was found below around 640 K. Apart from
the interesting multiferroic behavior of BiFeO3 , an electric control of the magnetic
state was achieved in this compound by changing the direction of the electric polarization [29–31]. The discovery of this effect together with the finding of enhanced
magnetism in the pioneering work on BiFeO3 thin films [32] have triggered renewed
interest in BiFeO3 in recent years [14].
On the other hand, we have studied BiCrO3 , which is an interesting compound
in the perovskite-like family BiM O3 with M = Cr, Mn, Fe, and Co, since it can be
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regarded as an ideal model material to elucidate the role of the Bi cation in driving
multiferroic phase transitions [33]. In this compound, the transition temperatures
are easier to access experimentally than for BiFeO3 . However, little is known about
the multiferroic ground state and possible magnetoelectric effects in BiCrO3 [34–
36], because high quality single crystals are not available up to now. This is a direct
consequence of the metastable chemical phase of BiCrO3 [37].
The fabrication as well as the multiferroic properties of BiFeO3 and BiCrO3 thin
films are discussed in the first part of this thesis, which is organized as follows: After
giving a short introduction into the theory of intrinsic multiferroics in Chapter 3,
the physical properties of intrinsic multiferroic BiFeO3 and BiCrO3 thin films grown
using pulsed laser deposition are examined in detail in Chapter 4 using macroscopic
and microscopic probe techniques. Since it was shown that the dielectric and magnetic properties of BiFeO3 depend strongly on extrinsic effects, such as parasitic
phases and the used buffer layer [38], we put much effort on the fabrication of highly
crystalline BiM O3 (M = Cr, Fe) thin films on SrRuO3 -buffered SrTiO3 substrates
as well as directly on Nb-doped SrTiO3 crystals. In these high-quality samples, for
the first time, we observed large variations of the magnetic stray field in BiFeO3
thin films in regions, where the electrostatic potential changes its value. Therefore,
our results suggest an enhanced magnetoelectric coupling at ferroelectric domain
walls in these thin films. In case of BiCrO3 thin films, our experiments demonstrate an antiferroelectric and antiferromagnetic ground state without a measurable
cross-coupling between these ordered phases. Thus, BiCrO3 should be considered as
intrinsic multiferroic material system possessing an antiferromagnetic and antiferroelectric ordered phase. In spite of the tremendous research activities in the field
of intrinsic multiferroics and in particular of BiFeO3 , there are still open questions
remaining, which are addressed in Chapter 5.
Extrinsic multiferroics composite structures
The second part of this thesis is devoted to extrinsic multiferroic composite structures. These are heterogeneous systems, in which the existing properties are enhanced, or new effects are created by the interaction between the constituents.
Within the extrinsic multiferroic composites, a substantial manipulation of the
magnetization by electric fields at room temperature is possible using composite
structures consisting of ferroelectric and ferromagnetic materials, which are elastically coupled at their interface [20]. In such extrinsic multiferroics, an electric
field applied to the ferroelectric layer results in an expansion or contraction of its
shape caused by converse piezoelectric effects. Due to the intimate contact of the
ferroelectric and ferromagnetic constituents, this distortion is mechanically transferred into the ferromagnetic layer and entails a variation of the magnetization due
to converse magnetostriction. In this “spin-mechanics” scheme, the magnetization
of the ferromagnetic layer can be manipulated by an electric field applied to the
ferroelectric constituent, which results in an indirect strain-mediated magnetoelectric coupling (cf. Fig. 1.1(b)). These strain-mediated, magnetoelectric composite
structures can be realized by either magnetic nanoparticles or magnetic pillars em-

5
bedded in a ferroelectric material, or by horizontal alternating ferroelectric and
ferromagnetic layers, which are denoted as 2-2 type composites [21]. In the framework of this thesis, only 2-2-type horizontal structures were investigated by using
free standing ferroelectric/ferromagnetic composite hybrid structures as well as thin
film heterostructures consisting of ferromagnetic and ferroelectric layers fabricated
on adequate substrates.
The discussion of extrinsic multiferroic composite structures in the second part of
this thesis is organized as follows: First, an overview about magnetoelectric composite structures is given in Chapter 6, followed by the discussion of the materials
chosen for the ferroelectric and ferromagnetic layers (Chapter 7). While for the
ferroelectric layer BaTiO3 is used through out this thesis, polycrystalline as well as
single crystalline thin films consisting of different materials, such as Ni, Fe50 Co50 , and
Fe3 O4 , were employed as the ferromagnetic layers. In addition, the ferromagnetic
double perovskite Sr2 CrReO6 was used, due to its giant magnetostrictive effects
caused by an unquenched Re orbital moment. In Chapter 8, the manipulation of
the magnetization as a function of temperature and electric field is discussed in free
standing ferromagnetic/BaTiO3 composite hybrid structures. Since the physical
properties were found to be strongly dependent on the ferroelastic domain configuration in the BaTiO3 crystal, a control of ferroelastic domains is mandatory
to quantitatively control the magnetization state of the ferromagnetic layer. For
the first time, the temperature and electric field dependence of the magnetization in
ferromagnetic/BaTiO3 hybrids were calculated in an ab-initio manner taking advantage of miscut BaTiO3 substrates. For applications, the realization of magnetoelectric effects in thin film heterostructures consisting of ferromagnetic and ferroelectric
layers fabricated on adequate substrates are essential. Thus, in Chapter 9, the
fabrication and multiferroic properties of 2-2 type horizontal ferromagnet/BaTiO3
heterostructures on Nb-doped SrTiO3 substrates is discussed. In spite of the strong
elastic coupling between the BaTiO3 layer and the rigid SrTiO3 substrate, a finite
magnetoelectric effect in FeCo/BaTiO3 multiferroic heterostructures was observed
around the magnetic coercive field. The second part of this thesis clearly shows
that reversible and irreversible manipulations of the magnetization by local electric
fields are feasible at room temperature. However, some important issues, which are
discussed in Chapter 10, remain to be solved for practical applications.

Chapter 2
Experimental techniques
In this chapter, we present the experimental techniques used in the framework of this
thesis. First, the fabrication of polycrystalline and epitaxial thin films as well as the
structural characterization of these films employing electron and x-ray diffraction
techniques are discussed. Since the aim of this thesis was the investigation of materials and hybrid structures, which simultaneously exhibit a magnetically as well as a
ferroelectrically or antiferroelectrically ordered phase, both magnetic and dielectric
characterization methods were applied to attest their multiferroic behavior. To this
end, the dielectric properties were probed on a macroscopic and microscopic scale.
Furthermore, various physical methods were used to reveal the magnetic properties
of these thin films. In particular, changes of the magnetic properties as a function
of an applied electric field, i.e., converse magnetoelectric effects, were investigated
using newly designed sample holders and improved experimental techniques.

2.1 Thin film growth and structural characterization
In the field of solid-state physics, one of the most fascinating challenges is the discovery and application of novel functional materials including artificially designed
compounds and heterostructures. This field has been driven largely by the development and understanding of new growth and characterization techniques, which have
offered new insight on the physical mechanisms of these compounds. In the course of
this thesis, different deposition techniques were applied: electron beam evaporation,
sputtering, and pulsed laser deposition (PLD). These techniques have many similarities, but do also differ substantially with respect to the underlying physics [39].
In the case of electron beam evaporation, the material is evaporated in a vacuum
chamber by means of an electron beam, and then condenses on a substrate. Electron
beam evaporation can therefore be classified as a thermal deposition technique, in
which the impinging particles have a kinetic energy of the order of 0.1 eV. This technique was mainly applied to fabricate polycrystalline Ni and Fe50 Co50 thin films.1
In contrast, Au thin films, which were used as electrode materials, were deposited
on the respective samples by DC-sputtering using a commercial setup [41]. In this
instance, positive ions stemming from an electrical discharge are accelerated onto a
solid target material, from which atoms with energies between 10 eV and 100 eV are
ejected due to a momentum transfer from the accelerated particle to the atoms of
1

The electron beam evaporation system used during this thesis is described in detail in Ref. [40].
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Figure 2.1: (a) Schematic illustration of the pulsed laser deposition (PLD) process (see
text for more details). The inset shows an image of a plasma plume (figure adapted
from Ref. [46]). (b) The PLD system has been continuously upgraded during the
course of this thesis. In particular, a new optical path with a telescope lens system
was developed in cooperation with M. Althammer and T. Brenninger. The new system
allows to control the laser power density in a well controlled way and extends the range
of the laser fluence on the target to 0.5 − 5.5 J/cm2 (see Ref. [47] for more details).
The PLD is part of an ultra-high vacuum cluster system for thin film growth, including
a sputter chamber, a metallization chamber based on electron beam evaporation, a
surface characterization chamber with a UHV scanning force microscope, and a loadlock chamber.

the target material [42]. However, to fabricate high-quality epitaxial thin films of
oxide materials, pulsed laser deposition is one of the best-suited methods [43]. Since
all epitaxial thin films discussed in this thesis are fabricated using this technique,
the pulsed laser deposition is briefly introduced in the following section.

2.1.1 Pulsed laser deposition
Pulsed laser deposition (PLD) is a powerful method to fabricate epitaxial thin films
of complex oxides.2 The main advantage of this technique is the versatility, allowing
to fabricate different material systems in one and the same setup. Therefore, it is a
cost effective method for exploring a wide range of materials. The PLD process can
be divided into three parts, which are repeated at each laser pulse: (i) vaporization
of the target material, (ii) transport of the vapor plume to the substrate, and (iii)
the thin film growth process on the substrate.
The first step of the deposition is the impact of a high energy laser pulse on the
surface of a polycrystalline target. In the PLD system used in the present study
(cf. Fig. 2.1), the laser pulse is generated by a KrF excimer laser (λ = 248 nm) with
a repetition rate between 0.5 − 10 Hz and focused on the target using an optical system of different lenses, which allows to continuously vary the energy density at the
target surface from 0.5 J/cm2 to 5.5 J/cm2 . Assuming an energy density of 2 J/cm2
and a duration of the laser pulse of 20 ns, the power density can be estimated to
2

The reader is referred to Refs. [39, 42, 44, 45] for more details on recent advances in pulsed-laser
ablation-based techniques.
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around 108 W/cm2 , which is more than enough energy to ablate all materials [45].
As schematically shown in Fig. 2.1 (a), the targets are mounted on a target holder,
which offers the possibility to select one of five different materials without breaking vacuum. The targets were fabricated by solid-state reactions, as described in
Refs. [48–51].3 The absorption of the laser radiation by the surface of the target
results in a complex process including evaporation, ablation, excitation, plasma formation and exfoliation of the target material, which is driven by the conversion of
the electromagnetic energy of the laser radiation first into electronic excitations, followed by a transformation into thermal, chemical, and even mechanical energy [45].
During this process, a plasma plume is formed, which consists of species with different energies, such as atoms, molecules, electrons, ions, and even clusters of atoms.
One of the major disadvantages of the PLD process is the ejection of macroscopic
particles commonly labeled as “laser droplets”. These droplets are caused by three
phenomena, namely subsurface boiling, recoil ejection, and exfoliation [42]. However, using an appropriate optical system to focus the laser beam on the target, the
density of droplets can be minimized (cf. Ref. [52]).
The second step of the thin film growth is the expansion of the nascent erosion
plasma towards the substrate. During this process, the plasma adiabatically cools
down to temperatures of around 3000 − 5000 K [42]. The angular distribution of the
plasma plume can be described by a cosn θ function and consists of two components.
The first contribution is mainly caused by thermal energy with n = 1 and tends
to be non-stoichiometric as in conventional thermal evaporation of complex oxides.
However, the main component can be fitted with values of n = 4 − 14 [45], which
depends strongly on the laser fluence and on the pressure of the ambient atmosphere.
This sharp component of the plasma plume is closely stoichiometric and contains
particles with kinetic energies up to around 100 eV, depending on the material used.
The large kinetic energy of the particles is a key feature of PLD which may give
rise to resputtering effects at the substrate. Therefore, the plasma species are often
thermalized through multiple collisions using an ambient background atmosphere.
Furthermore, in case of oxide materials, O2 is usually used as background gas to
compensate possible oxygen vacancies in the thin film.
The final step of the PLD process is the thin film growth on a substrate, which can
be described as a result of a number of microscopic processes, such as adsorption, diffusion and desorption of adatoms [39]. All these processes are strongly dependent on
the kinetics of the system, which is determined by the deposition rate, the substrate
temperature, the background pressure, etc., resulting in different growth modes. In
our PLD system, these parameters can be automatically controlled (cf. Ref. [46] for
more details). Since nucleation on the substrate can occur at step edges, defects,
etc., a careful pretreatment of the substrate surface is mandatory for the growth of
high quality thin films. For example, a TiO2 termination of (001) oriented SrTiO3
3

In the case of Sr2 CrReO6 thin films, the target was made in an oxygen-getter-controlled technique
to ensure a stoichiometric compound, which was established during this thesis (see the diploma
thesis of Oliver Sanganas [49] for more details). Furthermore, non-stoichiometric Bi1+x FeO3
and Bi1+x CrO3 targets with x = 0.05, 0.10, 0.15, and 0.20 were used to compensate for the loss
of Bi due to its high volatility.
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substrate surfaces can be obtained following the procedure developed by Koster and
coworkers [53], which was further improved by Ohnishi et al.[54]. This uniquely
defined substrate surface forms a well defined basis for the thin film growth on
SrTiO3 .4
In the literature, three major thin film growth modes are distinguished: (1)
Volmer-Weber or island growth, (2) Frank-Van der Merwe or layer-by-layer growth,
and (3) Stranski-Krastanov growth. In the case of Volmer-Weber growth, clusters
nucleate directly on the substrate surface and then grow into three-dimensional islands. This process can be explained by a stronger bonding of the deposited atoms
to each other than to the substrate. In contrast, the layer-by-layer growth mode
or Frank-Van der Merwe mode describes the deposition of a thin film, where a new
monolayer starts to grow only after the previous one is complete, resulting in a twodimensional growth. In this case, the deposited atoms are more strongly bonded to
the substrate than to each other. The intermediate case is called Stranski-Krastanov
growth. Here, the growth process starts in a layer-by-layer growth mode, which becomes energetically unstable at a certain film thickness and the growth is continued
in a three-dimensional island growth. The different growth modes are usually characterized by the strength of the substrate, film, and vapor interfacial energy using
a simple thermodynamic model (see, eg., Ref. [45]). However, since the growth process is by definition a non-equilibrium process [58], it should be described by rate
equations accounting for the kinetics and the microscopic pathway. Therefore, the
understanding and control of the growth morphologies requires a detailed knowledge of the atomistic processes involved. In particular, atomic diffusion events like
terrace, interlayer, exchange and edge diffusion, which are determined by specific
activation barriers, are important. However, the calculation of the nucleation and
growth of thin films far away from thermodynamic equilibrium is demanding. The
reader is referred to Refs. [39, 58, 59] for more details on this issue.

2.1.2 Reflection high energy electron diffraction
The most powerful tool to monitor the growth modes during thin film deposition
is reflection high energy electron diffraction (RHEED). Within this technique, an
electron beam with energies between 10 − 20 keV and current of around 100 µA is
directed to the sample surface under an incident angle of around 1 − 3◦ .5 Due to the
grazing incidence geometry, the penetration depth of the electron beam is less than
4

A TiO2 termination of (001) oriented SrTiO3 substrate surfaces can be obtained by an etching
step using NH4 F − HF buffered HF acid followed by an annealing treatment in an oxygen
atmosphere at 950 ◦ C for 1 h. For BaTiO3 substrates, the first step is not appropriate, since it
is well known that in ferroelectrics the positive and negative ends of domains etch at a different
rate [55, 56]. Therefore, only the annealing step was carried out before the growth process,
resulting in a mixture of BaO and TiO2 at the surface of BaTiO3 substrates. However, the
TiO2 -terminated surface of BaTiO3 was found to be energetically more favorable than the
BaO-terminated one by recent theory calculations, suggesting that the BaTiO3 surface mostly
consists of TiO2 terminated regions after the annealing process [57].
5
For more information about the RHEED system used during this thesis, see Refs. [46, 60, 61].
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Figure 2.2: (a) Schematic illustration of the reflection high energy electron diffraction
(RHEED). The RHEED patterns discussed in the course of this thesis are recorded
with the incident electron beam aligned along the [110] direction of the substrate. The
Ewald sphere construction is described in the text. For electrons with an energy of
15 keV, the radius of the Ewald sphere is k0 ≈ 630 nm−1 , which is much larger than
the dimension of the reciprocal lattice unit. Therefore, in reality, the Ewald sphere
is almost a planar cut through the first Brillouin zones of the reciprocal lattice. (b)
Expected response of electron diffraction from surfaces exhibiting a different amount of
disorder: (i) perfect surface in the case of Frank-Van der Merwe layer-by-layer growth
mode, (ii) thin film with weak roughness, and (iii) three dimensional Volmer-Weber
growth mode.

a few nm. Therefore, RHEED is strongly surface sensitive and the probed volume
can be approximated to be two-dimensional [62]. In this limit, the reciprocal lattice
degenerates into a set of one-dimensional parallel, regularly spaced, infinitely thin
rods perpendicular to the surface. Considering only elastic scattering, the direction
of the constructive interference is given by the crossing points of these rods with
the
√ Ewald6 sphere, which is determined by the incident wave vector |k0 | = k0 =
1
2m0 E. These points lie on concentric circles, which are called Laue circles. The
~
Ewald sphere construction is schematically shown in Fig. 2.2(a).
Accordingly, finite intensities of the scattered electron beam from a perfect thin
film surface, which is grown by a layer-by-layer growth mode, can be observed at
distinct angles on the RHEED screen and the intensity can be described by a delta
distribution (cf. (i) in Fig. 2.2(b)). However, in reality, these spots are broadened due
to the limited resolution of the RHEED system and the finite size of the investigated
crystal.
In case of a weak surface disorder (cf. (ii) in Fig. 2.2(b)), the reciprocal lattice rods
broaden and the intensity is given by a delta distribution superimposed by a diffuse
peak caused by the presence of disorder [63]. Therefore, the intensity recorded at
a certain angular position on the RHEED screen depends strongly on the surface
coverage: A minimum of the intensity occurs at half coverage of the surface layer,
while the intensity is maximum, if the two dimensional layer consisting of charge
neutral blocks is completely covered. Thus, intensity oscillations are observed in
6

The relativistic correction is neglected, since it amounts less than 3 %.
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a true layer-by-layer growth mode. Since in reality substrates are not perfectly
flat and exhibit steps and terraces, a two dimensional growth mode can occur, if the
atoms adhere at surface steps (step-flow growth). This is normally the case at higher
substrate temperatures compared to the deposition parameters for the layer-by-layer
growth mode, leading to a higher mobility of the adatoms. In this case, the surface
morphology does not change appreciably resulting in a constant intensity evolution
of the recorded RHEED reflection as a function of growth time.
In contrast to a two dimensional growth process, the three dimensional VolmerWeber growth mode results in a large surface roughness. Here, the RHEED pattern is a consequence of electron transmission through three dimensional islands
(cf. (iii) in Fig. 2.2(b)). To sum up, Fig. 2.2 reveals that RHEED is a powerful
technique to in-situ monitor the growth process of complex oxides. The reader is
directed to Refs. [62, 64] for more details on this technique.

2.1.3 X-ray diffraction techniques
Not only information about the morphology of the thin film structure, but also about
the structural properties can be derived by the RHEED technique. For example,
the relaxation of the epitaxial strain can be monitored during the growth process
by measuring the distance of the corresponding diffraction spots [62]. However,
since RHEED is a surface sensitive method, the structural information is limited
to the first monolayers of the thin film. The most powerful method to get detailed
information about the structure of the whole volume of the thin film is x-ray diffraction. In the course of this thesis, x-ray diffraction measurements were carried out
using a Bruker D8 Discover four-circle x-ray diffractometer (cf. Fig. 2.3(a)), which
is equipped with a Cu tube source, a Göbel mirror to collimate the divergent xray beam, a Ge channel-cut monochromator, and a NaI scintillation detector. To
be able to apply an electrical voltage as well as to modify the temperature of the
sample, a new sample holder was built, which is shown in Fig. 2.3(a). This sample
holder enables to perform x-ray diffraction measurements in a temperature range
from 150 K to 500 K.7 However, as standard x-ray tube sources produce only about
107 photons per second (ph/s) and emit them in a divergent and unpolarized manner (cf. Fig. 2.3(d)), synchrotron radiation offers several advantages compared to
conventional x-ray tubes: It provides a high incident flux of photons, it is both lowdivergence and linearly polarized, and the x-ray energy can be tuned over a large
range. To exploit these properties, x-ray diffraction measurements were carried out
in cooperation with Dan Mannix (CNRS Grenoble) at the European Synchrotron
Radiation Facility (ESRF) beamline BM28 [65] as well as at the Diamond light
source (beamline I16) [66]. Both beamlines cover an energy range of the incident
photons of around 3 − 15 keV focusing the x-ray diffraction on a sample area of
0.5 × 0.5 mm2 and 0.2 × 0.05 mm2 , respectively. As shown in Figs. 2.3(b) and (c),
the BM28 beamline is equipped with a 11-axes and the I16 beamline with a 6-axes
kappa diffractometer. However, the emission sources for the high flux synchrotron
7

The reader is referred to the diploma thesis of Daniel Pantel for more information about the new
sample holder [70].
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Figure 2.3: X-ray diffraction setups used in the framework of this thesis: (a) Bruker D8
Discover four-circle x-ray diffractometer, (b) Huber 11-axes diffractometer installed at
the BM28 beamline at the European Synchrotron Radiation Facility (ESRF) [65], and
(c) 6-axes kappa diffractometer located at the I16 beamline at the Diamond light source
[66]. A new sample holder was designed for the Bruker D8 Discover diffractometer,
which allows to apply an electric field across the investigated sample during the x-ray
diffraction measurement and to modify the temperature of the sample within 150 K <
T < 500 K. The x-ray diffraction setups shown in (a)-(c) use different radiation sources.
The Bruker D8 Discover is equipped with a standard Cu-x-ray source (d). The BM28
beamline is located at a bending magnet (BM) (e), while the I16 beamline uses an invacuum undulator (U27) (f) as emission source (figures adapted from Refs. [67, 68]).
(g) The quality of each radiation source is quantified by its brilliance [69]. Apart
from the high brilliance of the x-ray radiation at the BM28 and I16 beamline, a large
energy range enclosed by the vertical dashed lines is usable. This enables to investigate
weak x-ray diffraction phenomena by tuning the energy of the x-ray beam close to an
absorption edge of a thin film element, which results in a resonant enhancement of the
intensity. (h) As an example, energy scans close to the Cr K-absorption edge at around
5.985 keV carried out at the pseudo-cubic (0.75 0.75 0.75)pc reflection of a 46 nm thick
BiCrO3 thin film are shown without (black symbols) and with a LiF analyzer in a σ-π 0
scattering geometry. While the incident beam is linearly polarized perpendicular to the
diffraction plane (σ), the scattered wave has components parallel (π 0 ) or perpendicular
(σ 0 ) to this plane (see inset).
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radiation are different at both beamlines. The beamline BM28 at the ESRF is located at a bending magnet (cf. Fig. 2.3(e)), which produces a photon flux of around
1010−11 ph/s with a horizontal (H) and vertical (V) divergence of ≈ 1 mrad and
≈ 0.1 mrad, respectively. At the I16 beamline at the Diamond light source, an
in-vacuum undulator U27 (cf. Fig. 2.3(f)), which consists of a periodic structure
of dipole magnets and results in a significant enhancement of the photon flux to
1014 ph/s as well as a reduction of the radiation divergence to ≈ 0.1 mrad (H) and
≈ 0.001 mrad (V), is used. The figure of merit for the comparison between various sources of x-rays is its brilliance. The brilliance, which is measured in units of
ph/(s · mm2 · mrad2 · 0.1% bandwidth), is a quantity related to the intensity (ph/s),
the collimation of the beam, the beam size, and the spectral distribution. As evident from Fig. 2.3(g), the I16 beamline has the highest brilliance in the whole
used energy range (cf. vertical dashed lines in Fig. 2.3(g)). Furthermore, Fig. 2.3(g)
demonstrates the importance of synchrotron radiation, since it exhibits an increase
of the brilliance of about 10 orders of magnitudes than those of standard laboratory
x-ray tubes. Moreover, a large energy range of x-ray photons can be used. This
offers the possibility for the investigation of weak x-ray diffraction phenomena, such
as charge and orbital ordering, or magnetic scattering, by tuning the energy of the
x-ray beam close to an absorption edge of a thin film element, which results in a
resonant enhancement of the intensity. As an example, Fig. 2.3(h) shows the result
of an energy scan around the Cr K-absorption edge carried out at the pseudo-cubic
(0.75 0.75 0.75)pc reflection of a 46 nm thick BiCrO3 thin film at the I16 beamline. A
clear enhancement of the intensity near the K-absorption edge at around 5.985 keV
is observable.
In principle, diffraction effects occur if electromagnetic radiation with wavelengths
comparable to the interatomic distances in crystals impinges on the periodic structure of a crystal and constructive and destructive interference should become observable. In the kinematic theory of elastic scattering the intensity can be expressed
as [71]
ˆ
I=

2

ρ(r) exp(ıqr)dV

∝ |F (q, ω) · G (q)|2 ,

(2.1)

where ρ(r) denotes the total electron density at point r and q = kf − ki describes
the scattering vector, which is defined by the wave vector difference of the initial ki
and finial kf wave vector. Making use of the periodicity of the lattice, the intensity
can be rewritten as a function of the structure factor F (q, ω) and the lattice factor
G (q) with

F (q, ω) =

X
j

fj (q, ω) exp (ıq · rj ) , G (q) =

X

exp (ıq (m1 a1 + m2 a2 + m3 a3 )) .

mi

(2.2)
The structure factor F (q, ω) is given by the atomic form factors fj of the jth atom
with position rj in the unit cell of the lattice. fj is a measure of the scattering
amplitude of waves by a single atom. In contrast, the lattice factor G (q) only
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describes the periodicity of the lattice with T = m1 a1 + m2 a2 + m3 a3 . a1 , a2 ,
and a3 denote the unit
P vectors. For infinite crystals (−∞ < mi < +∞), G (q)
yields Ginfinite (q) ∝
hkl δ (q − Ghkl ), which is an alternative formulation of the
Laue equation q = Ghkl for the Bragg diffraction. In this case, a finite intensity is
observed only if the scattering vector q is equal to a reciprocal lattice vector Ghkl .
In reality, this delta-shaped scattering intensity contribution is smeared out mainly
owing to the finiteness of the crystal (0 ≤
 of the
Qmi ≤2N − 1, N denotes2 the number
unit cells), which leads to Gfinite (q) ∝ i sin (N q · ai /2) / sin (q · ai /2) . Thus,
in case of scattering by a perfect crystal of finite thickness, intensity oscillation
fringes close to the Bragg peaks are observed. From simulations of these fringes,
among others, the thickness of the crystal can be obtained. However, Gfinite (q)
reveals, that a finite intensity is also observed apart from Bragg peaks, which is
labeled as diffuse scattering. In general, diffuse scattering arises from imperfection
of a perfect infinite crystal. These imperfections can be classified into two groups
according to Krivoglaz [72, 73]. While in case of weak defects (point defects and their
clusters, small precipitates of another phase in the crystal lattice) the diffracted wave
contains coherent and diffuse components, scattering by strong defects (dislocations
and their pile-ups) results in a diffuse component only [74]. These imperfections
do not only give rise to diffuse scattering, but also affect the Bragg reflection. In
the vicinity of a defect, which creates a slight variation of the atomic bond lengths
and interplanar spacings d, the crystal lattice is distorted resulting in microstrains
causing a broadening of the Bragg reflections [68]. To analyze this effect, the peak
broadening caused by the finite size of the crystal as well as by the microstrain have
to be separated.
The Williamson-Hall plot is one method to separate size and strain broadening of
(00l)-reflections (l = 1 − 4) in the out-of-plane direction. Assuming that the peak
profile has a Gaussian shape, the integral breadth βmeas , which is given by the area
2
=
of the peak divided by its height, is mainly caused by three contributions: βmeas
2
2
2
βsize + βstrain + βinstr , where βsize , βstrain , and βinstr denote the peak broadening by
the finite thickness of the thin film, the inhomogeneous strain, and the instrumental
resolution of the diffractometer, respectively [75]. Using the Scherrer equation of
2
S
, the integral breadth β = βmeas − βinstr yields β 2 = βsize
+
the form βsize = hDiKcos
θ

2
KS λ
2
βstrain
= hDi
+ (2KD rms tan θ)2 , where hDi, KS , λ, and θ denote the average
cos θ
crystallite size, the Scherrer constant, the x-ray wavelength,
and the diffraction
p
angle, respectively. The root mean square strain rms = h2 i is a function of the
normalized variation of the interplanar spacing ∆d
as well as a scaling factor KD ,
d
which depends on the nature of the lattice distortions and the underlying model of
the microstrain [68]. Using the momentum transfer q = 4π
sin θ, the above equation
λ
yields
2



(∆K) = K̃S

2

+ (KD rms K)2 ,

(2.3)

where q = 2πK and KS = K̃S hDi. Therefore, the Williamson-Hall plot of (∆K)2
versus K 2 should give a straight line that allows to determine KD rms from its slope.
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However, Eq. (2.3) is based on the assumption that size broadening does not depend
on the length of the scattering vector whereas strain broadening does [68]. Moreover,
the Williamson-Hall method was developed for polycrystalline materials rather than
for thin films. Therefore, the derived values of the mean micro strain KD rms using
the Williamson-Hall method should be considered as first estimate. Ungár and
coworkers modified the classical Williamson-Hall plot by including a dislocation
contrast term, which depends on the Miller indices hkl of the reflection, the Burgers
vector, the scattering vector, and on elastic constants of the material [76]. In this
case, the average microstrain takes a defined meaning and is now among others
proportional to the square root of the dislocation density [68].
Apart from imperfection of the crystal, the peak profiles from Bragg reflections
are affected by instrumental settings like the emission profile of the x-ray source,
the monochromators used, the widths, and other factors. These effects are merged
into βinstr , which is determined by investigating the peak profile of the Bragg reflections caused by the corresponding substrate. In addition, the x-ray beam might be
displaced with respect to the center of the diffractometer. This strongly affects the
x-ray diffraction measurements in particular in the context of the precise determination of the lattice parameters. Since the fractional error in the lattice interplanar
spacing d, which is a function of the lattice parameter of the crystal, caused by a
given error in the diffraction angle θ approaches zero for θ → 90◦ , high order Bragg
reflections, which are located close to 2θ = 180◦ , should be used for the calculation of the lattice parameters of the investigated sample. However, in this case the
systematic error can not be eliminated entirely, because a reflected beam can not
be observed for a diffraction geometry with 2θ = 180◦ . This situation is improved
by plotting the measured lattice constants for different order reflections against an
analytical function depending on θ. This function should be chosen such that the
curve results in a straight line, which may be extrapolated with confidence [77]. In
our case, the Nelson-Riley (N R) function [78]
∆d
∝ NR =
d



cos2 θ cos2 θ
+
sin θ
θ


(2.4)

is used, which mainly corrects the experimental data in the case of off-centering
of the sample and absorption effects. Equation (2.4) reveals, that N R approaches
zero for θ → 90◦ . Therefore, the precise lattice parameter can be obtained from the
y-axis intercept of the Nelson-Riley plot (d versus N R).8
As discussed in the framework of Eqs. (2.1) and (2.2), the scattering intensity is
characterized not only by the lattice factor G (q) but also by the structure factor
F (q, ω). The latter quantity is mainly depending on the atomic form factor fj ,
which is in general a complex function:
(oa)

fj = fj
8

(a)

+ fj ,

(2.5)

Due to statistical error, the data are scattered around the expected straight line in a NelsonRiley plot. This additional error can be reduced by applying the Cohen method described in
Ref. [77].
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(oa)

where fj describes the normal (non-resonant) atomic form factor, which is determined by the Fourier transform of the electron density as well as the orbital and
spin magnetization densities of the jth atom.9 The complex part of the atomic
(a)
form factor (fj = fj0 + ıfj00 ) is the resonant scattering factor, which is sensitive
to the x-ray photons that are absorbed by the photoelectric effect. If the energy
of the incoming photons is close to an electronic resonance, it interacts with the
(a)
corresponding bound core electrons and is absorbed. Therefore, fj is strongly frequency dependent and is sensitive to the electronic structure of the scattering atom
and its surrounding. This yields valuable information about the spin and orbital
moments. In case of magnetic materials, the real part of the scattering amplitude fj0
corresponds to resonant magnetic scattering, while the imaginary part fj00 gives rise
to x-ray magnetic circular dichroism. Furthermore, since the scattering amplitude
is highly dependent on the polarization of the incident and scattered wave vector,
the contribution due to charge, orbital, or magnetic scattering can be separated. In
this sense, a linear basis (eσ , eπ ) is a common choice. For more details on x-ray
scattering and absorption by magnetic materials, the reader is referred to the book
of S. W. Lovesey and S. P. Collins [79]. As an example of resonant x-ray scattering,
Fig. 2.3(h) shows the result of resonant x-ray scattering experiments around the Cr
K-absorption edge carried out at the beamline I16 at the Diamond light source on
a 46 nm thick BiCrO3 film.10

2.1.4 Transmission electron microscopy
In the field of thin film deposition, the investigation of the crystalline symmetry and
the unit cell structure can be obtained by x-ray diffraction analysis. However, using
this technique, the information about the variation of local structures due to defects
or fluctuations, which give rise to diffuse scattering, is usually smoothed out. In this
case, real-space analysis methods support the structural information obtained by
x-ray diffraction techniques. In this sense, transmission electron microscopy (TEM)
is a useful method.11 In the framework of this thesis, TEM images of our thin films
were recorded by Sven-Martin Hühne (Universität Bonn). The measurements were
carried out on a Philips CM300 TEM operating at 300 keV, which is described in
detail in Ref. [81].

2.2 Dielectric characterization techniques
As this thesis deals with multiferroic thin films and hybrid structures, the investigation of its magnetic and dielectric properties is mandatory to test their multiferroic
behavior. As a first step, the dielectric properties were probed on a macroscopic
scale using a commercial tester as well as a LCR meter. Furthermore, piezoelectric
9

Non-resonant magnetic scattering is much weaker than the usual charge scattering.
Resonant x-ray diffraction experiments on BiCrO3 thin films are under further investigation.
11
The reader is referred to a recent review on TEM for more details on this technique [80].
10
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Figure 2.4: (a) Measurement setup used for the investigation of the dielectric behavior of
multiferroic as well as single-ferroic ferroelectric compounds. The electronic assembly,
which was built-up in the framework of this thesis, consists of a commercial ferroelectric tester (TF Analyzer 2000 HS, aixACCT Systems) as well as an LCR meter
(HP 4284A, Hewlett Packard) and a dedicated dip-stick. The TF Analyzer 2000 HS
ferroelectric tester consists of a ferroelectric probe head (FE module) connected to the
basic unit (TF 2000). The use of a new sample holder, which can be inserted into
a magnet cryostat, enables temperature (2 K . T ≤ 300 K) as well as magnetic field
(|µ0 H| = 8 T) dependent measurements of the dielectric behavior (see Ref. [84] for
more details). (b) The ferroelectric tester uses the virtual ground method, which eliminates parasitic cable capacitances Cpu and Cpi , to perform dynamic and static P (E)
hysteresis measurements [85]. The parasitic stray capacitance Cps is compensated as
described in Ref. [86]. Moreover, a dynamic leakage current compensation method is
implemented in the measurement software to reduce parasitic effects due to leakage
currents [87]. In case of multiferroic or single-ferroic ferroelectric thin films, the device
under test (DUT) is patterned into a parallel plate capacitor geometry as schematically
shown in (c).

force microscopy was employed to get detailed information on a nanometer length
scale.

2.2.1 Macroscopic dielectric characterization techniques
On a macroscopic scale, a commercial ferroelectric tester (TF Analyzer 2000 HS,
aixACCT Systems) [82] as well as a LCR meter (HP 4284A, Hewlett Packard)
[83] were used as probe equipment to investigate the dielectric properties of our
intrinsic multiferroic thin films as well as extrinsic multiferroic composite structures (cf. Fig. 2.4(a)). The TF Analyzer 2000 HS system provides several standard
ferroelectric measurement techniques, such as dynamic and static P (E) hysteresis
measurements, fatigue, retention and imprint measurements as well as leakage current measurements, which are described in Refs. [70, 82, 85]. The most common
ones to characterize ferroelectric or antiferroelectric compounds are dynamic and
static P (E) hysteresis measurements, in which the current response to an applied
electric excitation signal is recorded. The ferroelectric test module of the TF Analyzer 2000 HS setup (cf. FE module in Fig. 2.4(a)) is based on the virtual ground
method displayed in Fig. 2.4(b), which is an improved version of the original Sawyer-
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Tower circuit [88] and enables the highest precision for ferroelectric measurements
[85]. In particular, parasitic capacitances such as cable capacitance Cpu and Cpi
(cf. Fig. 2.4(b)) are eliminated employing the virtual ground circuit. Furthermore,
the parasitic stray capacitance Cps , which is parallel to the device under test (DUT),
is compensated within the TF Analyzer 2000 HS as described in Ref. [86].
In case of multiferroic as well as single-ferroic ferroelectric thin films, the respective
sample is patterned into the structure shown in Fig. 2.4(c). Since the diameter of
the top electrode is 200 µm and since the thin films used in the course of this thesis
are thinner than 350 nm, a considerable amount of leakage current, which strongly
influences the P (E) hysteresis measurements [89], is unavoidable. This parasitic
effect is reduced using the unique dynamic leakage current compensation method
(DLCC), which is implemented in the measurement software. The DLCC takes
advantage of the different frequency dependencies of the current response caused by
dielectric displacement, ferroelectric switching, and leakage currents [87].
In addition to large signal P (E) hysteresis measurements, reversible parts of the
ferroelectric polarization switching process can be obtained by small signal capacitance versus voltage C(V ) measurements carried out using the LCR meter HP
4284A [90]. Furthermore, relaxation phenomena such as Debye or Maxwell-Wagner
relaxation can be investigated by frequency dependent measurements of the real εr
and imaginary εi part of the permittivity [91]. More details on this issue can be
found in the diploma thesis of Daniel Pantel [70].

2.2.2 Microscopic dielectric characterization techniques
As the diameter of the top electrodes used for macroscopic P (E) hysteresis measurements are as large as 200 µm, the signal recorded during these measurements
is based on the current response of more than 750000 ferroelectric domains in case
of BiFeO3 thin films (cf. Fig. 4.17) and therefore an average quantity. To get precise information on the ferroelectric domain structure, piezoelectric force microscopy
(PFM) measurements on our samples were performed by Denny Köhler (Technische
Universität Dresden).12 PFM is based on the linear coupling between electrical and
mechanical phenomena, i.e., the converse piezoelectric effect. More precisely, a tip is
brought into contact with the surface of the sample and the piezoelectric response is
detected, while a periodic bias voltage is applied to the tip. Within this technique,
information on the polarization direction as well as on the local electromechanical
activity can be obtained by analyzing the phase and the amplitude of the tip deflection signal, respectively. Moreover, PFM allows for a simultaneous acquisition
of both topographic and piezoelectric responses of the investigated sample surface.
Two different setups were used to reveal the piezoelectric response of our samples:
a room temperature and low temperature ultra-high vacuum (UHV) system. The
former setup provides information on the in-plane as well as out-of-plane domain
structure, while the latter is only sensitive to the out-of-plane PFM component due
12

A summary about the recent progress in applications of piezoresponse force microscopy (PFM)
can be found in Ref. [92].
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to experimental restrictions. The reader is referred to the PhD thesis of Denny Köhler for a detailed description of the PFM technique and the different PFM setups
[93].

2.3 Magnetic characterization techniques
Different techniques were employed to investigate the magnetic properties of multiferroic thin films as well as composite structures consisting of ferromagnetic and
ferroelectric layers. In particular, the magnetic response was examined not only as
a function of external magnetic fields but also under different electric fields, i.e.,
detecting converse magnetoelectric effects.

2.3.1 SQUID magnetometry
One of the most sensitive techniques to measure the overall magnetic moment is
SQUID magnetometry, since it is based on a superconducting quantum interference
device (SQUID) detection system, which allows to precisely convert variations of
the magnetic flux into voltage changes. The basic operation mode, which can be
divided into three steps, is shown in Fig. 2.5(a). First, the magnetic flux is detected
using a pick-up coil in the shape of a second order gradiometer, which suppresses
any constant magnetic flux as well as first order gradient magnetic fields. In the
second step, the magnetic flux is transferred to a rf SQUID device and converted to
a voltage signal. Finally, this signal is amplified by the instrument electronics and
the voltage versus sample position curve is fitted using the fit function described
in Ref. [95]. From this fitting procedure, the projection of the magnetic moment
along the gradiometer axis and thus along the external magnetic field, which is
proportional to the amplitude of the SQUID voltage response curve, is obtained. To
increase the sensitivity to around 10−11 Am2 , the sample can be periodically moved
up and down through the pick-up coil and the SQUID output signal is analyzed
using lock-in techniques (RSO mode).
In order to examine magnetoelectric effects, new sample holders were designed
in the framework of this thesis, which allow to apply an electric voltage across the
investigated sample. Since the pick-up coil is a second order gradiometer, a sample holder will produce no signal as long as it is homogeneously extended over the
whole length of the pick-up coil. Therefore, the main challenge for the design of a
new SQUID sample holders is to ensure the homogeneity in shape and size, which
is fulfilled in our case. The magnetic measurements are by far more affected by
the magnetic properties of the substrates used for the thin film deposition than by
the sample holder. These contributions are corrected using the magnetic behavior at high magnetic fields, at which the investigated thin film is expected to be
magnetically saturated.
Since the SQUID magnetometer yields information about the projection of the
magnetic moment on the applied magnetic field, angle-dependent measurements
were carried out to reveal the magnetic anisotropy of the sample. To this end,
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Figure 2.5: (a) Schematic illustration of the SQUID magnetometer MPMS XL-7. The
magnetometer is based on a SQUID detection system, which is a highly sensitive fluxto-voltage converter. The MPMS XL-7 system provides a magnetic field of |µ0 H| ≤
7 T and temperatures in a range of 1.8 K ≤ T ≤ 400 K. In the framework of this
thesis, new sample holders were designed, which allow to apply an electric voltage
±V across the sample. (b) To carry out angle-dependent magnetization measurements
as a function of applied magnetic and electric fields at different temperatures, the
magnetometer was equipped with a horizontal rotator. Electric contacts were installed
to record angle-dependent magnetization measurements as a function of the applied
electric field. (Figures (a) and (b) adapted from Ref. [24]) (c) Following Borisov et al.
[94], the linear converse magnetoelectric effect was measured taking advantage of the
ac-option of the MPMS XL-7 SQUID magnetometer. To this end, the ac coil (dashed
lines) was short circuited and its power supply was used as an ac current source to
apply an ac voltage, which drops across the load resistance R, on the investigated
sample. The magnetic response on the voltage was then detected by the ac-option of
the magnetometer employing a lock-in-technique. The measurements were performed
using an ac frequency in the range of 1 ≤ f ≤ 10 Hz.

the magnetometer was equipped with a horizontal rotator, which is schematically
depicted in Fig. 2.5(b). In this case, the sensitivity is decreased by about one order of
magnitude, since the sample is moved through the second order gradiometer in a step
mode (dc mode). Again, electric contacts were installed to record angle-dependent
magnetization measurements as a function of the applied electric field.
To reveal the linear converse magnetoelectric effect, we followed Borisov et al. [94]
and took advantage of the ac-option of our SQUID magnetometer (cf. Fig. 2.5(c)).
Here, the basic idea is to use the power supply of the ac coil to drive the investigated
sample and detect its magnetic response by the SQUID setup employing a lock-in
technique. Within this technique, all options of the magnetometer remain available.
In particular, the two-point method used for conventional ac measurements, allows to
increase the accuracy of the detection, since it nulls all spurious signals (cf. Ref. [95]
for more details).

2.3.2 Ferromagnetic resonance
Ferromagnetic resonance (FMR) is a common method to elucidate the magnetic
anisotropy of ferromagnets. It is based on the resonant absorption of microwave
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radiation in a system of strongly interacting spins. In case of ferromagnets exposed
to a static external magnetic field, FMR occurs at a given frequency at which the
magnetization precession is resonantly excited. The precession takes place around
an effective magnetic field, which comprises the external magnetic field and internal effective fields due to exchange interaction and magnetic anisotropies. Thus,
FMR provides substantial information, among others, about the magnetic anisotropy
present in the ferromagnet. All FMR data presented in this thesis were obtained by
using a commercial Bruker ESP 300 system located at the Walter Schottky Institut,
which operates at a constant frequency of 9.3 GHz. The FMR is detected while
sweeping the magnitude of the static external magnetic field. At resonance, the first
derivative of a resonance line (e.g., a Lorentzian in the simplest case) is observed,
since magnetic field modulation and lock-in detection is used. Please refer to the
PhD thesis of Andreas Brandlmaier for more details on the theory of ferromagnetic
resonance as well as the Bruker ESP 300 system [24].

2.3.3 Angle-dependent magnetotransport
Angle-dependent magnetotransport measurements are another powerful tool to determine the magnetic anisotropy of a ferromagnetic sample, in particular on a local scale. To this end, standard four-point magnetotransport measurements were
carried out,13 yielding longitudinal ρxx and transverse ρxy resistivities, which were
measured parallel and perpendicular to the in-plane applied current density J = Jj,
respectively.
Following Birss [98] and Limmer et al. [99], the relationship between an electric
field Ei (i = 1, 2, 3) and an applied current density Jj (j = 1, 2, 3) in the presence
of a magnetic field Hk (k = 1, 2, 3) can be, in general, non-linear and is described
by14
Ei = ρij Jj + Rijk Jj Hk + ... .

(2.6)

However, if the external magnetic field is high enough to saturate the ferromagnetic
sample, Ohm’s law Ei = ρij Jj becomes valid and the resistivity tensor ρij can be expressed as series expansion in powers of the direction cosines mi of the magnetization
Mi = Ms mi , where Ms denotes the saturation magnetization:
ρij = aij + akij mk + aklij mk ml + aklmij mk ml mm + ... .

(2.7)

aij , akij , aklij , and aklmij are galvanomagnetic tensors, which have to comply with
the symmetry of the investigated crystal, according to Neumann’s principle. In
case of isotropic media, such as polycrystalline ferromagnetic thin films, where the
magnetization is confined in the film plane, the longitudinal ρxx and transverse ρxy
13

The reader is directed to the diploma theses of Matthias Althammer [96] and Michael Wagner
[97] for more details on this technique.
14
Summation over repeated indices is assumed throughout this thesis (Einstein summation convention).
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resistivities can be derived by averaging over all possible crystal orientations in space
[97, 99]:15
ρxx = ρ0 + ρ1 cos2 Θ , ρxy = ρ2 sin Θ cos Θ ,

(2.8)

where Θ denotes the angle between the current density J and the magnetization M.
The resistivities ρ0 , ρ1 , and ρ2 are related to the components of the galvanomagnetic
tensors aij , akij , aklij , and aklmij for cubic symmetry as follows [99]:
1
(3a1111 + 2a1122 + 2a2323 ) ,
5
1
ρ1 = ρ2 = (2a1111 − 2a1122 + 3a2323 ) .
5
ρ0 = a11 +

(2.9)

Therefore, Eq. (2.8) depends only on Θ and is in agreement with the classical dependence of the planar Hall effect in isotropic media [100]. Since the magnetization
aligns in such a way that the energy density of the system takes its minimum value,
the angle Θ can be calculated. Thus, using an appropriate description for the magnetic behavior of the system, the magnetic anisotropy can be derived from Eq. (2.8)
by performing angle-dependent magnetotransport measurements, in which the angle
of the applied magnetic field is varied with respect to the direction of the current
density j.

2.3.4 Magnetic force microscopy
As discussed above, angle-dependent magnetotransport measurements require a saturated magnetic state, i.e., a single-domain state, to reveal the magnetic anisotropy
of the investigated sample. However, since the natural domain structure of the
investigated sample recorded at zero external field contains a variety of information concerning the material properties, such as the exchange interaction, magnetic
anisotropy, magnetoelastic effects, and even magnetoelectric interactions, the investigation of the domain structure on a microscopic scale is worth to be studied. In
this sense, magnetic force microscopy (MFM) is a common tool to image magnetic
domains with high spatial resolution. MFM is a special method in the field of noncontact scanning force microscopy. In the dynamic mode, the magnetic tip located
at a finite distance above the surface of the sample oscillates with a certain amplitude, exhibiting a phase shift with respect to the driving signal in the presence of
a variation of the near-surface magnetic stray field of the investigated sample. The
change in the detected frequency of the tip motion is here proportional to the second derivative of the magnetic field in out-of-plane direction. The experimental data
discussed in the course of this thesis were measured by Denny Köhler (Technische
15

In the course of this thesis, the conventional notation of the longitudinal ρxx and transverse ρxy
resistivities is used. In general, ρxx and ρxy are defined as ρxx = j · % · j and ρxx = t · % · j with %
denoting the resistivity tensor as well as J = Jj and t = n × j, where n describes the surface
normal.
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Universität Dresden) using a commercial low temperature UHV-AFM, which is described in detail in Ref. [93]. In multiferroic materials, which exhibit a magnetic and
dielectric order, the tip is not only affected by magnetic but also by electric forces,
the contribution due to surface charges has to be subtracted from the measured
signal, to reveal the pure magnetic behavior of the sample. This was carried out by
simultaneously measuring the surface potential of the sample by Kelvin probe force
microscopy (KPFM). The procedure is discussed in detail in Ref. [93].

Intrinsic multiferroic materials

Chapter 3
Theory of intrinsic multiferroics
“Materials should exist, which can be polarized by a magnetic field and magnetized by an electric field.”
Pierre Curie (1894)
Intrinsic multiferroic materials combine two or more of the primary ferroic ordering phenomena in the same phase. Considering time reversal and space inversion
symmetries, the primary ferroic properties can be identified as ferromagnetic, ferroelectric, ferroelastic, and ferrotoroidic. While in ferroic materials, the ferroic order
parameter changes with its conjugate field, e.g., magnetic (electric) fields change
the magnetization (electric polarization) state, in magnetoelectric multiferroics, a
magnetic (electric) field can tune the electric polarization (magnetization). This
cross-coupling between the magnetic and electric phases is of great interest both
for basic physics as well as for technological applications in the field of multifunctional devices, in which the low power and high speed of field-effect electronics are
combined with the remanent properties of electric field controlled ferromagnetism.
The magnetoelectric effect was first conjectured by Pierre Curie in 1894 [101].
More than half a century later, Landau and Lifshitz developed symmetry requirements for this new effect [102]. On that basis, Dzyaloshinskii predicted a finite
magnetoelectric effect in antiferromagnetic Cr2 O3 in 1960 [103], which was later
on confirmed experimentally by Astrov [104]. However, the maximum value of the
linear magnetoelectric coupling in Cr2 O3 was found to be only 4.13 ps/m. This corresponds to the magnetization obtained after the reversal of only five of every 106
spins in the antiferromagnetic lattice [105]. This smallness of the magnetoelectric
effect suppressed the research activities in this field for 30 years. Recently, a revival
of magnetoelectric effects has occurred, not only due to possible applications for
data storage, but also due to developments in the understanding of the microscopic
origin [105, 106].
In this chapter, the theory of intrinsic multiferroic materials, which exhibit finite
magnetoelectric effects, is introduced in a four dimensional relativistic formulation.
On the basis of the covariant formulation of classical electromagnetism, a general
four dimensional susceptibility tensor, which covers dielectric, magnetic, and magnetoelectric behavior can be established. Therefore, the dielectric, magnetic, and
magnetoelectric effects can be regarded as different manifestations of one general
property.
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3.1 Linear magnetoelectric effect
The direct (converse) magnetoelectric effect is generally defined as the induced electric polarization (magnetization) of a material in an applied magnetic (electric) field.
[102]. Following O’Dell’s treatment of the electrodynamics of magnetoelectric media
[107], the dielectric, magnetic, and magnetoelectric properties of a medium can be
considered as different aspects of one property. In the theory of classical electromagnetism, the three dimensional electric field E as well as the magnetic field B are
defined in terms of the vector potential A and the scalar potential φ as follows:
B=∇×A

(3.1)

∂A
.
(3.2)
∂t
While the scalar potential φ is implicitly defined by the previous equation, the vector
potential A is only determined up to the gradient of a scalar field. In the covariant
formulation of classical electromagnetism, the scalar and the vector potential can
be unified by introducing the four-dimensional vector potential Aµ = (φ/c, A). On
the basis of this vector potential Aµ , a four-dimensional field tensor F µν (µ, ν =
0, 1, 2, 3) can be defined as the four-dimensional curl of the
vector potential Aµ

∂
1
[107], which yields F µν = ∂ µ Aν − ∂ ν Aµ with ∂ µ = c ∂t , −∇ . By using Eqs. (3.1)
and (3.2), the components of the contravariant field tensor F µν are given by [108]


0
−1/cE1 −1/cE2 −1/cE3
 1/cE1
0
−B3
B2 
.
(3.3)
F µν = 
 1/cE2
B3
0
−B1 
1/cE
−B2
B1
0
3
E = −∇φ −

F µν is antisymmetric (F µν = −F νµ ) and therefore possesses six independent components. Since the constitutive relation in vacuum between the electric and magnetic
field vectors and the two excitation vectors is given by D = ε0 E and H = µ10 B, a
four-dimensional excitation tensor Gµν can be constructed by F µν = µ0 cGµν , which
yields


0
−D1
−D2
−D3
 D1
0
−1/cH3 1/cH2 
.
Gµν = 
(3.4)
 D2 1/cH3
0
−1/cH1 
D3 −1/cH2 1/cH1
0
However, the simple relation depicted in the previous equation is only valid in vacuum. In the general case of a magnetic and electric polarizable medium, this equation must be extended to F µν = µ0 c (Gµν + M µν ), where M µν denotes the fourdimensional polarization tensor:


0
P1
P2
P3
 −P1
0
−1/cM3 1/cM2 
.
M µν = 
(3.5)
 −P2 1/cM3
0
−1/cM1 
−P3 −1/cM2 1/cM1
0
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Now, assuming a linear response of the magnetic and electric polarizable medium on
the applied electromagnetic fields, the polarization tensor M µν and the field tensor
αβ
F µν are connected via a general susceptibility tensor ξµν
in the following way
1 αβ µν
F .
(3.6)
µ0 cM αβ = ξµν
2
αβ
. As
The constant µ0 c is included in Eq. (3.6) to obtain a dimensionless tensor ξµν
µν
µν
αβ
F and M are antisymmetric tensors (cf. Eq. (3.3) and Eq. (3.5)), ξαβ must be
antisymmetric in µν and αβ, which leads to
µν
νµ
νµ
µν
ξαβ
= −ξαβ
= ξβα
= −ξβα
.

(3.7)

Applying the summation over µ and ν and accounting for the asymmetric behavior
µν
, the electric polarization Pi and the magnetization Mi can be obtained from
of ξαβ
Eqs. (3.3)-(3.7) (i, j = 1, 2, 3):
(e)

Pi = − µ01c2 χij Ej
(me)

Mi = + µ10 c χij Ej
(e)

(m)

(me)

(em)

The 3 × 3 tensors χij , χij , χij , and χij


(e)

χij

(me)

χij
(e)

01
01
ξ01
ξ02
02
02
=  ξ01 ξ02
03
03
ξ02
ξ01
 23 23
ξ01 ξ02
31
31
ξ02
=  ξ01
12
12
ξ01
ξ02


01
ξ03
02 
ξ03
,
03
ξ03

23
ξ03
31 
ξ03
,
12
ξ03

1 (em)
χ Bj
µ0 c ij
1 (m)
+ χij Bj .
µ0

(3.8)

+

(3.9)

µν
are related to ξαβ
in the following way:


01
01
01
ξ23
ξ31
ξ12
(em)
02 
02
02
ξ12
ξ31
,
χij = −  ξ23
03
03
03
ξ23 ξ31 ξ12
 23 23 23 
ξ23 ξ31 ξ12
(m)
31 
31
31
ξ12
ξ31
.
χij =  ξ23
12
12
12
ξ23 ξ31 ξ12


(3.10)

(m)

χij and χij can be identified as the electric and magnetic susceptibility tensors.
(e)
(e)
While χij is identical to the conventional electric susceptibility tensor χ̃ij defined by
(e)
(m)
Pi = µ01c2 χ̃ij Ej except for a change in sign,1 the magnetic susceptibility tensor χij
(m)

is clearly different from the conventional one, which is defined as Mi = χ̃ij Hj in
(m)
the linear response theory. However, Equation (3.9) reveals that χij is determined
(m)
by Mi = µ10 χij Bj in the absence of magnetoelectric effects. O’Dell showed that the
new representation will correspond to the conventional one when the medium is only
weakly magnetic [107]. In addition to the pure electric and magnetic behavior, a
finite electric (magnetic) polarization can be induced by magnetic (electric) fields, if
the material under consideration is magnetoelectric. The direct and converse effects
(em)
(me)
are thereby characterized by the susceptibility tensors χij and χij , respectively.
1 (e)
χij

is measured at constant Bi and differs from that measured at constant Hi in the presence
of magnetoelectric effects.
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Since Eq. (3.6) is only valid in the limit of the linear response theory, the behavior
(em)
(me)
arising from χij and χij is named linear magnetoelectric effect. As the lin(em)
(me)
µν
, χij and χij
ear magnetoelectric effect is part of the general susceptibility ξαβ
are treated as dimensionless tensors. However, in literature, considerable confusion
exists regarding the unit of the linear magnetoelectric effect (see Ref. [109] and references therein). In the course of this thesis, the induced polarization (magnetization)
caused by direct (converse)
q magnetoelectric effects is normalized by the vacuum
impedance R0 = µ0 c = µε00 ≈ 377 V/A resulting in a dimensionless quantity. How(em)

(em)

ever, since χij is often expressed in units of s/m, 1c χij is used to compare the
derived magnetoelectric coupling constants with literature values.
By representing pairs of indices by a single one (01 = 1, 02 = 2, 03 = 3, 23 = 4,
µν
31 = 5, and 12 = 6), the general susceptibility tensor ξαβ
can be represented as a
6 × 6 matrix [110]:
(e)

µν
ξαβ

=

(em)

χij
−χij
(m)
(me)
χij
χij

!
.

(3.11)

αβ
Equation (3.11) reveals that the general susceptibility tensor ξµν
covers the dielectric,
magnetic and magnetoelectric behavior of the material.

3.2 Symmetry considerations
µν
The antisymmetric behavior in µν and αβ of the general susceptibility tensor ξαβ
was already used for the calculation of the tensor components of the four 3 × 3
(em)
(me)
(m)
(e)
tensors χij , χij , χij , and χij (see Eq. 3.10). However, the intrinsic symmetry
µν
of ξαβ
can be revealed following Ref. [111] to be highly symmetric with respect to
an interchange of its upper (µν) and lower (αβ) indices.
µν
By assuming that the elements of the susceptibility tensor ξαβ
are constant, the
total differential of the Gibbs free energy density g can be represented in the following
way [110]

c
1
αβ
dg = − Fαβ dM αβ = −
Fαβ ξµν
dF µν ,
2
4µ0

(3.12)

where dM αβ was substituted by Eq. (3.6) and Fαβ is defined as Fαβ = gαε gβη F εη .
gαε = gαε denotes the metric tensor, which takes the form


gαε


+1 0
0
0
 0 −1 0
0 
,
=
 0
0 −1 0 
0
0
0 −1

(3.13)

using a Cartesian coordinate system. Since dg is a perfect differential, Eq. (3.12)
yields
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1
∂g
1
αβ
αβ
=−
.
(3.14)
Fαβ ξµν
gαε gβη F εη ξµν
=−
µν
∂F
4µ0
4µ0
Furthermore, as the components of the electromagnetic fields Bi and Ei are treated
as independent variables [111], Eq. (3.14) becomes
∂ 2g
1
αβ
.
gαε gβη ξµν
=−
µν
εη
∂F ∂F
4µ0

(3.15)

A similar derivation yields
∂ 2g
1
αβ
gαµ gβν ξεη
.
(3.16)
=−
εη
µν
∂F ∂F
4µ0
Using the definition of a perfect differential, Eqs. (3.15) and (3.16) can be equated,
which results in
αβ
αβ
.
= gαµ gβν ξεη
gαε gβη ξµν

(3.17)

Employing the properties of the metric tensor gαε = gεα in a Cartesian coordinate
system, such as gγε gεα = δαγ with the four-dimensional Kronecker delta δαγ (δαγ = 1
for γ = α and δαγ = 0 otherwise), Eq. (3.17) can be written as
γδ
αβ
ξµν
= gγε gδη gαµ gβν ξεη
.

(3.18)

By choosing γ = µ = 0 and δ 6= 0, ν 6= 0 as well as γ 6= 0, δ 6= 0, µ 6= 0, and
γδ
υ 6= 0, Eq. (3.18) reveals that ξµν
is symmetric with respect to an interchange of its
upper (γδ) and lower (µν) indices. The former represents the situation of the electric
(e)
(e)
(e)
0i
susceptibility χij = ξ0j
(cf. Eq. (3.10)) and leads to the symmetry χij = χji :
(e)

(e)

0j
0i
αβ
= g0ε giη gα0 gβj ξεη
= ξ0j
= χji .
χij = ξ0j

(3.19)
(m)

The latter typifies the case of the magnetic susceptibility tensor χij and reveals the
(m)
(m)
same symmetry as for the electric susceptibility: χij = χji . Therefore, applying
(e)
(m)
µν
the intrinsic symmetry of ξαβ
to the electric χij and magnetic susceptibility χij
tensors, the well known symmetric behavior of these two tensors appears, reducing
the independent components to six of either kind [112]. In contrast, Eq. (3.18)
(me)
(em)
reveals that the magnetoelectric tensors χij and χij are not symmetric, but
(me)
(em)
they are the transpose of one another χij = χji (cf. Eq. (3.10)).
(me)
(em)
Thus, the magnetoelectric susceptibility tensors χij and χij include symmetric
(a)
αij and antisymmetric αij parts:
(me)

χij

(a)

= αij + αij .

(3.20)

(a)

The nonzero antisymmetric components αij can be identified with the presence of
a toroidal moment T [1, 113, 114]:
(me)

χij

(me)

− χji

(me)

= χij

(em)

− χij

∝ εijk Tk .

(3.21)
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E
Ps
Pt

−E
E

P
−P
P

B
B
−B

(me)

M
M
−M

χij

(me)
−χij
(me)
−χij

(em)

χij

(em)
−χij
(em)
−χij

βijk

γijk

−βijk
βijk

γijk
−γijk

Table 3.1: Electric E and magnetic B fields, order parameters (P and M), and magne(me)
(em)
toelectric tensors (χij , χij , βijk , and γijk ) under space Ps and time Pt inversion.
The table is adapted from Ref. [116].

The toroidal moment arises from at least two non-collinear magnetic moments, or
spins in the elementary cell with opposite direction, i.e., magnetic vortices [1, 109,
115].2
Because the magnetoelectric tensors are not symmetric, nine independent com(me)
(em)
ponents of χij and χij exist. However, the investigated crystal usually exhibits
a certain symmetry, which further reduces the number of independent components.
More fundamentally, the linear magnetoelectric effect is only observed in crystals,
which break time and space symmetry. This is evident by examining the Gibbs free
energy density g under space and time inversion. Using Eq. (3.12), g can be written
as
− g = g0 +

1
αβ µν
Fαβ ξµν
F ,
4µ0

(3.22)

which yields in the linear response theory

− g = g0 −

1 (m)
1 (em)
1 (me)
1 (e)
χij Ei Ej + χij Bi Bj +
χij Bi Ej +
χ Ei Bj . (3.23)
2
µ0 c
µ0
µ0 c
µ0 c ij

The magnetic and electric fields as well as the respective order parameters transform under space and time inversion, which can be described by the parity operators
Ps and Pt , as shown in Table 3.1. Therefore, since the Gibbs free energy density
g has to be invariant upon these transformations, the linear magnetoelectric effects
can only be observed in states where both time reversal and space inversion symmetries are broken. This is a fundamental symmetry requirement for the observation
of finite linear magnetoelectric effects. As an example, the simultaneous violation
of time reversal symmetry and spatial inversion symmetry occurs in magnetically
and ferroelectrically ordered systems. Higher order magnetoelectric effects, such
as the electrobimagnetic βijk [117] and the magnetobielectric γijk effects [118] are
also included in Table 3.1. These effects can even be detected in systems with no
magnetic order (βijk ), exhibiting an even transformation under time reversal, or
in centrosymmetric magnetic materials prohibiting spontaneous polarization (γijk ),
leading to an even spatial symmetry. More details concerning higher order magnetoelectric coupling can be found in Refs. [119, 120]. Since higher-order effects can
play an important role only at relative high fields or if the linear magnetoelectric
(me)
(em)
tensor vanishes χij = χij = 0, these effects are neglected in the following.
2

The existence of the toroidal moment Tk is sill controversially discussed (see Ref. [109]).
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The symmetry considerations discussed above do not allow to draw any conclusions about the strength of the magnetoelectric coupling. An upper bound on the
magnitude of the linear magnetoelectric effect can be derived from the thermodynamic stability requirement. The free energy density of Eq. (3.23) must have a
minimum at E = B = 0 so that the Hessian matrix has positive eigenvalues [121].
The Hessian matrix Hij of g(E, B) reads
!
1 (e)
1 (em)
2
χ
χ
c ij
2 ij
.
(3.24)
Hij =
(m)
1 (me)
µ0 c
χ
cχij
2 ij
Equation (3.24) has to be positive definite, which leads to an upper limit of the
magnetoelectric effect [115]:
q
(em)
(e) (m)
χij
. χii χjj .
(3.25)
A stronger condition can be obtained using second-order thermodynamic perturbation theory [11]:
q
(e) (m)
(em)
(3.26)
χij < χii χjj ,
where dielectric responses were neglected. Therefore, the linear magnetoelectric
coupling is expected to be large in ferroelectric and/or ferromagnetic materials.3
It is worth noting that Eq. (3.26) is not a sufficient condition for the presence of
linear magnetoelectric effects. These effects can also be observed in materials with
(e) (m)
χii χjj  1, such as antiferromagnets (e.g. Cr2 O3 ) or frustrated spin systems. On
the other hand, a high geometric mean of the corresponding electric and magnetic
susceptibilities does not necessarily imply a large or even any linear magnetoelectric
coupling.

3.3 Multiferroics
(e)

Equation (3.26) suggests that materials exhibiting simultaneously large electric χii
(m)
and magnetic χjj susceptibilities are good candidates for the appearance of a notable magnetoelectric effect. This requirement is fulfilled in most ferroelectric and
ferromagnetic materials. Therefore, the search for compounds, which possess ferroelectric and ferromagnetic ordering in the same phase, is the main challenge in the
field of intrinsic magnetoelectric materials. Such systems are called multiferroics:
“Crystals can be defined as multiferroic when two or more of the primary
ferroic properties are united in the same phase.”
Hans Schmid
Primary ferroic properties can be defined following the nomenclature of Newnham
[122] and Schmid [1, 22]. A ferroic crystal contains two or more possible orientation
3

(e)

Note that a large χii is not a prerequisite for a material to be ferroelectric (or vice versa), and
(m)
similarly ferromagnets do not necessarily possess large χjj .
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Figure 3.1: (a) Primary ferroic order parameter under space and time inversion according
to Refs. [22, 123]. (b) In the absence of ferroelasticity, 31 point groups are possible
in each primary ferroic state permitting a spontaneous polarization Pis , magnetization
Mis , and toroidization Tis . Among these, 13 groups intersect allowing either a finite
spontaneous polarization and magnetization, a finite magnetization and toroidization,
or a finite polarization and toroidization in the same phase (light-red area). However,
only 9 point groups admit all three kinds of primary ferroics (red area). Note that
velocity v can be replaced by linear momentum p or spontaneous toroidization Tis with
equal transformation properties [22].

states or domains, which can be switched from one state to another under a suitably
chosen driving force. On the basis of this definition, four different primary ferroic
properties, which are depicted in Fig. 3.1(a), can be identified with respect to space
and time inversion. A ferroelastic crystal has two or more orientation states differing in spontaneous strain sij . Using external mechanical stress, reversible switching
between these states can be achieved. As evident from Fig. 3.1(a), ferroelasticity is
invariant under both time and space inversion. In contrast, the ferroelectric order
parameter, i.e., the spontaneous electric polarization Pis , changes sign under spatial
inversion but remains invariant under time reversal. This results from the finite
time independent charge separation created by the spontaneous electric polarization
Pis . In contrast, ferromagnetism corresponds to a spontaneous magnetization Mis ,
a quantity that changes sign under time reversal but remains invariant under space
inversion. As schematically shown in Fig. 3.1(a), we may consider the magnetic
moments of atoms in a magnetic material to be the result of electric current loops,
which reverse direction when time is reversed. The fourth primary ferroic state,
ferrotoroidicity, changes sign under both space or time inversion in accordance with
the magnetoelectric effect. The classical example of a toroidal moment is a solenoid
that is bent into a torus. In this example, the current induces a circular magnetic
field inside the solenoid, giving rise to a toroidal moment perpendicular to the magnetic field [115]. Figure 3.1(a) reveals that ferrotoroidicity does not only give rise
(me)
to antisymmetric contributions to the magnetoelectric tensor χij (cf. Eq. (3.21)),
but seems to be an elementary part of primary ferroics.
In multiferroic materials, two or more of these ferroic properties are unified in
the same phase. However, as Fig. 3.1(a) suggests, the occurrence of different ferroic ordering in the same compound requires symmetry constrictions. In the ab-
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Figure 3.2: Classification of insulating oxides in terms of magnetical and electrical polarizability, after [8, 15]. The compounds BiFeO3 and BiCrO3 , which are discussed in
this part of the thesis, are marked in red.

sence of ferroelasticity, 31 point groups are possible in each primary ferroic state
(see Fig. 3.1(b)) permitting a spontaneous polarization Pis , magnetization Mis , and
toroidization Tis . Among these 31 point groups, 13 groups intersect allowing simultaneously either a finite spontaneous polarization Pis and magnetization Mis , a finite
magnetization Mis and toroidization Tis , or a finite polarization Pis and toroidization
Tis in the same phase. However only 9 point groups admit all three kinds of primary
ferroics (Mis , Pis , and Tis ) [22]. This low number reflects the rareness of multiferroic
compounds.
Considering only magnetically and electrically polarizable materials, few compounds in the class of oxide materials are known to be multiferroic (see Fig. 3.2).4
Therefore the question arises, why there are so few magnetic ferroelectrics [19]?
This can be answered regarding compounds with perovskite structure ABO3 . In
these materials, the transition metal d electrons, which are responsible for conventional magnetism, play an important role, since they reduce the tendency for
off-center ferroelectric distortion. In ferroelectric materials (e.g. BaTiO3 ) exhibiting no d electrons (d0 ), the short range repulsion between adjacent electron clouds,
which favors the paraelectric symmetric structure, is small and the bonding, which
might stabilize the ferroelectric phase, is large. Therefore, even in the absence of an
applied electric field, the stabilizing forces associated with the polarization of the
ions when displaced are stronger than the short-range repulsive ion-ion interactions.
Needless to note, that ferroelectric materials have to be electric insulators, which
is fulfilled with d0 . However, if there are no d electrons creating localized magnetic
moments, no long range ferromagnetic ordering can exist [19]. Therefore, magnetic
ferroelectrics seem to be chemically incompatible, since ferroelectricity is favored by
d0 -ness and conventional ferromagnetism requires d electrons. This conclusion is
reflected in Fig. 3.2. Consequently, other mechanisms must be considered to create
4

The dielectric and magnetoelectric behavior of BiMnO3 is still discussed controversially.
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ferromagnetism and ferroelectricity, respectively. However, a considerable number of
compounds exhibiting a ferroelectric order are simultaneously magnetically polarizable. These materials are mainly antiferromagnetics/ferroelectrics. To incorporate
these materials, the definition of the term multiferroic is commonly extended to
include antiferroelectric and antiferromagnetic compounds.
Multiferroic materials can be further classified depending on the microscopic mechanism of ferroelectricity. Ferroelectric order can be caused by hybridization effects,
geometric constraints and/or electronic degrees of freedom (spin, charge or orbital)
[124]. In this thesis, we follow the classification of multiferroic compounds as introduced by Cheong and Mostovoy [25].

3.3.1 Lone pair multiferroics
Lone pair multiferroics based on the perovskite structure ABO3 are characterized by
A site ions with stereochemically active 6s2 lone-pairs (A = Bi3+ , Pb2+ ). They cause
hybridization between the 6p orbitals of the A site ion and the oxygen 2p orbitals
and drive the off-centering of the B cation towards the neighboring anions resulting
in ferroelectricity [125]. Examples of this class of multiferroics are the compounds
BiM O3 (M = Cr, Fe). However, since the ferroelectricity is caused by the A cations
and the transition metal ions occupying the B site are responsible for magnetism,
the multiferroic behavior is created by two different cations. Therefore, lone pair
multiferroics are classified as split-order-parameter multiferroics. This leads, on the
one hand, to strong magnetic and ferroelectric properties resulting in high transition
temperatures, but on the other hand to a weak magnetoelectric coupling. However,
recently an electric field induced spin flop in BiFeO3 single crystals demonstrates the
presence of a finite coupling between the antiferromagnetic and ferroelectric order
parameters in BiFeO3 [29]. Up to now, ferroelectrics or multiferroics with structural
instabilities, which are mainly forced due to the electronic pairing or hybridization,
are discussed. These materials can be classified as “proper” ferroelectrics. In contrast, spontaneous electric polarization of “improper” ferroelectrics appear as “side
effect” of an existing ordering or of geometric constraints [25].

3.3.2 Geometric ferroelectrics
One group of improper ferroelectrics are geometric ferroelectrics leading to a multiferroic behavior. In these compounds, the ferroelectric instability has its origin in
the topology of the chemical structure, and the ferroelectric distortions are driven
by ionic size effects [124]. For example, in hexagonal manganites RMnO3 (R =
Ho − Lu, Y) a spontaneous electric polarization is induced by a nonlinear coupling
to nonpolar lattice distortions, such as a buckling of R-O planes or tilts of oxygen
MnO5 bipyramides [126]. These tilts and rotations of MnO5 bipyramids lead to
ferroelectricity due to the topology of differently charged ions in the distorted lattice. Therefore, the mechanism is driven entirely by electrostatic and size effects,
rather than hybridization or significant charge transfer between cations and anions
as it is the case in the usual “proper” ferroelectrics. In these geometric ferroelectrics,
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the ferroelectricity can coexist with a magnetic order leading to geometric multiferroics. Since ferroelectric and magnetic order parameter are again not directly
coupled, this class of materials can again be classified as split-order-parameter multiferroics, similar to lone-pair multiferroics. However, coupling between ferroelectric
and antiferromagnetic domain walls was observed in YMnO3 [127].

3.3.3 Electronic ferroelectrics
Multiferroicity can also be driven by different forms of charge ordering [128]. In this
group of multiferroics, LuFe2 O4 emerges as a prototype. Ferroelectricity is caused
by ordering of Fe3+ (d5 ) and Fe2+ (d6 ) in an arrangement of polar symmetry in
this mixed valence material [129, 130]. Similar to LuFe2 O4 , recent theoretical and
experimental results suggest the presence of charge ordering in Fe3 O4 below the
Verwey transition at around 120 K, but this is still controversially discussed (see
Section 7.2.1). However, the finite polarization observed in Fe3 O4 below 38 K [131]
seems to be caused by “shifts” of electronic charges between octahedral Fe sites,
leading to a noncentrosymmetric Fe2+ /Fe3+ charge-ordered pattern [132]. Since the
ferrimagnetic ordering of Fe3 O4 already occurs below 840 K, the large difference
in the magnetic and electric transition temperature suggests, that the magnetic
and electric order parameters are only weakly coupled and Fe3 O4 can again be
classified as split-order-parameter multiferroic. Ferroelectricity induced by charge
order constitutes an interesting and unexplored territory in the field of multiferroicity
up to now [133].

3.3.4 Magnetic ferroelectrics
Magnetic ferroelectrics are the best candidates to achieve high magnetoelectric coupling, since ferroelectricity is induced by magnetic ordering in these materials. The
magnetic ordering breaks inversion symmetry and induces a spontaneous polarization. Therefore, these materials can be classified as joint-order-parameter multiferroics. Within this class, magnetic ferroelectrics can be further divided into two
sub-classes depending on whether or not the spin ordering is collinear. For example,
Ca3 CoMnO6 exhibits a collinear spin structure. In this system with a quasi one
dimensional structure, the ions Co2+ and Mn4+ alternate along the chain with a
magnetic up-up-down-down type structure. Since magnetostriction is different for
ferro and antiferro bonds, the system distorts, breaking the inversion symmetry.
This mechanism leads to unequal bonds. The different charges (Co2+ , Mn4+ ) at the
opposite ends of these dimers now induce a finite electric polarization, which was
recently observed by Choi and coworkers [134]. Using a magnetic field, the electric
polarization can nicely be modified confirming a larger magnetoelectric coupling.
The other sub-class consists of non-collinear magnetic ferroelectrics such as orthorhombic RMnO3 with R = (Tb, Dy), MnWO4 , and CoCr2 O4 . RMn2 O5 with
R = (Tb, Dy, Y) also exhibits a weak non-collinear magnetic order, which is most
probably not the origin, but rather the consequence of ferroelectricity [128]. In these
compounds, the ferroelectricity is driven mainly by magnetostriction. However, in
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non-collinear magnetic ferroelectrics, the magnetic ordering is inhomogeneous, i.e.,
M(r) varies over the crystal. This inhomogeneity can be caused due to magnetic
frustration [135] leading to a magnetoelectric coupling term g in the Gibbs free
energy density of the form [136]:

gME (r) ∝ P · γ(∇M2 ) + γ 0 [M(∇ · M) − (M · ∇)M] + ... .

(3.27)

Symmetry considerations reveal that Eq. (3.27) is invariant under time and space
reversal, since the coupling consists of quadratic terms in M, is linear in P, and
contains a gradient of M. Note that the actual form of Eq. (3.27) depends on the
symmetry of the lattice. The first term gives a surface contribution only when the
free energy is integrated over the spatial coordinates and the polarization P is assumed to be independent of r [136]. The second term is called Lifshitz invariant.
Since this term is linear in P, it induces a finite electric polarization even for arbitrarily weak coupling γ 0 . However, for magnetic states, which have a center of inversion,
such as sinusoidal density waves, Eq. (3.27) vanishes. In contrast, the coupling is
nonzero for circular cycloidal spiral [135]. In the magnetic ferroelectric TbMnO3 ,
giant magnetoelectric and magnetocapacitance effects were observed by Kimura and
coworkers, demonstrating the large coupling in these joint-order-parameter multiferroics [26].
The same coupling described by Eq. (3.27) can lead to the converse effect. In
compounds such as BiFeO3 , where the ferroelectric order occurs first breaking the
inversion symmetry, the magnetic order parameter can become modulated in space
due to the Lifshitz invariant term.
The brief overview of intrinsic multiferroic materials demonstrates that multiferroicity can arise from various mechanisms. However, up to now, no material system
has been found, which exhibits a strong coupling between the ferromagnetic and
ferroelectric order parameter at room temperature.

Chapter 4
The intrinsic multiferroic material
system BiMO3 (M=Cr, Fe)
The previous chapter revealed that there are intrinsic multiferroic material systems
exhibiting a pronounced magnetoelectric effect. However, this magnetoelectric coupling is restricted to low temperatures (T  100 K) in almost all of them. One
exception is BiFeO3 . This material system is one of the few known compounds,
which possess long range ferroelectric and antiferromagnetic order well above room
temperature being a key prerequisite for most applications. Although BiFeO3 can
be classified as split-order parameter multiferroic (cf. Section 3.3), a finite coupling
between the antiferromagnetic order parameter and an applied electric field was observed in BiFeO3 thin films [137] and single crystals [29], which can be exploited to
modify the magnetization of an overlying ferromagnet through exchange bias [138].
This might pave the way to electrically writable spintronic devices such as spin valves
or magnetic tunnel junctions [15]. Furthermore, the ferroelectric properties alone
make BiFeO3 very attractive in the field of lead-free ferroelectric random access
memories [28]. These interesting physical properties have triggered a tremendous
flurry of research interest in BiFeO3 in the past few years (see, e.g., Ref [13]).
In contrast, BiCrO3 is most likely not a technologically relevant multiferroic material, since the magnetic transition temperature of bulk BiCrO3 of around 123 K
is well below room temperature [139]. However, it is an ideal model material to
elucidate the role of the Bi cation in driving structural phase transitions [33].
In this part of the thesis, we discuss the physical behavior of BiM O3 (M = Cr, Fe)
thin films with a particular focus on their magnetic and dielectric properties. Since
these properties are strongly influenced by extrinsic effects such as parasitic phases,
a detailed analysis of the crystalline quality of BiFeO3 thin films grown on either
SrRuO3 -buffered SrTiO3 as well as on Nb doped SrTiO3 substrates is performed
in the following. Furthermore, new aspects such as the magnetoelectric coupling at
domain walls are addressed. In case of BiCrO3 thin films, the lack of experiments on
the physical properties makes a detailed investigation of the crystalline structure at
different temperatures as well as of the dielectric and magnetic properties mandatory.
In addition, the presence or absence of a finite magnetoelectric coupling in this
compound is discussed.
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Figure 4.1: (a) Magnetization and normalized specific heat as a function of temperature measured on a BiFeO3 polycrystalline bulk sample. The antiferromagnetic and
ferroelectric transitions at around TN ≈ 640 K and Tc ≈ 1100 K are clearly visible. (b)
Magnetic and dielectric permittivity measurements carried out by Niitaka et al. [147]
on bulk BiCrO3 . Two different transitions are observable at around TN ≈ 120 K and
Tc ≈ 450 K, respectively. The temperature region, in which the compounds exhibit a
multiferroic behavior, is marked by the red shaded area.

4.1 The lone pair multiferroics BiMO3 (M=Cr, Fe)
BiFeO3 was first synthesized in 1957 by Royen and Swars [140]. In spite of numerous
studies of mainly polycrystalline samples, the physical properties of BiFeO3 remained
the subject of controversial discussions over many years (see, e.g., Ref. [141] and references therein). The magnetic properties of BiFeO3 were revealed by Fischer et
al. [142], who demonstrate that BiFeO3 possesses a compensated antiferromagnetic
G-type structure below the Néel temperature of about TN = 670 K with a cycloidal
spin order, which is incommensurate with the lattice [143]. The electric characterization of bulk BiFeO3 was also demanding, since the polycrystalline BiFeO3 samples exhibit high leakage currents, which results in a low resistivity. The controversy
about whether BiFeO3 has a ferroelectric or antiferroelectric ground state was finally
settled by Teague and coworkers [144]. A ferroelectric hysteresis loop was found in
dielectric measurements carried out on BiFeO3 single crystals, which is in agreement
with a rhombohedral polar space group R3c [27, 145]. This ferroelectric/ferroelastic
phase was found to be stable up to 1123 K [146].
Figure 4.1(a) shows the temperature dependence of the magnetization measured
using a SQUID magnetometer as well as the normalized heat capacity obtained
by performing differential scanning calorimetry measurements of a polycrystalline
BiFeO3 sample, which is used as a target material for pulsed laser deposition. The
magnetization reveals a paramagnetic-antiferromagnetic transition around TN ≈
640 K. Furthermore, a first order transition at around Tc ≈ 1100 K is observed
in the normalized heat capacity measurements, which can be attributed to the
paraelectric-ferroelectric phase transition. Therefore, BiFeO3 exhibits a multiferroic behavior below 640 K in the sense of the simultaneous presence of ferroelectric
and antiferromagnetic long-range order. However, due to the large difference be-
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tween Tc and TN , a weak linear magnetoelectric effect is expected. As discussed
in Section 3.3, this is a direct consequence of the split-order-parameter in BiFeO3 .
However, recently, it was shown that the magnetic easy plane could be switched by
changing the direction of the electric polarization [29–31], which enables to control
the magnetic state by an applied electric field. In BiFeO3 thin films, the pioneering
work of Wang and coworkers has attracted a lot of attention [32], since they reported
on the possibility to enhance the magnetic properties in BiFeO3 thin films due to
epitaxial strain. Even though this has not been verified by other groups, the research
activities on BiFeO3 thin films, which led to a better understanding of the physical
properties in BiFeO3 thin films as well as new methods to control the magnetization
via electric fields, is still high [14].
Since bulk BiCrO3 can only be synthesized at high pressure [37], a few reports on
BiCrO3 are available in literature. Sugawara and coworkers observed an antiferromagnetic phase below 123 K accompanied by a weak spontaneous moment due to
spin canting [139]. The antiferromagnetic structure of BiCrO3 was revealed by Belik
et al. to be G-type [148]. In addition, a spin reorientation between 80 K and 60 K was
recently found by Darie and coworkers [36]. In contrast to the magnetic properties of
bulk BiCrO3 , the dielectric behavior remains unclear. Niitaka et al. assumed a ferroelectric behavior below a structural phase transition from an orthorhombic P nma
crystal symmetry at temperatures larger than 440 K to a monoclinic C2 structure
below 420 K [147]. The magnetic properties and the dielectric permittivity measured
by Niitaka et al. are shown in Fig. 4.1(b). A sudden rise of the magnetic susceptibility is visible at around 115 K. Furthermore, a frequency dependent anomaly of
the dielectric permittivity at around 440 K was observed, which was interpreted as a
transition from the paraelectric into the ferroelectric state. Therefore, BiCrO3 seems
to be multiferroic below around 115 K. However, up to now, no direct observation
of a ferroelectric or antiferroelectric behavior of bulk BiCrO3 has been reported in
the literature, which is a direct consequence of the lack of the availability of high
quality BiCrO3 single crystals. The difficulties in the preparation of bulk BiCrO3
samples can be avoided by using BiCrO3 thin films, since the metastable BiCrO3
phase can be stabilized by epitaxial strain. However, the availability of BiCrO3 thin
films also did not clarify the dielectric ground state of BiCrO3 . Recently, Murakami
and coworkers reported a ferroelectric behavior using piezoelectric force microscopy
[149], while Kim et al. clearly observed an antiferroelectric double hysteresis using macroscopic contacts [34]. Furthermore, the crystal structure of BiCrO3 thin
films has not been clarified yet. Kim et al. and Murakami et al. found a triclinic
structure of BiCrO3 thin films [34, 150]. However, recently, David and coworkers
detected different areas in the same thin film exhibiting either an orthorhombic or
monoclinic symmetry at room temperature from transmission electron diffraction
[151]. These results suggest that the intrinsic physical properties of BiCrO3 thin
films are difficult to obtain, which is mainly caused by the strong sensitivity of the
dielectric and magnetic behavior on extrinsic effects, such as parasitic phases.
Evidently, high quality thin films are mandatory to reveal the magnetic and dielectric ground state of BiCrO3 and BiFeO3 . Therefore, we first discuss the growth
process of BiM O3 (M = Cr, Fe) thin films using pulsed laser deposition.
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Figure 4.2: Pressure-temperature phase diagram for (a) BiFeO3 and (b) BiCrO3 thin
films fabricated at different oxygen pressures pO2 and substrate temperatures TS . The
blue shaded areas mark the growth window for single phase thin films. In addition, the
full width at half maximum (FWHM) of the rocking curves around the pseudo-cubic
(001)pc Bragg reflection is listed, indicating the quality of the single phase thin films.

4.2 Pulsed laser deposition of BiMO3 (M=Cr, Fe)
thin films
In the past years, various groups fabricated BiFeO3 thin films under quite different
growth conditions using different experimental techniques (see, e.g., Refs. [32, 152–
156]) and various substrate materials (see, e.g., Refs. [32, 157–159]). In contrast,
as mentioned above, only a few studies of BiCrO3 thin films have been reported so
far [34, 150, 151]. To get a better understanding of the physical properties of both
material systems, BiM O3 (M = Cr, Fe) thin films were fabricated using pulsed laser
deposition (cf. Section 2.1.1).

4.2.1 Growth conditions
Since parasitic phases have great influence on the physical properties of BiM O3 (M =
Cr, Fe) thin films [38, 160], the proper deposition process of single phase thin
films is an important task. In Fig. 4.2, the dependence of the growth conditions such as oxygen pressure pO2 and substrate temperature TS on the quality
of BiM O3 (M = Cr, Fe) thin films is shown. All thin films considered here were
deposited on Nb:SrTiO3 substrates using an energy density of 2 J/cm2 on the target. Moreover targets with a nominal composition of Bi1.15 M O3 (M = Cr, Fe) were
used to prevent Bi deficiency in these thin films. Figure 4.2(a) reveals that single
phase BiFeO3 thin films were only achieved in a narrow temperature and pressure
window. This is in agreement with the data reported by Béa et al. [38]. They
identify the parasitic phases as γ-Fe2 O3 and Bi2 O3 . BiFeO3 thin films with Bi2 O3
impurities usually show large leakage currents, while Fe containing parasitic phases
affect the magnetic properties. Furthermore, the quality of the single-phase thin
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Figure 4.3: Reflection high energy electron diffraction (RHEED) intensity of the (0 0)
reflection monitored during the growth of BiFeO3 and BiCrO3 thin films. The intensity
was integrated within the area marked by the red rectangle in the RHEED pattern,
which is shown in the inset of (a). The start and the end of each deposition sequence
(indicated by the gray shaded areas) are marked by green and red arrows, respectively.
(a) Growth of BiFeO3 thin films using a continuous growth mode with a laser repetition
rate of 2 Hz. The inset shows the RHEED pattern of the SrTiO3 before the growth
process. (b), (c) Imposed layer-by-layer growth mode of BiFeO3 and BiCrO3 thin films.

films is indicated in Fig. 4.2 by listing the full width at half maximum (FWHM)
of the rocking curves around the pseudo-cubic (001)pc Bragg reflection. That is,
single phase BiFeO3 thin films with good crystalline quality were obtained using a
substrate temperature of 852 K in pure oxygen atmosphere with a pressure of 8 µbar.
Note that within the deposition window for phase pure BiFeO3 thin films, it was
observed that the Bi/Fe ratio can vary with different oxygen pressures leading to
different ferroelectric properties [161, 162].
The parameter window for single phase BiCrO3 thin films is even more narrow
(cf. Fig. 4.2(b)). This reflects the metastable nature of BiCrO3 , which can be stabilized using epitaxial thin film growth techniques [163, 164]. In particular, a strong
dependence on the oxygen pressure is observable. The optimum parameters were
found to be TS = 858 K and pO2 = 7.5 µbar. Using SrRuO3 as bottom electrode,
a slightly higher oxygen pressure of pO2 = 8 µbar was found to be ideal for single
phase BiCrO3 thin films.

4.2.2 Imposed layer-by-layer growth
Defects such as misfit dislocations have an important impact on the properties of
ferroelectric thin films [165]. Therefore, it is important to fabricate almost defectfree single crystalline thin films [166]. This requires not only a careful choice of the
substrate material to avoid a high density of misfit dislocations due to a large lattice
mismatch between the thin film and the substrate, but also appropriate growth parameters to achieve a two dimensional growth mode. Otherwise island boundaries or
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even grain boundaries can form during the growth process affecting the ferroelectric
properties of the thin film [167]. Furthermore, in order to be able to fabricate superlattices and heterostructures, where a control of the interfaces between the different
layers on an atomic level is needed, a two dimensional layer-by-layer growth mode
is a prerequisite. In case of BiM O3 (M = Cr, Fe) thin films, the achievement of a
two dimensional growth mode is a substantial challenge due to the Bi deficiency and
the small temperature and pressure window of single phase thin films (cf. Fig. 4.2).
Therefore, both the growth parameters and the Bi content in the target should be
concurrently optimized.
As discussed in Section 2.1.2, reflection high energy electron diffraction (RHEED)
is a powerful tool to investigate in-situ the growth process of BiM O3 (M = Cr, Fe)
thin films. In Fig. 4.3(a), the intensity evolution of the (0 0) reflection monitored
by RHEED during the deposition of a BiFeO3 thin film on a SrTiO3 substrate is
shown. The ideal growth conditions as discussed in the previous section as well as
a laser repetition rate of fL = 2 Hz were used for the deposition. When starting
the deposition, two oscillations emerge (0 s < t < 18 s), which indicates a two
dimensional layer-by-layer growth mode. After these oscillations, the deposition
was stopped, allowing the surface to relax. During this time the RHEED intensity
increases only weakly. Therefore, almost no relaxation of the surface takes place.
Continuing the growth process at t = 44 s, further damped oscillations are observed
until the RHEED intensity vanishes nearly completely. Afterwards, the BiFeO3 thin
film starts to grow in a three dimensional growth mode due to the limited mobility
of the adatoms at the given pressure and temperature, resulting in BiFeO3 thin
films with a large surface roughness. This situation can be improved by applying
the imposed layer-by-layer interval deposition technique [168]. Here, one unit-cell is
deposited in a very short time using a high laser repetition rate of at least fL = 6 Hz
followed by a break during which the deposited material can rearrange. Within
this technique, a two dimensional layer-by-layer growth mode can be imposed, since
only small islands are formed during the short deposition intervals due to the high
supersaturation typical for pulsed laser deposition. As shown in Fig. 4.3(b) and (c),
employing the imposed layer-by-layer interval deposition technique to the growth of
BiM O3 (M = Cr, Fe), the RHEED intensity stays almost constant during the whole
deposition process, resulting in thin films with low surface roughness.1
Employing the described techniques, a two dimensional growth mode can be
achieved, which paves the way to fabricate single-phase thin films with good structural properties as well as heterostructures and superlattices in the future. Another
important parameter for the realization of high quality multiferroic thin films is the
choice of an adequate bottom electrode. In this sense, SrRuO3 thin films as well as
Nb:SrTiO3 substrates were used in the course of this thesis.

1

In the case of BiFeO3 , thin films with low surface roughness of around 0.4 nmRMS could also be
fabricated using a very slow growth rate employing a laser repetition rate of fL = 0.5 Hz in a
continuous deposition mode.
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4.3 SrRuO3 as an electrode material
SrRuO3 was employed as an electrode material in several oxide-based devices [5,
169, 170] due to its outstanding physical properties such as a highly crystalline
growth on SrTiO3 substrates [171], low resistivity at room temperature [172], good
chemical and thermal stability [173, 174], and sharp and clean interfaces in oxide
heterostructures [173, 175–177]. Moreover, SrRuO3 thin films exhibit high work
functions up to 5.0 eV [178]. Thus, SrRuO3 electrodes are suitable for ferroelectric
thin film capacitors reducing fatigue, imprint, and leakage currents [179–181].
The compound SrRuO3 is a well known itinerant ferromagnet with a transition
temperature of around 160 K [182, 183] and exhibits an orthorhombic GdFeO3 -type
perovskite structure [184] below 600 K [185, 186] with a space group of P bnm, which
can be described by a a− a− c+ tilted system according to Glazer [187]2 and lattice
constants of a = 0.556 nm, b = 0.553 nm, and c = 0.784 nm [188]. Moreover, SrRuO3
has a metal like conductivity due to the strong hybridization of oxygen 2p-states with
ruthenium d-states, which generates a narrow conduction band [189, 190]. With a
conductivity at room temperature of 2.75 × 10−4 Ωcm and a carrier density of the
order of 1022 cm−3 [191], it can be classified as a bad metal [192].
Since SrRuO3 is used as an electrode material in the framework of this thesis, a
detailed knowledge of the physical properties of our SrRuO3 thin films is essential.
Moreover, SrRuO3 itself is still an interesting material system, justifying a detailed
discussion of the structural, electric, and magnetic behavior of SrRuO3 thin films in
the following.

4.3.1 Growth and structural properties of SrRuO3 thin films
Epitaxial SrRuO3 thin films were deposited on TiO2 terminated, (001)-oriented
SrTiO3 substrates by pulsed laser deposition using an energy density of 2 J/cm2
and a repetition rate of 2 Hz. The deposition was carried out at substrate temperatures of 873 K to 773 K and at a pressure of 0.1 mbar in pure oxygen atmosphere.
As an example of the growth process of SrRuO3 thin films on SrTiO3 substrates,
Fig. 4.4 shows the evolution of the RHEED intensity of the (0 0) reflection monitored
during the growth of a 29 nm thick SrRuO3 film. The whole deposition can be separated into three main steps: At the beginning of the growth (cf. (I) in Fig. 4.4) five
intensity oscillations are visible indicating a two dimensional layer-by-layer growth
mode. Obviously, the oscillation periods are not equal in time. This can be attributed to a termination conversion from TiO2 -terminated SrTiO3 substrate to a
SrO-terminated SrRuO3 layer [193], which is finished after the growth of one to five
monolayers depending on the substrate temperature. Thereafter, the intensity increases slightly (cf. (II) in Fig. 4.4), before the RHEED intensity stays constant until
2

The Glazer notation describes a tilted system by rotations of BO6 octahedra. The notation
specifies the magnitude and phase of the octahedral rotations. The letters indicate the magnitude of the rotation about a given axis, e.g., the letters a, b, and c imply unequal tilts about
the x, y, and z axes. A superscript is used to mark the phase of the octahedral tilt: + denote
the neighboring octahedral tilt in the same direction (in-phase), − implies that neighboring
octahedral tilt in the opposite direction (out-of-phase), and 0 signifies no tilt about that axis.
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Figure 4.4: RHEED intensity evolution of the (0 0) reflection (marked by the red rectangle in the insets) monitored during the growth of a 29 nm thick SrRuO3 film on a
(001)-oriented SrTiO3 substrate. The whole deposition can be separated into three
sequences ((I)-(III)). The start and the end of the deposition of each sequence are
marked by green and red arrows, respectively. The insets display the RHEED pattern
(a) before and (b) after the deposition of a 29 nm thick SrRuO3 film.

the deposition was stopped (cf. (III) in Fig. 4.4). Thus, the deposition of SrRuO3
on SrTiO3 substrates exhibits a transition from a two-dimensional layer-by-layer to
a step-flow growth mode after the conversion in termination is complete. This transient behavior can be explained by an enhancement of the surface diffusivity and
therefore different mobility of the adatoms deposited [194], as well as strain effects
[195].
Since the RHEED technique is strongly surface sensitive (cf. Section 2.1.2), a
low surface roughness can be revealed from the two RHEED pattern shown in the
insets of Fig. 4.4. The left pattern (Fig. 4.4(a)) displays the diffraction from the
TiO2 -terminated SrTiO3 substrate at the beginning of the growth. This diffraction
pattern reveals a splitting of the (0 0) spot indicating a SrTiO3 substrate with a
certain miscut angle [61]. From the splitting of the diffraction spot a terrace width
of around 100 nm can be estimated. Looking closer to Fig. 4.4(b), which shows the
diffraction pattern after the growth of 29 nm SrRuO3 , the splitting of the (0 0) spot
is still observable, demonstrating a remaining step-terrace structure after the growth
process. This provides evidence that SrRuO3 thin films can be fabricated with a low
surface roughness.
The SrRuO3 thin films exhibit not only an excellent morphology but also a high
crystalline quality. For example, the structural properties of a 22 nm thick SrRuO3
film deposited on a SrTiO3 (001) substrate investigated by x-ray diffraction (XRD)
are shown in Fig. 4.5. The reciprocal space map and the corresponding q-scans
around the SrTiO3 (002) and SrRuO3 (220) reflections depicted in the left and upper part of Fig. 4.5(a) reveal a coherent growth of SrRuO3 on SrTiO3 . This is
obvious through the observation of finite thickness fringes, which can be well re-
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Figure 4.5: Reciprocal space maps and q-scans of a 22 nm thick SrRuO3 (SRO) film
grown on a SrTiO3 (STO) substrate around (a) SrTiO3 (002), (b) SrTiO3 (224), and
(c) SrTiO3 (204) carried out under different in-plane orientations of the sample. The
finite thickness fringes visible in the q00L -scan around the SrRuO3 (220) reflection in
the left panel of (a) are well reproduced in a simulation using the software LEPTOS
(green line).

produced using the software LEPTOS (cf. green line in Fig. 4.5(a)) [196]. The
perfect agreement between simulation and experiment proves that there is no inhomogeneous strain relaxation in the out-of-plane direction. Moreover, the overall
thickness of 22 nm measured using X-ray reflectometry (not shown here) and the
thickness revealed by the simulation are identical. This demonstrates a coherent
crystalline growth over the whole thickness of the SrRuO3 thin film. Furthermore,
the SrRuO3 thin film reveals a low mosaic spread, which can be quantified by the
full width at half maximum (FWHM) of the rocking curve around the pseudo-cubic
SrRuO3 (220) Bragg reflection. A value of 0.04◦ is obtained, demonstrating a good
crystalline quality of the SrRuO3 thin film.
The symmetry of the SrRuO3 thin films is investigated employing x-ray diffraction
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measurements around the SrTiO3 (224) (Fig. 4.5(b)) and SrTiO3 (204) (Fig. 4.5(c))
reflections under different in-plane orientations of the sample. These measurements
suggest an orthorhombic symmetry of the SrRuO3 thin films. The difference of the
qL -values of the SrRuO3 (260) and the (620) reflections corresponds to a dissimilarity
of the a and b lattice parameters in the orthorhombic symmetry. Furthermore, a
finite intensity at the Bragg position of the SrRuO3 (211) reflection (not shown here)
was observed, which is an indication for an orthorhombic symmetry [197]. However,
angular resolved magnetoresistance measurements carried out near the Curie temperature of SrRuO3 suggest a monoclinic symmetry rather than an orthorhombic
one.3 This would be in agreement with the results published recently by Ziese et
al. [198] and theoretical considerations, in which the 90◦ angle in the out-of-plane
direction is altered by epitaxial strain [199]. However, using x-ray diffraction, no
indication for a monoclinic symmetry could be found. Thus, the SrRuO3 thin films
will be described in the orthorhombic symmetry in the following.
In principle, if SrRuO3 is deposited on cubic (001)-oriented SrTiO3 substrates,
three different types of domains can exist. The SrRuO3 thin film can grow epitaxially with its (001), (110), or (1̄1̄0) planes parallel to the SrTiO3 (001) surface
[200]. Therefore, there exist three different domain types (Fig. 4.6) resulting in
six domains in total [200]. For multilayers using SrRuO3 as bottom electrode or
buffer layer, it is important to fabricate twin free SrRuO3 thin films exhibiting a
single crystallographic orientation. Otherwise the multidomain state induces crystalline defects like grain boundaries in the thin film deposited on top of the SrRuO3
layer. Moreover, an existing multidomain state in the SrRuO3 thin film affects the
physical properties of the SrRuO3 thin film itself [201]. Interestingly, the number
of domains formed in SrRuO3 thin films strongly depends on the surface morphology of the substrate used for the thin film process. While in SrRuO3 thin films
deposited on nominally exact SrTiO3 (001) substrates with a miscut angle lower
than 0.1◦ , X- and Y -type domains are formed, crystallographically single-domain
SrRuO3 thin films were obtained on SrTiO3 (001) substrates exhibiting large miscut
angles of up to 4◦ [171, 202]. Z-type domains are not detected in SrRuO3 thin films
grown on SrTiO3 (001) substrates [200], but all three types of domains coexist in
epitaxial SrRuO3 thin films on LaAlO3 (001) substrates [203]. Contrary to these
accepted observations, recent publications show that a single domain state can also
be achieved in fully strained epitaxial SrRuO3 thin films deposited on nominal exact
SrTiO3 (001) substrates [197, 204]. In the course of this thesis, SrTiO3 (001) substrates with different miscut angles were used. SrRuO3 thin films grown on top of
SrTiO3 substrates with miscut angles larger than 0.5◦ were found to be almost single
domain with a ratio of X- and Y -type domains of less than 5%.4 Unfortunately,
Φ-scans around the SrRuO3 (221) reflection reveal a broad mosaic in-plane distribution of more than 1◦ in these thin films. In contrast, the in-plane mosaic spread
is reduced to less than 0.2◦ in SrRuO3 thin films grown on SrTiO3 (001) substrates
3

See the diploma thesis of Daniel Pantel, for more details on angular resolved magnetoresistance
measurements on our SrRuO3 thin films [70].
4
Since the miscut angle could only be detected using diffraction techniques such as XRD and
RHEED, it exhibits a high degree of uncertainty.
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Figure 4.6: Epitaxial relation of orthorhombic SrRuO3 thin films on (001)-oriented
SrTiO3 substrates. The primitive orthorhombic unit cell is marked by green lines.
In general, three different types of domains (Z-, Y -, and X-domain) can be formed
simultaneously during the deposition. Each of them can have two different in-plane
orientations, resulting in six different domains in total [200]:
Z-domain: SrRuO3 [100] k SrTiO3 [110] and SrRuO3 [010] k SrTiO3 [11̄0]
Z 0 -domain: SrRuO3 [100] k SrTiO3 [110] and SrRuO3 [010] k SrTiO3 [110]
Y -domain: SrRuO3 [001] k SrTiO3 [100] and SrRuO3 [11̄0] k SrTiO3 [010]
Y 0 -domain: SrRuO3 [001] k SrTiO3 [100] and SrRuO3 [1̄1̄0] k SrTiO3 [010]
X-domain: SrRuO3 [001] k SrTiO3 [010] and SrRuO3 [1̄10] k SrTiO3 [100]
X 0 -domain: SrRuO3 [001] k SrTiO3 [010] and SrRuO3 [110] k SrTiO3 [100]
The epitaxial relation between the SrRuO3 (SRO) and the SrTiO3 (STO) unit cell of
each domain type is depicted in the lower part of the figure.

with miscut angles smaller than 0.5◦ .5 This observation is in agreement with Kim et
al. [205] and might be explained by in-plane strain relaxation processes [205]. Since
a perfect crystalline quality, which requires both a low mosaic spread and a crystalline single domain state, is mandatory for a buffer material in epitaxial growth,
SrRuO3 thin films with a finite but low density of secondary domains are used in
the following. To determine the density of X- and Y -type domains, reciprocal lattice mappings around SrTiO3 (204) and SrTiO3 (224) were used. The splitting of
5

SrTiO3 (001) substrates exhibiting miscut angles larger than 0.5◦ were fabricated in-house and
do not have a well defined in-plane orientation of the miscut.
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the SrRuO3 (624) and the SrRuO3 (620) reflections displayed in Figs. 4.5(b) and (c)
discloses the existence of 90 ◦ rotated double domains. From these measurements,
the ratio between the X- and Y -type domains can be estimated to be around 15%
in this sample.
In total, SrRuO3 thin films with excellent crystalline quality were deposited on
SrTiO3 (001) substrates using pulsed laser deposition. The evolution of the RHEED
intensity monitored during the growth process reveals a two-dimensional growth,
which results in SrRuO3 thin films with low surface roughness. Detailed x-ray
diffraction measurements disclose a crystalline X- and Y -type multidomain state
with a density of secondary domains of around 15%.

4.3.2 Magnetic and transport properties of SrRuO3 thin films
As SrRuO3 thin films are used as bottom electrodes for multilayer systems, which
are magnetic and dielectric in one phase, the knowledge of not only the electric
but also the magnetic behavior is essential. Therefore, in the following, the magnetic and transport properties of a 22 nm thick SrRuO3 film are discussed in detail
(cf. Fig. 4.7).
Since the x-ray diffraction measurements considered in the previous chapter revealed that our SrRuO3 thin films are fully strained and exhibit an orthorhombic
symmetry, the notation of the crystallographic directions is related to this symmetry
in the following. Furthermore, the SrRuO3 thin films are considered as crystallographic single-domain, exhibiting only orthorhombic X-type domains (cf. Fig. 4.6).
Note that the crystalline symmetry has great influence on the magnetic and transport properties of SrRuO3 due to a pronounced spin-orbit coupling [206].
The temperature dependence of the remanent magnetization measured after cooling the sample from 300 K to 5 K in a magnetic field of µ0 HFC = 7 T reveals a Curie
temperature of (139 ± 1) K (cf. Fig. 4.7(a)). This is significantly lower than the
Curie temperature TC ≈ 160 K of SrRuO3 single crystals [207]. We attribute this
mainly to strain effects in the SrRuO3 thin film. The compressive strain imposed
by the epitaxial growth of SrRuO3 on SrTiO3 (001) substrates is likely to affect the
distortion of the RuO6 octahedra [208] leading to a decrease of the transition temperature [209, 210]. The magnetic remanence as a function of temperature measured
in the [110] direction follows the scaling law M = C(TC − T )β around the transition
temperature TC with a critical exponent of β = (0.33 ± 0.01). This value lies in
between the theoretical ones for a 3D Heisenberg-type and Ising-type ferromagnet
and is in good agreement with β = 0.34 reported by Kats et al. [211]. However,
the magnitude of the critical exponent is still discussed controversially in the literature [212–215], indicating a strong dependence of the critical exponent on different
domain structure, orientation, and strain effects. The inset of Fig. 4.7(a) shows the
3
magnetic remanence measured along the [110] direction as a function of T 2 in the
low temperature limit (T . 50 K). Obviously, the magnetization follows the Bloch’s
3
law M (T ) = M (0) − A · T 2 , which confirms the dominance of spin-wave excitations
on the magnetization in this temperature range. However, no further suppression of
the magnetization due to Stoner excitations is observable [192]. By comparing the
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Figure 4.7: Magnetic and electric properties as a function of temperature and magnetic
field of a 22 nm thick SrRuO3 film. (a) Temperature dependence of the magnetic
remanence measured along [110] (full symbols) and [001] (open symbols) after field
cooled in a magnetic field of µ0 HFC = 7 T. The magnetic behavior for HFC k [110]
follows the scaling law M = C(TC − T )β with a critical exponent of β = (0.33 ± 0.01)
(green solid line) and can be described within Bloch’s law at low temperatures (see
inset of (a)). (b) Magnetic hysteresis loops obtained with H k [110] (full symbols) and
H k [001] (open symbols) at different temperatures reveal a strong magnetic anisotropy
in SrRuO3 (see inset of (b)). The transport properties are displayed in (c)-(f) for
different temperatures and external magnetic fields. The current density j was applied
along [11̄0] (full symbols) and [001] (open symbols). The magnetoresistance is defined
as M R = (ρ8T − ρ0T ) /ρ8T . Our anomalous conductivity σxy,AHE data (symbols) are
described by first-principles calculations (green line) adapted from Ref. [206] (inset of
(e)). The calculated transverse conductivity σxy,AHE is multiplied by a factor of 2.5
with respect to the calculations in Ref. [206].
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projection of the magnetization measured along the [110] and [001] crystallographic
orientations, a pronounced magnetic anisotropy in the SrRuO3 thin film is visible
(cf. Fig. 4.7(a)). This is obvious due to the considerable difference in the magnetic
remanence for HFC k [110] and HFC k [001] and suggests an easy axis close to the
out of plane [110] direction.
The magnetic field dependence of the magnetization along the [110] direction for
different temperatures is depicted in Fig. 4.7(b). The diamagnetic contribution of
the SrTiO3 substrate was determined from the high-field slope (µ0 H ≥ ±5 T) of the
hysteresis and subtracted from the total magnetic moment (cf. Section 2.3.1). The
M (H) loops are rather square-like indicating a magnetic easy axis, which is close to
this direction. Furthermore, the saturation magnetization Ms reaches (200±2) kA/m
at 10 K, which corresponds to 1.3 µB /f.u.. Assuming a valence state of Ru4+ in a
simple ionic picture and a low spin configuration, a maximum moment of 2 µB is
expected. More sophisticated calculations using density functional theory predict
a magnetic moment of 0.98 µB /f.u. for strain free SrRuO3 . By applying a compressive (tensile) stress this value is expected to moderately decrease (increase) by
about 0.4 µB /f.u. [199]. However, in the literature saturation magnetizations of
(1.1 − 2.0) µB /f.u. (see, e.g., Refs. [198, 215]) or even higher values [216] are reported. This large variation of saturation magnetization values can be explained by
the strong dependence of the magnetic properties of SrRuO3 thin films on strain effects [208], domain effects [217], and non-stoichiometry [218]. The inset of Fig. 4.7(b)
shows two different hysteresis loops measured with H k [110] (cf. full symbols in
Fig. 4.7(b)) and H k [001] (cf. open symbols in Fig. 4.7(b)) at 50 K. At 130 K no
difference of the measurements along the two orientations is observable (not shown
here), which indicates an isotropic magnetic behavior close to the Curie temperature. Cooling down to 50 K the magnetic anisotropy becomes dominant. While [110]
is close to an easy direction of the magnetization, the in-plane direction [001] is not
an energetically favorable one. This prevents the magnetization to saturate along
this direction at lower temperatures (T ≤ 130 K) and at all external magnetic fields
(µ0 H ≤ 7 T) available in the magnetometer. Therefore, the method described in
Section 2.3.1 to eliminate diamagnetic and paramagnetic parts stemming from the
SrTiO3 substrate and the sample holder is no longer appropriate for measurements
along this crystallographic direction. Here, the diamagnetic and paramagnetic contributions measured in the paramagnetic regime at T = 200 K were used to detract
the measured data neglecting the temperature dependence of these parts.6 In principle, magnetic hysteresis loops are sensitive not only to intrinsic properties, but also
to impurities, grain boundaries, and defect structures, which largely influence the
coercive field µ0 Hc . On the one hand, the small value of µ0 Hc = (340 ± 10) mT measured at 10 K along the [110] direction, which is in good agreement with previously
reported values [198, 215, 216], indicates a low density of pinning centers. On the
other hand, some anomalies are visible close to the coercive field of SrRuO3 (cf. inset
of Fig. 4.7(c)), which are also observed by several other groups [215, 217]. These
anomalies could be explained by Barkhausen jumps [215] or might be caused by
6

This method was only applied for temperatures larger than 50 K, since this assumption does no
longer hold at low temperatures.
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magnetization rotation towards the [110] direction, since it was found that the easy
axis and the [110] direction encloses a finite angle, which is strongly temperature
dependent [198].
To get further information on the quality of our SrRuO3 thin films, the temperature and field dependence of the resistivity were investigated (cf. Figs. 4.7(c)-(f)).
For this purpose, the SrRuO3 thin film was patterned into a 375 µm long and 50 µm
wide Hall bar and the resistance was recorded in a standard four-point measurement
technique. The measurements were carried out with the external magnetic field H
applied along the out of plane [110] direction and with the current density j flowing
along [11̄0] and [001]. The longitudinal resistivity ρxx as a function of temperature
T measured at µ0 H = 0 T decreases from ρ300K = (1.725 ± 0.001) µΩm at 300 K to
ρ5K = (0.062±0.002) µΩm at 5 K with a clear discontinuity at the Curie temperature
TC (cf. Fig. 4.7(c)). An important parameter to identify the quality of SrRuO3 thin
films is the residual resistivity ratio defined as RRR = ρ300K /ρ5K . This value is very
sensitive to changes in stoichiometry [219] and any disorder effects [172]. Here, a
high RRR value of 27 is obtained, which compares well with the value of 26 found in
stoichiometric SrRuO3 thin films by Siemons et al. [219]. For comparison, a value of
RRR = 51 is reported for high quality single crystals [183] and RRR = 5 − 7 for Rudeficient SrRuO3 thin films [219]. Note that for the majority of SrRuO3 thin films
in the literature values less than 11 are found (see, e.g., Refs. [172, 198, 208, 212]),
demonstrating that our SrRuO3 thin films are highly stoichiometric and exhibit a
low amount of disorder effects. The low temperature behavior of the resistivity measured with j k [11̄0] and j k [001] is depicted in the inset of Fig. 4.7(c). Clearly,
no up-turn of the resistivity down to 4 K due to localized carriers is detectable in
both measurements, indicating a SrRuO3 thin film with low density of impurities
[192, 220]. Furthermore, the resistivity values for j k [001] are larger than those
for j k [11̄0]. This can be explained by magnetic domain wall scattering, since
the domain walls are preferential orientated along the [110] direction [221, 222]. In
addition to the resistivity measured at µ0 H = 0 mT, the temperature dependence
resistivity obtained with an applied magnetic field of µ0 H = 8 T is displayed in
Fig. 4.7(c). Obviously, the discontinuity at the Curie temperature TC is suppressed.
0T
Therefore, the negative magnetoresistance M R = ρ8Tρ−ρ
near the Curie temper8T
ature TC (cf. dashed line in Fig. 4.7(c)) can be qualitatively understood as being
related to spin dependent scattering and the suppression of spin fluctuations [223].
Below T < 60 K, the M R becomes positive, which we attribute to mean free path
shortening due to the Lorentz force and is more pronounced in samples with low
residual resistivities. However, the positive M R calculated using a mean free path
of 45 nm and a Larmor radius of 900 nm reveal a M R value of M R ≈ 0.0025 [224].
This value is obviously too small to explain the experimental data. The discrepancy
could be resolved by taking into account more than one type of carriers and band
structure effects [224]. The magnetic field dependence of the magnetoresistance for
different temperatures is shown in Fig. 4.7(d). In agreement with Fig. 4.7(c), the
change in sign of the M R takes place between 100 K and 50 K. Furthermore, the
pronounced positive M R at 10 K does not show a H 2 dependence expected for a M R
caused by Lorentz forces. This further proves that the positive M R is dominated
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by band structure effects. The anisotropic behavior of the M R effect is also visible
in the inset of Fig. 4.7(c). Here, the magnetoresistance measured with j k [001]
(open symbols) and j k [11̄0] (full symbols) at T = 50 K is displayed. The difference
of both curves can be explained in terms of magnetic anisotropy [198] as well as a
preferential orientation of the magnetic domain walls in SrRuO3 [221, 222].
In addition to the above described physical properties, the extraordinary Hall effect in SrRuO3 exhibiting a non-monotonic temperature dependence makes SrRuO3
very interesting in the condensed-matter community. The transverse resistivity ρxy
of SrRuO3 measured at µ0 H = 8 T with j k [11̄0] is displayed in Fig. 4.7(e) as a
function of temperature. A finite value of ρxy can be observed even above the Curie
temperature, exhibiting a Curie-Weiss like behavior. This indicates the existence of
localized magnetic moments in the paramagnetic phase [225, 226]. Below the Curie
temperature, the resistivity has a non-monotonic temperature dependence, including
a change of sign. This unusual behavior is also visible in the magnetic field dependence of the transverse resistivity depicted in Fig. 4.7(f). Note that the shoulder in
the resistivity for magnetic fields larger than the coercive field is also present in the
hysteresis loops displayed in Fig. 4.7(b) and can therefore be attributed to rotation
of the magnetization away from the easy axis. In the ferromagnetic phase the transverse resistivity ρxy can be separated into the ordinary Hall resistivity ρxy,OHE and
the anomalous ρxy,AHE one. This separation is crucial in SrRuO3 due to the difficulty
to fully saturate the magnetization. Employing two different methods to distinguish
between the ordinary and the anomalous part may yields different results [227]. One
promising technique to separate both components was reported by Kats et al. [228],
utilizing the different angle dependence of the anomalous and ordinary resistivity at
low magnetic fields. However, in this thesis the common method of extrapolating
the high field dependence of the transverse resistivity ρxy,AHE to µ0 H = 0 T was used
to determine ρxy,OHE and ρxy,AHE (cf. Fig. 4.7(f)).78 The ordinary Hall resistivity
ρxy,OHE is negative in the whole temperature range, which indicates electron-like
charge carriers. A carrier density n of the order of 1022 cm−3 , which was calculated using a one-band relationship and corresponds to about 1 electron/f.u., was
reported by some authors (see, e.g., Refs. [224, 230]). This is misleading, since
SrRuO3 is an intrinsically multi-band material and thus electrons and holes contribute to the transport properties [189]. Thus an estimation of the carrier density
derived from the ordinary Hall effect will not be given here. In contrast to ρxy,OHE ,
the anomalous resistivity ρxy,AHE is strongly temperature dependent and exhibits a
sign change below 120 K. This can be understood considering band structure effects. As the anomalous conductivity σxy,AHE was found to be roughly independent
of the longitudinal conductivity σxx for j k [11̄0] below 90 K,9 the transport properties are dominated by intrinsic contributions and can be theoretically calculated
[206, 231]. In the inset of Fig. 4.7(f), σxy,AHE derived by the group of Tokura using
7

The reader is referred to the diploma thesis of Matthias Althammer [96] and Wolfgang Kaiser
[229] for more details on this issue.
8
The described uncertainty is expressed in the error bars of ρxy,OHE and ρxy,AHE .
ρ
1
9
The longitudinal and the transverse conductivity are given by σxx = ρxx
and σxy = ρ2xy , respecxx
tively.
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first-principles calculations on the basis of an orthorhombic symmetry [206] along
with the experimental results of our SrRuO3 thin film are plotted as a function of
the magnetization. The anomalous conductivity σxy,AHE measured with the current
aligned along the [11̄0] direction (full squares) matches fairly well the theoretical
calculation (solid line).10 In contrast, the anomalous conductivity σxy,AHE obtained
with j k [001] exhibits a totally different dependence. Therefore, while the anomalous Hall effect measured with j k [11̄0] is of intrinsic origin and is highly dependent
on band structure effects, extrinsic scattering effects dominates the transport behavior with j k [001]. Approaching the Curie temperature, σxy,AHE is no longer
independent of σxx for j k [11̄0] and j k [001]. Thus, the intrinsic-dominated picture
described by Fang et al. [206] is likely to be incomplete near TC [228] and additional
contributions to the anomalous conductivity should be taken into account.
In summary, state of the art SrRuO3 thin films were fabricated exhibiting excellent
magnetic and electric properties. In particular, a high residual resistivity ratio was
detected, which demonstrates SrRuO3 thin films with the correct stoichiometric
composition and a low density of defects. Furthermore, the anomalous conductivity
measured with j k [11̄0] can be well described by theoretical calculations based on
first-principles methods. This confirms that the electronic transport is of intrinsic
origin in our SrRuO3 thin films.

4.4 Physical properties of BiFeO3 thin films
As revealed in the previous section, SrRuO3 thin films are applicable as bottom
electrode in multiferroic thin film heterostructures. Therefore, BiFeO3 thin films
were fabricated on Nb:SrTiO3 as well as on SrRuO3 -buffered SrTiO3 substrates.
However, apart from the choice of the bottom electrode, the physical properties of
BiFeO3 thin films are directly linked to the growth conditions. A non-stoichiometric
Bi/Fe ratio and the presence of oxygen vacancies or parasitic phases have significant influence on the structural, magnetic, and dielectric behavior. Therefore, an
important part of this thesis was devoted to achieve high quality BiFeO3 thin films
(cf. Section 4.2). In this section, the physical properties of these thin films are investigated in detail. First, the structural characterization with respect to crystal symmetry and strain relaxation mechanisms is discussed, and second, the multiferroic
behavior of BiFeO3 thin films on Nb:SrTiO3 substrates is examined. Since Wang and
coworkers reported a large enhancement of the magnetization from M < 10 kA/m to
150 kA/m (≈ 1 µB /f.u.) due to epitaxial strain in their pioneering work on BiFeO3
thin films [32], we restricted our research on BiFeO3 to strained thin films with
thicknesses lower than 120 nm.
10

The calculated transverse conductivity σxy,AHE is multiplied by a factor of 2.5 with respect to
the published calculations [206]. Therefore, the calculated conductivity is smaller compared to
the experiment (cf. Ref. [228]).
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4.4.1 Structural characterization of BiFeO3 thin films
The crystal structure of bulk BiFeO3 has been widely studied over the last 30 years
[145]. However, until recently, no conclusive data on the evolution of the crystal structure in the vicinity of the ferroelectric Curie temperature Tc and above
was available. In 2009, Arnold and coworkers performed high-temperature neutron
diffraction experiments revealing a GdFeO3 -type P bnm (Glazer notation: a− a− c+ )
orthorhombic symmetry in the temperature range of Tc < T < Tc + 95 K [232]. The
crystal structure of this high temperature phase is displayed in Fig. 4.8(a) based on
a pseudo-cubic lattice. Therefore, above the Curie temperature, BiFeO3 behaves like
other perovskite orthoferrites, where the long-range order vanishes. Below Tc , the
BiFeO3 crystal exhibits a non-centrosymmetric rhombohedral R3c symmetry [145]
with lattice parameters of aR3c = 0.56343 nm and αR3c = 59.35◦ (cf. Fig. 4.8(b))
[141]. Neutron diffraction experiments suggest a phase coexistence of the orthorhombic high temperature and the rhombohedral low temperature phase around Tc [232].
This is consistent with the first-order nature of the transition and should also be
visible in specific-heat measurements. However, this could not be confirmed in our
experiments on polycrystalline BiFeO3 samples, where no anomalies around 1000 K
could be found (cf. Fig. 4.2(a)).
In the low temperature phase, not only an antiphase rotation of the oxygen octahedra with an angle of 11◦ − 14◦ [141, 145] along the pseudo-cubic h111ipc directions
exists (Glazer notation: a− a− a− ) but also a strong distortion of the FeO6 octahedra.
This is caused by the Bi lone pair and results in an off-centering of the Fe ion by
0.0134 nm [141], which yields a finite electric polarization. The distortion can be
classified by the Goldschmidt tolerance factor t with t = 0.89 [13] using the ionic
radii published by Shannon [233] with Bi3+ in eightfold coordination (the value for
12-fold coordination is not reported). This value deviates largely from the ideal
tolerance factor of t = 1 for the cubic perovskite structure P m3m (Glazer notation:
a0 a0 a0 ). Therefore, the oxygen octahedra have to buckle in order to fit into a cell
that is too small leading to an Fe-O-Fe angle of about 154◦ [141].
We now turn to BiFeO3 thin films. Since the thin film fabrication process takes
place at temperatures below 873 K, the rhombohedral symmetry is the base for
BiFeO3 thin films and no crystalline phase transitions are expected on cooling from
the growth temperature to room temperature.
In recent years, the structural properties of BiFeO3 thin films have been extensively studied. Tetragonal [234], rhombohedral [235], monoclinic [236], and triclinic
[237] symmetries were reported as a function of the thin film thickness [238–240],
substrate material [241, 242], and substrate orientation [243, 244]. This suggests
that the epitaxial strain arising from the difference in the lattice parameters of the
thin film and the substrate strongly affects the crystal structure, which should have
significant influence on the physical properties of ferroelectric thin films [245]. This
might be exploited to engineer the physical properties of BiFeO3 thin films through
strain. As an example, recently, different groups have tried to stabilize a tetragonal
symmetry through epitaxial strain [246, 247], which, in principle, should lead to a
giant axial ratio enhancing the ferroelectric polarization [248, 249]. However, it was
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Figure 4.8: (a) High-temperature P bnm and (b) low-temperature R3c crystal structure
of BiFeO3 single crystals sketched in a pseudo-cubic reference setting. The primitive
cell of each phase is marked in green. The structural parameters were taken from
Refs. [232] and [141], respectively.

found, that neither the ferroelectric nor the magnetic properties vary significantly
with strain at room temperature [160, 246, 250]. One exception seems to be the
strain dependence of the Curie temperature Tc , which was recently observed by Infante and coworkers in BiFeO3 thin films [242]. This is surprising, since ferroelectric
materials are normally very sensitive to strain effects [251]. However, extrinsic effects such as imperfections of the crystal lattice or a multiphase state strongly affect
the physical properties and should be taken into account when describing ferroelectric thin films under epitaxial strain [165, 252–254]. As an example, recently,
large electric field-induced strains were reported in BiFeO3 thin films, which exhibit
regions with tetragonal- and rhombohedral-like symmetries, i.e., a crystalline multiphase state [255]. In these thin films, a reversible electric-field-induced strain of
more than 5% was found due to moving the boundaries between tetragonal- and
rhombohedral-like phases.
In this thesis, we focus on BiFeO3 thin films deposited directly on Nb:SrTiO3 (001)oriented substrates as well as on SrRuO3 -buffered SrTiO3 (001) crystals. The rhombohedral structure of bulk BiFeO3 can be described in a pseudo-cubic lattice with
lattice parameter apc = 0.396 nm [243]. Using this value and a lattice parameter
of 0.3905 nm for SrTiO3 [256], the lattice mismatch between BiFeO3 and SrTiO3
can be estimated to −1.4%. From the theoretical point of view, employing density functional calculations, thin films grown on cubic substrates under compressive
epitaxial strain should be monoclinic with either Cm or Cc symmetry [247, 249].
The two space groups differ by the absence (Cm) and presence (Cc) of oxygen octahedral rotations along the out-of-plane direction leading either to a a+ a+ c0 or
a− a− c− tilted system [257]. The a− a− c− system is similar to the rhombohedral
a− a− a− one, justifying the notation “R-phase” for BiFeO3 thin films exhibiting a
Cc symmetry [241, 249]. Using the standard setting, the unit-cell axes of the Cc
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Figure 4.9: (a) Schematic illustration of the growth of BiFeO3 (BFO) thin films with Cc
symmetry (R-phase) on SrTiO3 (001)-oriented substrates. The unit cell of the Cc symmetry in a pseudo-cubic reference setting (I1a1 space group) is marked in green. (b)
Reciprocal space map around the BiFeO3 (1.5 1.5 1.5)pc reflection using synchrotron
x-ray diffraction. The reciprocal lattice units (rlu) are related to the pseudo-cubic
BiFeO3 lattice. The measurement was performed on a 23 nm thick BiFeO3 film deposited on a SrRuO3 -buffered SrTiO3 substrate at the XMaS beamline BM28 located
at the European Synchrotron Radiation Facility (ESRF).

space group, (aCc , bCc , cCc ) are related to the pseudo cubic axes (apc , bpc , cpc ) as
aCc = apc + bpc + 2cpc , bCc = −apc + bpc , and cCc = −apc − bpc . With a new choice
of axes, the space group Cc can equivalently be transformed into a I1a1 space
group, resulting in a simpler correlation with the pseudo-cubic cell: aCc = apc + bpc ,
bCc = −apc + bpc , and cCc = 2cpc [258]. This basis is used to describe the Cc space
group in the following (cf. Fig. 4.9(a)). Within this setting, the unit cell is built
up by two Cm-type subcells stacked along the out-of-plane direction exhibiting an
anti-phase tilt of the neighboring FeO6 octahedra. This antiferrodistortive arrangement of the oxygen octahedral tilt will cause superlattice reflections represented by
all-odd or two-odd type indices with respect to the pseudo-cubic cell [258], which can
be observed using x-ray diffraction. Figure 4.9(b) shows the results of x-ray diffraction measurements on a 23 nm thick BiFeO3 film deposited on a SrRuO3 -buffered
SrTiO3 substrate using synchrotron radiation. The measurements were carried out
at the XMaS beamline BM28 located at the European Synchrotron Radiation Facility (ESRF) (cf. Section 2.1.3). Clearly, a finite intensity is visible around the
(1.5 1.5 1.5)pc reflection, which is indexed with respect to the pseudo-cubic lattice
of BiFeO3 . This reflection is absent in the rhombohedral R3c space group [259],
confirming a monoclinic Cc symmetry of BiFeO3 thin films fabricated on SrRuO3 buffered SrTiO3 substrates. Therefore, the rotation of the oxygen octahedra is not
fully clamped by the substrate even in BiFeO3 thin films with thicknesses as low as
23 nm. However, at larger epitaxial strain, the rotation of the oxygen octahedra can
be destroyed. For example, the superstructure peak was observed for BiFeO3 thin
films grown on SrTiO3 substrates (lattice mismatch: −1.4%), but not detectable for
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Figure 4.10: Reciprocal space maps and q-scans around (a) SrTiO3 (001) and (b)
SrTiO3 (013) of a 22 nm thick BiFeO3 film grown on a Nb:SrTiO3 substrate. The
finite thickness fringes are simulated using the software LEPTOS (green line in the left
panel of (a)).

BiFeO3 thin films on LaAlO3 (lattice mismatch: −4.8%) [247]. Thus, depending on
the lattice mismatch either Cm or Cc are favored in BiFeO3 thin films. Since in
this thesis we restrict our discussion to BiFeO3 thin films grown on (001)-oriented
SrTiO3 substrates, the BiFeO3 thin films will be indexed with respect to the I1a1
space group utilizing the Cc symmetry.
BiFeO3 thin films on Nb:SrTiO3 substrates
As Nb-doped SrTiO3 substrates satisfy the requirements for an electrode material
in dielectric measurements [260, 261], BiFeO3 thin films are deposited directly on
(001)-oriented Nb:SrTiO3 substrates. As an example, Fig. 4.10 shows the structural
properties obtained by x-ray diffraction measurements carried out at room temperature on a 22 nm thick BiFeO3 film. The reciprocal space map as well as the q00L -scan
around SrTiO3 (001) depicted in the left panel of Fig. 4.10(a) reveal finite thickness
fringes attesting a high crystalline quality. The simulation of these fringes using the
software LEPTOS [196] fits nicely to the experimental data (cf. green solid line in
Fig. 4.10(a)). The coherent thickness of 22 nm arising from the simulation coincides
well with the thickness revealed using x-ray reflectometry measurements (not shown
here), indicating a coherent growth of the BiFeO3 thin film over the whole thickness. Furthermore, the simulation, which assumes a homogeneous spacing of the
crystallographic planes parallel to the surface, proves that strain gradients along the
out of plane direction can be neglected. The mosaicity in the out of plane direction
disclosed by the full width at half maximum (FWHM) of 0.038◦ of the rocking curve
around the pseudo-cubic BiFeO3 (001)pc reflection is very low in terms of oxide materials grown by pulsed laser deposition [262]. This low mosaicity is also visible in
the transverse qH00 -scan at qL = 0.958 rlu shown in the upper panel of Fig. 4.10(a).
Moreover, no tilt of the scattering planes in the out of plane direction is detectable,
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which indicates that the [001] direction of the BiFeO3 thin film is fixed to the out
of plane direction of the substrate. However, Fig. 4.10(a) reveals that the qH00 -scan
consists of two components: a sharp one occurring at the specular condition as well
as diffuse scattering, which results in a broad distribution. The former component
arises from long-range order and the latter one from short-scale disorder, which
might be caused by weak defects (point defects and their clusters) as well as by
strong defects (dislocations and their pile-ups) [74].
Since BiFeO3 thin films on SrTiO3 (001) exhibit a monoclinic symmetry, different crystalline domains are unavoidable. These domains can be investigated using x-ray diffraction (XRD) measurements around asymmetric reflections. As an
example, the result of XRD measurements around the SrTiO3 (013) reflection are
shown in Fig. 4.10(b). The splitting of the pseudo-cubic BiFeO3 (013)pc reflection,
which is even more pronounced in the q00L -scan at qK = 1.0 (cf. right panel of
Fig. 4.10(b)), reveals different monoclinic domains present in the BiFeO3 thin film.
This suggests that the critical thickness for pseudomorphic growth of BiFeO3 on
SrTiO3 (001) is slightly lower than 22 nm, which is in agreement with the experimental results previously reported by Daumont et al. [240] as well as by Chu and
coworkers [262]. In contrast, other groups found critical thicknesses even up to
90 nm [160, 238, 239, 263, 264]. This confirms that the determination of the symmetry and the strain state of BiFeO3 thin films is demanding. From XRD measurements around SrTiO3 (001), SrTiO3 (013), and SrTiO3 (113) (not shown here), the
BiFeO3 lattice constants can be derived in a Cc symmetry: a = (0.553 ± 0.002) nm,
b = (0.551 ± 0.002) nm, c = (0.8154 ± 0.0004) nm, and β = (90.6 ± 0.1)◦ . Since the
reflections caused by the different monoclinic domains are not well separated from
each other, a precise determination of the lattice constants is difficult, resulting in
large uncertainties. Using these lattice parameters, the in-plane and out-of-plane
strain state can be calculated to −1.43% and 2.8%, respectively. Therefore, BiFeO3
thin films with a thickness of 22 nm are nearly fully strained and exhibit a large out
of plane elongation, which results in a Poisson ratio of about ν = 0.49. This ratio is
unusual, since a typical value for oxide thin films is around ν = 0.25 [235], and might
be explained by an anisotropic elastic behavior [265]. Using the lattice constants of
BiFeO3 thin films published by other groups [236, 238, 240, 243, 244], Poisson ratios
in the range of 0.45 to 0.50 can be calculated, which confirms our results. Smaller
values of ν < 0.45, which are reported by Refs. [246, 263], might be attributed
to non-stoichiometric effects. You and coworkers recently found a decrease of the
out-of-plane lattice parameter when decreasing the Bi/Fe ratio in BiFeO3 thin films
[266]. Since only a small variation of the in-plane lattice parameter due to substrate
clamping effects are expected, the decrease of the Bi/Fe ratio will change the Poisson
ratio to lower values by simply decreasing the volume of the unit cell. This suggests
that BiFeO3 thin films with Poisson ratios between 0.45 and 0.50 exhibit the correct
stoichiometric Bi/Fe ratio.
With the knowledge of the Poisson ratio the critical thickness of BiFeO3 thin
films can be estimated. Two different models are commonly used to calculate the
critical thickness of epitaxial thin films, which describes the onset of strain relaxation
by misfit dislocations at the growth temperature [267]. Employing the Matthews-
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Blakeslee criteria [268] with a Poisson ratio of ν = 0.49 , the critical thickness for
the formation of misfit dislocations can be calculated to be 4 nm [269], which is by
far too low to describe the experimentally derived value.11 The People-Bean model,
which is applicable to thin film systems with moderate misfit strain, could be more
appropriate in ferroelectric thin films [269]. This model assumes that dislocations
have to nucleate, which leads to a simple energy balance of the strain energy versus
the energy cost of dislocation nucleation. Within this model a critical thickness of
24 nm was calculated, which is in good agreement with experiment even without
considering kinetic contributions [267, 272]. Therefore, a measured Poisson ratio of
about ν = 0.49 not only suggests that we have BiFeO3 thin films with the correct
stoichiometric composition but also naturally explains the experimentally obtained
value of the critical thickness in the limit of the phenomenological People-Bean
model.
As discussed in the context of Fig. 4.10, the relaxation of the misfit strain in
BiFeO3 thin films takes place by forming different domains. In principle, growing
materials with monoclinic symmetry on cubic substrates not only leads to elastic
strains caused by the lattice mismatch, but also to finite shear strains in the thin
films. The former can be diminished by the formation of misfit dislocations and the
latter can be reduced by the formation of structural domains with an alternating
sign of shear strain [273]. Since we only consider BiFeO3 thin films with moderate compressive strain, the thin films are similar to the rhombohedral parent phase
(R-phase) and exhibit four monoclinic domains. Following the notation of Streiffer
and coworkers [274], the four distinct ferroelastic variants (ri with i = 1 − 4) can be
described as shown in Fig. 4.11(a). Each domain exhibits two possible ferroelectric
polarizations (±Pi with i = 1 − 4), which are assumed to be oriented along the body
diagonal of the distorted pseudo-cubic unit cell (cf. Fig. 4.11(a)). In order to determine the domain structure of BiFeO3 thin films, q00L -scans around the asymmetric
SrTiO3 (103) and SrTiO3 (113) reflections with different in-plane orientations of the
sample were carried out (Fig. 4.11(b) and (c)). While two of the four domains are
distinguishable in the q00L -scans around SrTiO3 (103) (cf. Fig. 4.11(b)), XRD measurements around the asymmetric SrTiO3 (113) reflection allows to separate three
of the four variants (see Ref. [240] for more details). Figures 4.11(b) and (c) reveal
peak splittings of both types of pseudo-cubic BiFeO3 reflections for each in-plane
orientation, which proves the presence of all four domains even for a BiFeO3 thin film
with a thickness as low as 22 nm [275]. This is in agreement with several reports on
BiFeO3 thin films deposited on SrRuO3 -buffered SrTiO3 substrates [155, 240, 276].
Here, no preferential formation of the four ferroelastic domains was reported for
BiFeO3 thin films with thicknesses lower than 87 nm [240].12
The presence of different monoclinic domains, which are accompanied by domain
walls imposing edge dislocations in BiFeO3 thin films [274, 277], certainly influences
11

Here, a strain value of 1.34% at the growth temperature of 853 K was used [256, 270]. Although,
the reported values for the coefficient of the thermal expansion differ significantly [270, 271],
they alone cannot explain the low critical thickness.
12
The preferential formation of monoclinic domains is discussed in the context of SrRuO3 -buffered
SrTiO3 substrates at the end of this section.
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Figure 4.11: (a) Schematic illustration of the four ferroelastic domains in the R-phase
of BiFeO3 . The monoclinic unit cells are represented by green lines. To enhance the
visibility, the unit-cells are greatly simplified and only the Bi ions are shown (red dots).
The polarization (blue arrows) is assumed to be oriented along the body diagonal of
the pseudo-cubic unit cell. To determine the domain structure of BiFeO3 thin films,
q00L -scans around the asymmetric (b) SrTiO3 (103) and (c) SrTiO3 (113) reflections
were performed with different in-plane orientations of the sample, i.e., different phi
angles. The intensity of each scan is scaled by the given factor.

the physical properties of these thin films. In particular, a high leakage current
caused by conducting domain walls [278] together with a low remanent polarization
[276] are expected in dielectric measurements. On the other hand, novel functionalities such as a strong magnetoelectric coupling were observed at the domain walls
in BiFeO3 [137, 278].
With increasing thickness of BiFeO3 thin films, relaxation of the misfit strain occurs mainly by the formation of dislocations [279], which can be investigated by
diffraction techniques (cf. Section 2.1.3). In Fig. 4.12(a), q00L -scans along (qH = 0.0)
and just beside (qH = 0.025) the crystal truncation rod around the symmetric
pseudo-cubic BiFeO3 (001)pc reflection carried out on BiFeO3 thin films with thicknesses ranging from 22 nm to 88 nm, which are fabricated in a continuous growth
mode using a slow growth rate (cf. Section 4.2), are shown. The intensity of the
former type of q00L -scans is a superposition of the intensity caused by coherent and
diffuse scattering, while diffuse scattering mainly contributes to the intensity in the
q00L -scans at qH = 0.025. At a thickness of 22 nm, the maximum of the Bragg reflection of BiFeO3 (001)pc and the maximum of the diffuse scattering coincide, confirm-
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Figure 4.12: X-ray diffraction measurements on BiFeO3 thin films with different thicknesses deposited on Nb:SrTiO3 (001) substrates: (a) q00L -scans and (b) transverse
qH00 -scans around the pseudo-cubic BiFeO3 (001)pc reflections as well as (c) q00L -scans
and (d) transverse q0K0 -scans around BiFeO3 (013)pc . The intensity of the q00L -scans
in (a) and (c) are multiplied by the given factors. To reveal the influence of dislocations on the diffraction profile, q00L -scans along (qH = 0.0, full symbols) and just
beside (qH = 0.025, open symbols) the crystal truncation rod are displayed in (a).

ing a low density of dislocations [280]. Increasing the film thickness, the maximum
of the diffuse scattering shifts to higher qL -values than the specular reflection, which
implies a lower, partially relaxed, out-of-plane lattice constant. Furthermore, the
intensity of the diffuse part increases from 22 nm to 88 nm indicating an increase of
the dislocation density in these thin films. This is also observable in the transverse
qH00 -scans around the pseudo-cubic BiFeO3 (001)pc reflection (Fig. 4.12(b)). These
scans disclose two components. Whereas the long range mosaicity revealed by the
full width at half maximum (FWHM) of the sharp component around the specular
reflection slightly increases with increasing film thickness (FWHM of rocking curves
around BiFeO3 (002) ranges from 0.04◦ to 0.06◦ ), the intensity of the broad component caused by diffuse scattering strongly raises between d = 22 nm and d = 38 nm.
Thus, in this thickness range, the misfit strain seems to relax by the formation
of misfit dislocations. Interestingly, the intensity of the broad component is only
slightly enhanced by further increasing the film thickness.
As revealed by the q00L -scans, in the intermediate thickness range (22 nm < d <
88 nm), an asymmetric shape of the BiFeO3 (001)pc Bragg reflections together with
asymmetric finite thickness fringes are observed, indicating inhomogeneities within
the crystalline lattice (cf. Fig. 4.12(a)). Since for symmetric Bragg reflections only
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the lattice parameter perpendicular to the surface is accessible, solely the effect of
the inhomogeneities along the surface normal is visible. The reason for these inhomogeneities can be strain gradients as well as changes of the chemical composition.
The former will arise due to strain relaxation and the latter from variations of the
Bi/Fe ratio as a function of film thickness, which can be attributed to the high
volatility of Bi at the growth temperature. Assuming a stoichiometric thin film, the
relaxation of misfit strain causes a shift of the specular reflection along the relaxation
line, which connects the Bragg position of a completely relaxed and fully strained
thin film in the reciprocal space. In contrast, in thin films with a constant strain
state exhibiting a gradient in the chemical composition, a broadening and shift along
lines that connect the reciprocal lattice points of the substrate and the thin film are
observed. By performing x-ray diffraction measurements around asymmetric reflections of BiFeO3 thin films with different thickness, the effects stemming from strain
relaxation and non-stoichiometry can be separated. Figures 4.12(c) and (d) depict
q00L - as well as q0K0 -scans around the asymmetric BiFeO3 (013)pc reflection. Again
the q00L -scans reveal several monoclinic domains. Concentrating on the monoclinic
domains with the highest intensity, the transverse q0K0 -scans shown in Fig. 4.12(d)
disclose a relaxation of the in-plane lattice constants of thin films with thicknesses
larger than d = 22 nm. The relaxation process can be visualized in a qL -qK -diagram
using the qL and qK positions of the maximum intensity of BiFeO3 (013)pc reflections. In addition, the relaxation line was calculated employing the Poisson ratio
of 0.49 (cf. dashed line in Fig. 4.13(a)). As evident from Fig. 4.13(a), the experimentally derived data (cf. full symbols in Fig. 4.13(a)) follows the relaxation line,
but they are shifted by ∆qL = 0.005 compared to the theoretical line. This can
be explained by a reasonable systematic error mainly caused by a displacement of
both the sample and the x-ray beam with respect to the center of the diffractometer.
This error can be reduced by taking into account BiFeO3 (00l)pc reflections up to the
fourth order (l = 4) and utilizing the Nelson-Riley method (cf. Section 2.1.3). This
results in positions of the BiFeO3 (013)pc reflections as shown by the open symbols
in Fig. 4.13(a), which follow nicely the theoretical relaxation line. Therefore, the
variation of the Bragg reflections visible in Fig. 4.12 can be attributed to strain
relaxation rather than changes of the Bi/Fe ratio, which further proves the correct
stoichiometry in our BiFeO3 thin films.
The relaxation of the in-plane lattice spacing along the pseudo cubic [010]pc direction, which corresponds to the monoclinic [110]m direction of the BiFeO3 lattice
in the Cc symmetry (cf. Fig. 4.9(a)), is in agreement with x-ray diffraction measurements published by Chu and coworkers [262]. However, other groups reported a
nearly independent behavior of the lattice constants along [110]m and [001]m below
a thickness of 100 nm using SrRuO3 as buffer layer [240, 263]. As discussed in the
context of Fig. 4.12(b), the relaxation of nearly pseudomorphic to partially relaxed
BiFeO3 thin films increases the density of dislocations. To investigate this in more
detail, the integrated intensities caused by coherent and diffuse scattering was derived by extracting the intensity evolution of transverse qH00 -scans in the range of
0.94 < qL < 0.985 around the symmetric BiFeO3 (001)pc reflection. For this purpose, reciprocal space maps were recorded using BiFeO3 thin films with different
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Figure 4.13: (a) The qL -qK -diagram of BiFeO3 thin films grown on Nb:SrTiO3 substrates
with different thicknesses illustrates the strain relaxation process. The qL and qK
positions of the BiFeO3 (013)pc reflections are marked by full symbols. The systematic
error in the out-of-plane direction can be reduced by taking into account BiFeO3 (00l)pc
reflections up to the fourth order (l = 4) and utilizing the Nelson-Riley method (open
symbols). The relaxation line calculated using a Poisson ratio of 0.49 is marked by the
dashed line. (b) Pseudo-cubic out-of-plane lattice constant cpc (full symbols), which
is determined using the Nelson-Riley method (cf. Section 2.1.3), and the normalized
integrated intensity caused by diffuse scattering R = Idiffuse /Itotal (open symbols) as
a function of the film thickness d. Idiffuse denotes the integrated intensity caused by
diffuse scattering and Itotal = Icoherent + Idiffuse the total integrated intensity. Both
values were obtained by extracting the intensity evolution of transverse qH00 -scans in
the range of 0.94 < qL < 0.985 around the symmetric BiFeO3 (001)pc reflection. (c)
Conventional Williamson-Hall plot as discussed in Section 2.1.3. The microstrain of
the BiFeO3 thin films i can be determined from the slope of the linear dependence
Q
between the change of the momentum transfer ∆K = ∆Q
2π and K = 2π . For this
purpose the pseudo-cubic BiFeO3 (00l)pc reflections with l = 1 − 3 are used (dashed
lines). (d) The microstrain i and the average out-of-plane strain a , which is derived
using the pseudo-cubic out-of-plane lattice constant cpc , reveal an inverse behavior as
a function of the film thickness d. The gray symbols mark the BiFeO3 samples, which
are fabricated using the imposed layer-by-layer technique described in Section 4.2.

thicknesses (not shown here). In Fig. 4.13(b), the normalized integrated intensity
caused by diffuse scattering R = Idiffuse /Itotal with Itotal = Icoherent + Idiffuse as well
as the pseudo cubic out-of-plane lattice constant cpc are plotted as a function of the
BiFeO3 film thickness. Furthermore, data, which were derived from BiFeO3 thin
films fabricated using the imposed layer-by-layer technique are also included in the
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figure (gray symbols). As evident from Fig. 4.13(b), these data fit nicely into the
thickness behavior of BiFeO3 thin films fabricated in a continuous growth mode with
a slow growth rate. Therefore, it seems that there is no significant difference in the
structural properties for both fabrication techniques. Figure 4.13(b) further reveals
that the pseudo cubic lattice constant cpc and the normalized integrated intensity
caused by diffuse scattering R are correlated. While cpc decreases with increasing
film thickness, the R value increases continuously. This suggests that the relaxation
of the pseudomorphic growth creates defects in BiFeO3 thin films, which increases
the diffuse scattering.
It is generally implied that this strain relaxation takes place at or near the interface
between thin film and substrate [165]. Thus, the strain field associated by misfit
dislocations should be localized at the interface and apart from the first monolayers
the strain state across the thin film should be homogeneous and only dependent on
the total thickness. In contrast, the asymmetric peak shape along the out-of-plane
direction visible in the q00L -scan around the BiFeO3 (001)pc reflection of thin films
with thicknesses in the range of 22 nm < d < 88 nm suggests a strain gradient over
the whole thickness of the thin film. Therefore, the strain should be described not
only depending on the total thickness d, but also as a function of the distance z to
the film-substrate interface (z, d) [75]. One thus expects that the strain relaxation
∆(z, d)/∆z should be proportional to the strain itself, which yields an exponential
behavior
 z
,
(z, d) = 0 exp −
δ
where 0 is the strain at the film-substrate interface at z = 0 and δ is a characteristic
decay length of the strain [281].13 Both parameters can be derived by estimating
the local mean strain i of the thin film using a Williamson-Hall-type approach
(cf. Section 2.1.3) [75], which is one method to separate size and strain broadening
of x-ray diffraction peak profiles [283]. The conventional Williamson-Hall relation
and
predicts a linear dependence of the change of the momentum transfer ∆K = ∆Q
2π
Q
K = 2π . However, in case of our BiFeO3 thin films using the pseudo-cubic (00l)pc
reflections with l = 1 − 4, Fig. 4.13(c) reveals that the data corresponding to the
fourth order of diffraction significantly deviate from the linear behavior, which might
be attributed to larger uncertainties in determining the instrumental resolution, since
peak broadening caused by the diffractometer itself becomes significant at higher
diffraction order. Furthermore, the intensity of the pseudo-cubic BiFeO3 (004)pc
reflection is weak, resulting in a large error in measuring the integral breadth βmeas
of this reflection (cf. Section 2.1.3). However, using the BiFeO3 (00l)pc reflections
with l = 1 − 3, the mean microstrain i = KD rms , where rms denotes the local
root mean square strain and KD depends on the nature of the lattice distortion as
well as the underlying model of the microstrain [68], can be derived as a function of
the film thickness (cf. Fig. 4.13(d)). By comparing i and the average out-of-plane
strain a , which is obtained from the pseudo-cubic lattice constant cpc shown in
13

If the strain gradient is only caused by dislocations, a more precise calculation of the vertical
profile can be found in Ref. [282].
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Fig. 4.13(b), an inverse behavior is revealed. With increasing thickness of the BiFeO3
thin film, the relaxation reduces the average out-of-plane strain a and increases
the internal strain i mainly due to the formation of dislocations. Now, following
Catalan and coworkers [75], the strain profile can be determined by calculating the
parameters 0 and δ. For this purpose, the scaling factor
unity and
p KD is set to
2
2
2
¯
asymmetric effects are neglected, so that i = rms = h i =  − ¯ = ¯2 − 2a .
Using the average out-of-plane strain a depicted in the inset of Fig. 4.10(c) and
the derived internal strains i , 0 and δ are determined to 0 = (0.036 ± 0.002)
and δ(d) = (15.4 ± 1.7) nm + (0.71 ± 0.03) · d, respectively. However, both values
are larger than expected. This could be an indication for a significant density of
imperfections such as point defects, impurities, and/or threading dislocations at the
interface between thin film and substrate. On the other hand, quantitative values
may vary depending on the approach used (cf. Ref. [284]). In particular, peak
profile fitting including finite thickness fringes would be more appropriate for thin
films with low thickness [285]. However, Catalan and coworkers found similar results
using either a detailed peak profile fit or employing the Williamson-Hall method [75].
In summary, BiFeO3 thin films with high crystalline quality were deposited on
(001)-oriented Nb doped SrTiO3 substrates. Using advanced diffraction techniques,
the stoichiometry of our thin films could be demonstrated. A detailed analysis of
the structural properties revealed a critical thickness of pseudomorphic growth of
less than 22 nm. BiFeO3 thin films with larger thicknesses start to release the misfit
strain by formation of dislocations, which enhances the diffuse part of the diffraction
intensity. Furthermore, an asymmetric shape of the diffraction profile was detected.
This indicates that a strain gradient along the out-of-plane direction is present in
these thin films. This was analyzed in more detail using the Williamson-Hall method.
Strain gradients certainly have strong influence on the physical properties of ferroelectric thin films [75, 165, 252, 254, 286]. Therefore, reducing the internal strain gradient is essential for ferroelectric thin films with high dielectric quality. As discussed
in Section 4.3, BiFeO3 thin films fabricated on SrRuO3 -buffered SrTiO3 substrates
might exhibit less internal microstrain than BiFeO3 thin films on Nb:SrTiO3 .
BiFeO3 thin films on SrRuO3 -buffered SrTiO3 substrates
Using SrRuO3 as buffer layer for the growth of BiFeO3 thin films seems to be promising, since SrRuO3 is widely used not only as bottom electrode but also as buffer
material providing clean and nearly defect free surfaces (cf. Section 4.3). BiFeO3
thin films were grown on SrRuO3 -buffered SrTiO3 substrates using the same deposition parameters as described in Chapter 4.2.1, which were found to be optimal for
the growth of BiFeO3 thin films on Nb:SrTiO3 substrates. In order to compare the
structural properties of BiFeO3 thin films fabricated on Nb:SrTiO3 and on SrRuO3 buffered SrTiO3 substrates, the same analysis as discussed above for BiFeO3 thin
films grown on Nb:SrTiO3 is carried out in the following.
Figure 4.14 shows the structural properties of BiFeO3 thin films grown on SrRuO3 buffered SrTiO3 (001) substrates with different thicknesses. In analogy to Fig. 4.13,
the experimental data depicted in Fig. 4.14 are mainly based on BiFeO3 thin films
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Figure 4.14: X-ray diffraction measurements on BiFeO3 thin films with different thickness grown on SrRuO3 -buffered SrTiO3 (001)-oriented substrates with different thicknesses: (a) q00L -scans and (b) transverse q-scans around the BiFeO3 (001)pc reflection,
(c) out-of-plane pseudo-cubic lattice constant cpc and normalized integrated intensity
caused by diffused scattering R as a function of BiFeO3 film thickness d, (d) out-ofplane strain a and internal strain i as a function of d. The gray symbols label the data
derived from BiFeO3 samples, which were fabricated using the imposed layer-by-layer
technique (cf. Section 4.2).

fabricated using a continuous growth mode with a slow repetition rate of the laser
of 0.5 Hz, while the structural results from BiFeO3 thin films grown by the imposed
layer-by-layer technique are depicted by gray symbols (cf. Figs. 4.14(c) and (d)).
X-ray diffraction measurements on BiFeO3 thin films grown on SrRuO3 -buffered
SrTiO3 reveal a similar crystalline quality as BiFeO3 thin films deposited on Nb
doped SrTiO3 substrates (cf. Figs. 4.12(a), (b) and Figs. 4.14(a), (b)). The FWHM
of rocking curves around the pseudo-cubic BiFeO3 (001)pc reflection ranges from
0.040◦ to 0.046◦ , which proves that BiFeO3 thin films have low mosaic spread up
to a thickness of 120 nm. However, q00L -scans measured along (qH = 0.0) and close
(qH = 0.0025) to the coherent crystal truncation rod depicted in Fig. 4.14(a) disclose an increasing intensity due to diffuse scattering with increasing thickness d
of the BiFeO3 thin film. The diffuse scattering even contributes to the q00L -scan at
qH = 0.0 resulting in a double peak around the BiFeO3 (001)pc reflection (cf. full blue
symbols in Fig. 4.14(a)). Note that the shoulder observed at around qL = 0.91 rlu
can be attributed to finite thickness fringes caused by the 10 nm thick SrRuO3 buffer
layer. The increase of the intensity due to diffuse scattering is also visible in the
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transverse qH00 -scans around the BiFeO3 (001)pc reflection displayed in Fig. 4.14(b).
Similar to the growth of BiFeO3 thin films on Nb:SrTiO3 substrates, the overall
intensity of these scans can be explained by a superposition of scattering on long
range mosaicity as well as intensity caused by diffuse scattering. Interestingly, the
sample with a thickness of 30 nm reveals satellite peaks at around qH = ±0.0025,
which might be explained by an ordered network of misfit dislocations [280]. In general, a detailed analysis of the x-ray diffraction results in terms of strain relaxation
and diffuse scattering reveals a different behavior of BiFeO3 thin films fabricated
on SrRuO3 -buffered SrTiO3 substrates as compared to BiFeO3 thin films deposited
on Nb:SrTiO3 crystals. First, the pseudo-cubic out-of-plane lattice constant cpc ,
which was derived using the Nelson-Riley method, discloses a slight increase with
increasing film thickness up to 38 nm. This is in agreement with the reported values in Refs. [244, 276], but in contrast to Ref. [240]. Assuming stoichiometric thin
films with no defects, the out-of-plane lattice constant should always decrease or at
most stay constant, since BiFeO3 thin films fabricated on SrRuO3 -buffered SrTiO3
are under tensile out-of-plane strain. Therefore, the increase in the lattice along
the out-of-plane direction could be an indication for extrinsic effects, such as nonstoichiometry like oxygen vacancies or variations of the Bi/Fe ratio. Moreover, the
structural properties of BiFeO3 thin films are also strongly affected by the quality
of the SrTiO3 substrate and the SrRuO3 buffer layer [276, 287]. On the other hand,
recent theoretical calculations reveal an unusual dependence of the lattice volume on
the lattice strain in the limit of moderate compressive in-plane strain of 0% to −2%
[249]. However, to conclusively explain the elastic behavior of our BiFeO3 thin films
with thicknesses lower than 38 nm, further measurements are needed. As obvious
from Fig. 4.14(c), BiFeO3 thin films with thicknesses larger than 38 nm exhibit an
almost constant out-of-plane lattice parameter, which is in agreement with other
publications [240, 263]. This suggests that the strain relaxation takes place in the
film plane for 38 nm < d < 120 nm [240]. Similar to the evolution of the out-ofplane lattice constant cpc , the integrated intensity ratio caused by diffuse scattering
R strongly increases between d = 30 nm and 49 nm, indicating a significant growth
of the defect density. At larger thickness, R stays almost constant resembling the
evolution of the out-of-plane lattice parameter. Almost the same behavior is observed for the microstrain i , which is determined by the Williamson-Hall method
(cf. Fig. 4.13(c)), and the average out-of-plane strain a . This is in contrast to the
behavior found in BiFeO3 thin films fabricated on Nb:SrTiO3 substrates. Therefore,
the relaxation of the misfit strain seems to be different in BiFeO3 thin films deposited
on SrRuO3 -buffered SrTiO3 substrates than on Nb:SrTiO3 crystals, which would be
worth to be studied in the future using synchrotron radiation. By comparing the
absolute values of the intensity ratio R as well as the microstrain i of BiFeO3 thin
films grown on SrRuO3 -buffered SrTiO3 substrates with values derived for BiFeO3
thin films fabricated directly on Nb:SrTiO3 crystals, a larger intensity due to diffuse scattering as well as an enhanced microstrain is obtained in BiFeO3 thin films
on SrRuO3 -buffered SrTiO3 substrates. Since the SrRuO3 buffer layer shows finite
thickness fringes above qL > 0.91 rlu, it will certainly influence the intensity ratio R.
But reciprocal space maps around the SrRuO3 (220) reflection reveal only a very low
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Figure 4.15: Reciprocal space maps around (a) SrTiO3 (002) and (b) SrTiO3 (103) of a
22 nm thick BiFeO3 film grown on a SrRuO3 -buffered SrTiO3 (001) substrate exhibiting
a miscut angle of about 1◦ . For comparison, the q00L -scan carried out on a 22 nm thick
BiFeO3 film directly grown on a Nb:SrTiO3 substrate with low miscut angle (< 0.1◦ )
is shown in the right panel of (b) (gray open symbols).

intensity due to diffuse scattering. Therefore, the SrRuO3 buffer layer alone cannot
explain the surprising high R and i values.14 These values could be decreased by
reducing the number of monoclinic domains. As depicted in Fig. 4.11(a), different monoclinic domains reduce the shear strain in BiFeO3 thin films fabricated on
SrTiO3 (001)-oriented substrates. In analogy to SrRuO3 (cf. Section 4.3), a preferential formation of monoclinic domains can be achieved by using miscut substrates,
making it possible to engineer the domain state in BiFeO3 thin films [276].
Figure 4.15 shows the structural properties of a 23 nm thick BiFeO3 film fabricated on a SrRuO3 (22 nm)-buffered SrTiO3 substrate exhibiting a miscut angle of
about 1◦ . The reciprocal space map around the SrTiO3 (002) reflection reveals a tilt
of the out-of-plane [001]pc direction of the BiFeO3 thin film with respect to the [001]
direction of the substrate and the [110] direction of the SrRuO3 buffer layer. This
behavior is also observable in the transverse qH00 -scan around the BiFeO3 (002)pc reflection at qL = 1.918 rlu shown in the upper panel of Fig. 4.15(a). While the broad
component is symmetric with respect to qH = 0 rlu, the sharp component is shifted
to higher qH values. The difference of the intensity due to Bragg reflection and diffuse scattering is also visible in the reciprocal space map. The maximum intensity
of the diffuse scattering is not located around the BiFeO3 (002) Bragg reflection, but
shifted to higher qL -values. This indicates that the position of the Bragg peak is not
affected by dislocations, which are therefore separated from one another by more
than the lattice spacing [280]. The tilt of the scattering planes with respect to the
SrTiO3 substrate can be determined to (0.06 ± 0.01)◦ . The number of monoclinic
14

q00L -scans depicted in Fig. 4.14(a) reveal a significant peak broadening due to the increase
of diffuse scattering for thicknesses larger than 90 nm, which is taken into account in larger
uncertainties in i .
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domains can be investigated by performing x-ray diffraction measurements around
SrTiO3 (103) (cf. Fig. 4.11(b)). Figure 4.15(b) reveals no splitting of the pseudocubic BiFeO3 (103)pc reflection. The small humps visible around qL = 2.90 rlu in
the q00L -scan depicted in the right panel of Fig. 4.15(b) can be attributed to finite
thickness fringes. The q00L -scan carried out on a 22 nm thick BiFeO3 film grown on
a Nb:SrTiO3 substrate with low miscut angle is shown for comparison (cf. open gray
symbols in Fig. 4.11(b)). Since only two of the four monoclinic domains are distinguishable in the reciprocal space around SrTiO3 (103), the single reflection observed
in Fig. 4.15(b) suggests the existence of only two monoclinic domain-types in this
sample. However, the preferential formation of certain monoclinic domains should
also decrease the number of twin-domain boundaries, which reduces the intensity
due to diffuse scattering. In fact, the intensity ratio of the diffuse scattering R is
reduced to 0.35 compared to 0.65 for BiFeO3 thin films grown on SrRuO3 -buffered
SrTiO3 substrates exhibiting low miscut angles. Therefore, the use of highly miscut
SrTiO3 substrates allows us to engineer the domain configuration in BiFeO3 thin
films, which certainly has great influence on the physical properties of these thin
films. Recently, Baek and coworkers fabricated even monodomain BiFeO3 (001)oriented samples [288].
To conclude, BiFeO3 thin films with excellent crystalline quality in terms of mosaic
spread were fabricated on SrRuO3 -buffered SrTiO3 substrates. However, no reduction of the microstrain as well as the intensity contribution due to diffuse scattering
were found in these thin films compared to BiFeO3 thin films deposited directly
on Nb:SrTiO3 crystals. This suggests that BiFeO3 thin films on SrRuO3 -buffered
SrTiO3 substrates exhibit a considerable amount of crystalline defects, such as dislocations. The intensity of the diffuse scattering could be significantly reduced by
decreasing the number of monoclinic domains in BiFeO3 thin films using a SrTiO3
substrate with a miscut angle of 1◦ . It was found that the four possible structural
domains are reduced to two, resulting in an intensity ratio of the diffuse scattering,
which is comparable to BiFeO3 thin films deposited on Nb:SrTiO3 .

4.4.2 Multiferroic properties of BiFeO3 thin films
The multiferroic properties, which are by far the most interesting aspects with regard
to BiFeO3 , are discussed in the following. Since the structural properties of BiFeO3
thin films reveal no significant improvement by using SrRuO3 buffer layers, we focus
only on thin films fabricated directly on Nb:SrTiO3 substrates.
Dielectric properties of BiFeO3 thin films
The dielectric properties and in particular the ferroelectric domain configuration of
a 38 nm thick BiFeO3 film grown on a Nb:SrTiO3 substrate are discussed in the
following. Since we focus on BiFeO3 thin films with thicknesses lower than 120 nm
in this thesis, measurements of the ferroelectric properties of these thin films using
a standard ferroelectric tester with macroscopic contacts (cf. Section 2.2.1) have not
been successful due to high leakage currents present in these samples. Therefore,
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the ferroelectric properties of BiFeO3 thin films were investigated by piezoelectric
force microscopy (PFM) (cf. Section 2.2.2). These measurements were carried out
by Denny Köhler (Institute of Applied Photophysics, Technische Universität Dresden).15
The ferroelectric state in BiFeO3 is realized by a large displacement of Bi relative to
the FeO6 octahedron, which is driven by the active lone pair of the 6s Bi3+ ion [125].
This leads to a distortion along the h111ipc direction of the orthorhombic pseudocubic cell upon crossing the phase transition from the paraelectric to the ferroelectric
state (cf. Section 4.4.1). As a consequence, four different ferroelastic domains can
form (cf. Fig. 4.11(a)). Each of them exhibits two polarization directions resulting
in eight possible polarization variants ±Pi (i = 1 − 4) with the polarization vectors
aligned along the four pseudo-cubic diagonals h111ipc . The domain walls separating
the different domain states are characterized by the rotational angle needed to match
the spontaneous polarization on both sides of the wall. Each of the eight polarization
vectors can therefore be separated by either 71◦ , 109◦ , or 180◦ domain walls in
BiFeO3 [274, 278]. These domains can be investigated using piezoelectric force
microscopy (PFM).
The results of piezoelectric force microscopy (PFM) measurements sensitive to
the out-of-plane and in-plane component performed at ambient conditions on an
as-grown 38 nm thick BiFeO3 film fabricated on a Nb:SrTiO3 substrate are shown
in Fig. 4.16. In addition, the topography of the BiFeO3 thin film measured simultaneously with the PFM signal is depicted in Fig. 4.16(a) and (d), respectively. The
measurements were carried out using an ac modulation with an amplitude between
0.5 V and 1.0 V as well as a frequency of 24 kHz.
As obvious from Fig. 4.16(a), this particular BiFeO3 sample was grown in an island
growth mode, resulting in a large root mean square (rms) roughness of more than
10 nm. Furthermore, no drift effects are detectable, which is proven by an excellent
reproducibility of the topography recorded simultaneously during the out-of-plane
and in-plane PFM measurements (cf. Fig. 4.16(a) and (d)). This enables us to compare both measurements and derive the ferroelectric domain configuration of this
thin film area. We start with the out-of-plane PFM measurements. The amplitude
and the phase, which respectively are sensitive to the local piezoelectric coefficient
and the polarization direction, of the out-of-plane PFM measurements reveal different results (cf. Fig. 4.16(b) and (c)). While the PFM phase shows a homogeneous
contrast, finite structures observed in the PFM amplitude suggest the presence of
different domains. This can be explained by taking into account a crosstalk between one of the in-plane components of the PFM signal and the out-of-plane PFM
signal [93]. On the other hand, the finite in-plane component visible in the out-ofplane contrast could also be an indication for polarization vectors deviating from the
pseudo-cubic h111ipc directions, which would confirm recent theoretical predictions
[240, 247, 249]. However, the PFM phase measured along the out-of-plane direction
suggests a constant out-of-plane component of the ferroelectric polarization, which
can be attributed to the existence of a self-poling effect as a consequence of the
15

More details on the PFM technique as well as on the results of our BiFeO3 samples can be found
in the PhD thesis of Denny Köhler [93].
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Figure 4.16: Piezoelectric force microscopy (PFM) measurements performed at ambient
conditions on a 38 nm thick BiFeO3 film grown on Nb doped SrTiO3 : out-of-plane
PFM (b) amplitude and (c) phase signal as well as in-plane PFM (e) amplitude and
(f) phase signal. The topography, which is recorded simultaneously during measuring
the out-of-plane PFM and in-plane PFM signal, is shown in (a) and (d), respectively.

conducting Nb:SrTiO3 substrate [275, 289, 290], as well as to epitaxial strain effects
[240]. Therefore, the number of possible polarization variants is reduced to four (+Pi
with i = 1 − 4). This is in agreement with BiFeO3 thin films grown on SrRuO3 buffered substrates exhibiting moderate thicknesses of d . 130 nm [240, 262, 291].
The in-plane PFM measurements reveal a finite contrast in the amplitude and phase
images (cf. Fig. 4.16(e) and (f)). To investigate the domain configuration in more
detail, the PFM amplitude APFM and the PFM phase signal ΦPFM was converted
into XPFM = APFM · cos(ΦPFM + αPFM ) and YPFM = APFM · sin(ΦPFM + αPFM )
[93], where the phase factor αPFM can be chosen such that YPFM ≈ 0. Due to this
transformation XPFM shows the whole information about the domain configuration,
whereas YPFM contains only noise.
In Fig. 4.17(a) and (b), the XPFM signals derived from the out-of-plane and inplane measurements depicted in Fig. 4.16 are shown. Since the out-of-plane XPFM
signal might be caused by artifacts, only the XPFM signal stemming from the in-plane
measurements are discussed in the following. In principle, in ferroelectric materials
exhibiting a rhombohedral symmetry with polarization vectors ±Pi (i = 1 − 4)
aligned along the pseudo-cubic h111ipc directions, the in-plane PFM images taken
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Figure 4.17: The PFM amplitude APFM and the PFM phase ΦPFM were converted into
XPFM = APFM · cos(ΦPFM + αPFM ) and YPFM = APFM · sin(ΦPFM + αPFM ). The phase
factor αPFM can be chosen such that YPFM ≈ 0 [93]. Therefore, the out-of-plane (a)
and in-plane (b) XPFM -signal holds the whole ferroelectric domain information. (c)
XPFM -signal and the topography along the white line marked in (b). The polarization
direction +Pi (i = 1 − 4) is schematically shown in each region.

with the cantilever pointing along h100ipc reveal two different contrast levels, since
in this case only two of the four domains can be distinguished. However, three
different tones are expected for measurements with the cantilever’s long axis aligned
along h110ipc , as domains exhibiting in-plane components of the polarization vector
parallel to h110ipc do not produce any torque required for a finite contrast in in-plane
PFM measurements [289, 292]. Assuming that the islands visible in the topography
images are aligned along the pseudo-cubic axes of BiFeO3 [293], Figs. 4.16(a) and
(d) reveal a misalignment of the cantilever’s long axis of 35◦ with respect to the
[010]pc direction. Therefore, all four polarization vectors +Pi with i = 1 − 4 should
be visible and four contrast levels are expected. Indeed, Fig. 4.17(b) reveals four
contrast levels, which can be used to determine the polarization direction. As an
example, the evolution of the polarization along the white line marked in Fig. 4.17(b)
was analyzed (cf. Fig. 4.17(c)). The XPFM signal reveals four domains, each of
them separated by 71◦ domain walls. The existence of mainly 71◦ domain walls in
as-grown BiFeO3 thin films is in agreement with previous reports [240, 289, 290].
These domain walls cause a twinning of the monoclinic unit cell and reduce the
in-plane strain state of BiFeO3 thin films on SrTiO3 (001) substrates [240, 290].
Furthermore, it was shown that the out-of-plane polarization switching in BiFeO3
thin films is strongly affected by these domain walls [290]. We note, however, that
71◦ domain walls are non-conducting and are therefore not responsible for the high
leakage current in these thin films [278].
In addition to the XPFM signal, the topography along the white line is also shown
in Fig. 4.17(c). A clear correlation between the in-plane PFM signal and the topography is visible around 0.55 µm. Therefore, as expected, BiFeO3 thin films with
a high surface roughness strongly affect the ferroelectric properties. Therefore, to
improve the ferroelectric properties of BiFeO3 thin films, a two-dimensional growth
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process is mandatory (cf. Section 4.2.2).
In total, the dielectric properties of a 38 nm thick BiFeO3 film fabricated on a
Nb:SrTiO3 substrate were investigated using piezoelectric force microscopy. These
measurements reveal a ferroelectric state of the BiFeO3 thin film at room temperature. Moreover, a constant out-of-plane component of the polarization was detected. In contrast, in-plane measurements reveal a ferroelectric domain structure
with mainly 71◦ -type domain walls. On the one hand, it was reported that these
domain walls strongly affect the polarization reversal in BiFeO3 thin films [290]. On
the other hand, polarization switching by either 71◦ or 109◦ changes the orientation
of the easy magnetization plane [137]. Furthermore, magnetoelectric coupling in
BiFeO3 thin films is suggested to be enhanced at ferroelectric domain walls [294].
Therefore, while the ferroelectric properties can be enhanced by using single-domain
BiFeO3 thin films, it seems that finite magnetoelectric coupling requires 71◦ and 109◦
domain walls.
Magnetic properties of BiFeO3 thin films
On a local level, bulk BiFeO3 exhibits an antiferromagnetic arrangement of antiparallel aligned Fe magnetic moments of nearest neighbors in all three Cartesian
directions due to superexchange interaction. This results in a G-type antiferromagnetic order, where the magnetic moments are coupled ferromagnetically within the
pseudo-cubic {111}pc planes perpendicular to the polarization direction and antiferromagnetically between these planes [295, 296]. In this order, the Fe3+ cations are
surrounded by six nearest Fe3+ neighbors, with opposite spin directions. In reality,
the spins are not perfectly antiparallely aligned, resulting in a weak moment induced
by a Dzyaloshinskii-Moriya interaction [297, 298]. This interaction, which arises from
the interplay between superexchange and spin-orbit coupling [298], can be expressed
as EijDM = Dij ·(Si ×Sj ), where Dij is the Dzyaloshinskii-Moriya vector and Si and Sj
are two localized magnetic moments. EijDM is minimized if the two magnetic moments
form an angle of 90◦ . However, since the much stronger Heisenberg-type interaction
EijH = Jij · (Si · Sj ) favors either 0◦ or 180◦ angles, the Dzyaloshinskii-Moriya interaction leads only to a small canting between the interacting moments. As Dij is zero in
materials, which exhibit an inversion symmetry, the ferroelectric distortion in ferroelectric antiferromagnets may trigger a Dzyaloshinskii-Moriya interaction, leading
to canting of the antiferromagnetic sublattice magnetizations, which results in a net
magnetic moment [299]. In such materials, which exhibit an antiferromagnetic order
with an antiferromagnetic vector L16 and a finite ferroelectric polarization P, where
the polarization P and the Dzyaloshinskii-Moriya vector Dij are based on the same
structural distortion, the system can lower its energy by E PLM ∼ P · (L × M) [299].
A reversal of the polarization P without changing the orientation of L then leads
to a sign change in the net magnetization M, and thus a magnetoelectric coupling,
where the magnetization can be reversed by an electric field, is achieved. However, symmetry analysis and first principles calculations revealed that this seems
16

Recent calculations revealed that the lowest energy is provided when the antiferromagnetic vector
L lies along the pseudo-cubic [1̄10] direction [300].
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Figure 4.18: Schematic representation of the magnetic structure of BiFeO3 single crystals
and BiFeO3 thin films. The figure is adapted from Ref. [305]. (a), (b) In case of BiFeO3
single crystals, the canted magnetic moments are arranged in a cycloidal ordering:
nearest Fe3+ magnetic moments are arranged in a 62 − 64 nm long cycloid in one of
the {121}pc planes (cf. red shaded areas in (a)) for P k h111ipc . (c) The projection
of the canted magnetic moments m on the (010)pc plane is modulated along [100]pc ,
[101]pc , and [001]pc for the cycloid propagation vector q parallel to [1̄10]pc , [101̄]pc , and
[011̄]pc , respectively. Taking into account all possible orientations of the polarization,
the weak canted moment is modulated along the h110ipc or h100ipc directions. (d), (e)
In BiFeO3 thin films, the spin cycloid is believed to be destroyed by epitaxial strain,
leading to a collinear antiferromagnetic arrangement. In this case, the magnetization
of the magnetic sublattices M are located in the magnetic easy plane perpendicular to
the polarization P k h111ipc . The epitaxial strain further lifts the degeneracy within
the {111} planes (cf. blue shaded area in (d)). According to Ref. [306], BiFeO3 thin
films under either compressive or tensile strain exhibit preferred magnetic axes along
h112i (cf. light red lines in (d)) or h11̄0i (cf. dark red lines in (d)), depending on the
polarization direction. (e) Projection of the magnetic easy axes h112i on the (010)
plane for different directions of the electric polarization. The BiFeO3 unit cells are
greatly simplified by showing only the Bi ions (red dots).

not to be the case in BiFeO3 [296, 299, 301, 302]. In this material system, the weak
ferromagnetism of around 0.1 µB /f.u., which corresponds to a 1◦ canting from the
collinear direction, might be induced by octahedral rotations rather than polar distortions [296]. However, the lack of the coupling between Dij and P in BiFeO3 is
still discussed controversially [13, 303, 304].
In addition to the spin canting of the magnetic moments, BiFeO3 crystals exhibit a
long-range spiral spin structure in which the antiferromagnetic axis rotates through
the crystal with an incommensurate long-wavelength period of about 62 − 64 nm
[29, 143, 307, 308]. The propagation vector of this spin cycloid was found to be
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Figure 4.19: (a) Non-resonant x-ray scattering around BiFeO3 (0.5 0.5 0.5)pc and (b)
energy scans around the Fe K-edge at BiFeO3 (0.5 0.5 0.5)pc and (1.5 − 1.5 1.5)pc reflections measured on a BiFeO3 (30 nm) thin film grown on a SrRuO3 -buffered SrTiO3
substrate. The energy profiles were performed under constant scattering vector q and
were not corrected for absorption. The experiments were carried out at the BM28
beamline at the ESRF (Grenoble).

along one of the three equivalent pseudo-cubic h110ipc directions, which is schematically shown in Figs. 4.18(a)-(c). This spin cycloid averages out the macroscopic
canting moment resulting in a vanishing macroscopic magnetization in bulk single
crystals [162] and can be destroyed with high magnetic fields, recovering the canted
magnetic state and its associated remanent magnetization [309]. Furthermore, the
volume averaged magnetoelectric effect vanishes in the presence of a spin cycloid.
Therefore, the destruction of the spin cycloidal structure is essential for a finite
linear magnetoelectric coupling in BiFeO3 . However, in the presence of the spin
cycloid structure, the magnetic easy plane defined by the propagation vector q and
the direction of the ferroelectric polarization can be modified by either 71◦ or 109◦
switching of the polarization [29–31]. Therefore, the magnetic easy plane, within
which the spins rotate, can be switched only if the polarization changes direction,
but not if it merely changes polarity [13].
In BiFeO3 thin films, the spin cycloid is believed to be destroyed by epitaxial
strain [310]. Therefore, the antiferromagnetic structure was reported to be collinear
G-type [311]. This directly results in a net magnetization, since the canted magnetic
moment is not averaged out. Therefore, a weak magnetic moment is expected in
BiFeO3 thin films. Furthermore, in collinear G-type antiferromagnets, the {111}
planes can be considered as effective easy planes of the magnetization [305]. However,
it was recently found that the degeneracy between all directions within the {111}
planes is lifted in BiFeO3 thin films due to epitaxial strain [306]. For BiFeO3 thin
films under either compressive or tensile strain, the antiferromagnetic direction lies
along the h112i or h11̄0i axes (cf. Figs. 4.18(d), (e)). Therefore, Fig. 4.18 reveals that
the magnetic properties of BiFeO3 thin films should be quite different compared to
the magnetic behavior of BiFeO3 single crystals, which is mainly caused by epitaxial
strain.
In general, strain can strongly affect the magnetic properties in epitaxial thin
films, changing not only the magnetic transition temperature [312] but also the
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magnetic anisotropy [313] as well as the saturation magnetization [208]. To investigate the strain dependence of the magnetic properties of BiFeO3 thin films, we first
discuss the kind of antiferromagnetic order. The magnetic G-type structure in bulk
BiFeO3 results in a doubling of the magnetic unit cell so that magnetic reflections
are expected to appear at (hkl) = (v v v)pc with v = 0.5 · n and nZ in a pseudocubic notation (cf. Fig. 4.18(d)). Since these reflections are not only of magnetic
origin but contain also structural information in BiFeO3 thin films (cf. Fig. 4.9(b)),
the G-type magnetic order gives rise to superstructure peaks at the same positions to those associated with the tilt of the oxygen octahedra. Therefore, due
to the high magnetic transition temperature in BiFeO3 , it is difficult to separate
magnetic and structural information, in particular when using neutron diffraction
experiments. Therefore, we used resonant x-ray magnetic scattering (RXMS) to
evaluate the magnetic structure of BiFeO3 thin films (cf. Section 2.1.3). The x-ray
diffraction experiment were performed at the BM28 beamline at the ESRF. A vertical scattering geometry was used, so that the incident photons were σ-polarized.
However, no polarization analyzer was installed in this case, thus the intensity shown
in Fig. 4.19 is the total scattering intensity. A 30 nm thick BiFeO3 film grown on a
SrRuO3 -buffered SrTiO3 substrate was used for the experiment. The q-scan along
the pseudo-cubic [111]pc direction with qH = qK = qL using an energy near the Fe
K-edge reveals a finite intensity at (0.5 0.5 0.5)pc (Fig. 4.19(a)). This again confirms
a monoclinic Cc symmetry for BiFeO3 thin films in the limit of moderate epitaxial
strain (cf. 4.4.1). To reveal the magnetic structure, energy scans around the Fe
K-edge were performed at BiFeO3 (0.5 0.5 0.5)pc and (1.5 1.5 1.5)pc reflections. The
results are shown in Fig. 4.19(b). Tuning the energy of the incoming beam to the
K-edge of Fe, a significant reduction of the scattering intensity is observable, but no
resonant behavior is visible. The absence of any resonant x-ray magnetic scattering
suggests that (0.5 0.5 0.5)pc and (1.5 1.5 1.5)pc are no magnetic reflections. This is
surprising, since several groups found a G-type antiferromagnetic order also in thin
films [239, 242, 246, 311] by investigating the (0.5 0.5 0.5)pc reflection using neutron
diffraction experiments. However, as stated above, this reflection could also be of
nuclear origin only. Therefore, the conclusion of a G-type magnetic order solely from
using neutron diffraction techniques should be considered with care even in case of
temperature dependent measurements [242]. In contrast, either A-type or C-type
antiferromagnetism in BiFeO3 thin films, which would result in magnetic (0 0 0.5)pc
or (0.5 0.5 0)pc reflections, appear unlikely, since theoretical calculations predicted
a change of the bulk G-type magnetic ordering not until the epitaxial strain exceeds −4.5% [249]. Taking together, the absence of any resonance behavior in our
measurements remains unsolved and RXMS measurements should be repeated in
more detail in the near future using BiFeO3 thin films with different thicknesses,
i.e., different strain states.
While the antiferromagnetic ordering could not be resolved, a magnetic hysteresis exhibiting a small saturation magnetization of around 2.3 kA/m, which corresponds to 0.04 µB /f.u., is detectable from SQUID magnetometry measurements at
T = 25 K on BiFeO3 thin films deposited on Nb:SrTiO3 crystals (cf. Fig. 4.20(a)).
Thus, our BiFeO3 thin films exhibit a weak ferromagnetic phase, which can be
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Figure 4.20: Macroscopic magnetic behavior of BiFeO3 thin films deposited on
Nb:SrTiO3 substrates with the magnetic field applied along the pseudo-cubic
BiFeO3 [100]pc direction. (a) The magnetic field dependence of the magnetization
at 25 K reveals only a small enhancement of the weak magnetic moment with decreasing the thin film thickness, i.e., increasing the strain state of the BiFeO3 thin films.
(b) Comparison between the M -H-loop of a 120 nm thick BiFeO3 thin film measured
at 300 K (full symbols) with the magnetic field dependence of YFeO3 (open symbols)
indicating a spin reorientation process in both kinds of material systems. The data
for YFeO3 are taken from Ref. [314]. (c) To detect a possible destruction of the spin
cycloid structure in a 88 nm thick BiFeO3 film at high magnetic fields, the magnetic
moment, the real part of the dielectric constant, and the dielectric loss were measured
simultaneously at 25 K. No indication of a phase transition from a cycloidal to a homogeneous antiferromagnetic spin order is visible. The down sweep (+7 T → −7 T) is
marked by full symbols, while the open symbols denote the up sweep (−7 T → +7 T).
(d) Remanent magnetization as a function of temperature measured after cooling the
sample from 390 K to 5 K in either zero magnetic field (ZFC) or µ0 H = 7 T (FC).

attributed to spin canting of the antiferromagnetic sublattices. However, in the
pioneering experimental work by Wang et al. on BiFeO3 thin films, a tremendous enhancement of the saturation magnetization of around 1 µB /f.u. under compressive strain was found [32]. This is not confirmed in our measurements. Figure 4.20(a) reveals that the saturation magnetization decreases from (1.8±0.4) kA/m
((0.032 ± 0.007) µB /f.u.) to (1.1 ± 0.2) kA/m ((0.019 ± 0.003) µB /f.u.) with increasing the thin film thickness from 22 to 88 nm, which is equivalent to a decrease of
the out-of-plane strain by 0.4 % (cf. Fig. 4.13(d)). This is in agreement with recent publications [38, 160, 239, 250, 315] and indicates the absence of magnetic
parasitic phases containing iron, since these phases will strongly increase the satu-
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ration magnetization [38, 149, 160]. Therefore, the strong ferromagnetism found in
strained BiFeO3 samples by Wang and coworkers [32] probably is of extrinsic origin.
Our measurements suggest that there is a finite strain dependence of the saturation magnetization, increasing its value by a factor of 1.6 in agreement with other
measurements [250, 315]. Note that strain relaxation can also lead to multiphase
formation. Such BiFeO3 thin films exhibit a much faster reduction of the saturation magnetization with increasing thickness of BiFeO3 thin films [315]. Therefore,
the thickness dependence of the saturation magnetization displayed in Fig. 4.20(a)
further proves the absence of magnetic parasitic phases in our BiFeO3 thin films.
A closer look on the magnetic hysteresis loops displayed in Figs. 4.20(a) and
(b) reveal a S-shaped component exhibiting a high magnetic saturation field. This
magnetic field dependence of the magnetization might be explained by either a destruction of the spin cycloid structure by high magnetic fields or a spin reorientation
process. The former was experimentally observed in bulk BiFeO3 samples at a magnetic field strength of 20 T [316] and the latter is common in orthoferrites [317]. For
comparison, the M -H-loop caused by spin reorientation in YFeO3 is displayed in
Fig. 4.20(b).17 However, both effects should be reversible with respect to decreasing
or increasing the magnetic field strength. Thus, the irreversibility of the M -H-loops
could be an indication of interdomain coupling [314].
The destruction of the spin cycloid structure should not only enhance the magnetization but also affect the electric polarization as well as the dielectric constant
[316, 318, 319]. Therefore, the magnetic field dependence of the magnetic moment,
the dielectric constant, and the dielectric loss are measured simultaneously sweeping
the magnetic field strength from +7 T to −7 T (cf. full symbols in Fig. 4.20(c)) and
vice versa (cf. open symbols in Fig. 4.20(c)). The measurement was carried out on
a 88 nm thick BiFeO3 film grown on Nb:SrTiO3 . Figure 4.20(c) discloses that no
changes of the dielectric properties were observed within the experimental error at
the magnetic field of µ0 Hcritical = 5 T. Furthermore, no other magnetocapacitance
effects were detected in our BiFeO3 thin films [320]. Therefore, no experimental
evidence of a magnetic field induced phase transition from a spin cycloidal order to
a homogeneous spin structure was found. This phase transition occurs, when the
Gibbs free energy density of the cycloidal state gcycloid is equal to that of a homogeneous antiferromagnetic spin structure ghomogeneous and can be induced not only by
high magnetic fields but also by epitaxial strain. An estimation of the critical strain
can be made following Refs. [310, 318, 321]. Within a phenomenological theory, the
Gibbs free energy density of the cycloidal state gcycloid can be expressed as

17

The experimental data are taken from Ref. [314].
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− gcycloid − g0 = gLI + gexch + gan + gME + gpert


∂
∂
0
= +γ Pz lx lz + ly lz
∂x
∂y
"
2 
2 
2 #
∂
∂
∂
−A
l +
l +
l
∂x
∂y
∂z
+Ku lz2
+µ0 c2


χ
2
2 2
2
P
l
+
l
+
(dY
ε)
+ ... ,
z
x
y
2
α33

(4.1)

where l denotes the antiferromagnetic unit vector l = L/ (2M0 ) with M0 as the magnetization of the magnetic sublattice. l can be written in terms of the polar Θ and
azimuthal Φ angles: l = (lx , ly , lz ) = (sin Θ cos Φ, sin Θ sin Φ, cos Θ). Moreover, Pz is
the z-component of the polarization
in a hexagonal setting with [001]hex k [111]R3c̄ .


∂
∂
0
The first term gLI = γ Pz lx ∂x lz + ly ∂y
lz = −γ 0 Pz sin2 Θ cos Φ ∂Θ
+ sin Φ ∂Θ
rep∂x
∂x
resents an inhomogeneous magnetoelectric interaction with coupling constant γ 0 .
This effect is odd with respect to electric field E and does not change sign with
the reversal of l. gLI causes a spin cycloidal structure in BiFeO3 . The
P next term
of Eq. (4.1) is the exchange
energy, which is given as gexch = −A i (∇li )2 =

−A (∇Θ)2 + sin2 Θ (∇Φ)2 , where A denotes the stiffness exchange constant [322].
Furthermore, gan = Ku lz2 = Ku cos2 Θ accounts for the magnetic anisotropy, where
Ku is the uniaxial magnetic anisotropy constant. Here, higher order effects are neglected. The last term in Eq. (4.1) represents a Dzyaloshinskii-Moriya like coupling
as well as the linear magnetoelectric effect. Both interactions
can be written in terms

of an effective Zeeman energy gME = µ0 c2 αχ2 Pz2 lx2 + ly2 with the magnetic suscepti33

(m)

(em)

bility χij = χ and the linear magnetoelectric coupling χij = α33 (cf. Chapter 3).
In case of the linear magnetoelectric effect gpert = µ0 c2 αχ2 (d · Y · 33 )2 , the polar33
ization Pz is substituted by d · Y · 33 , where d, Y , and 33 denote the piezoelectric
moduli, Young’s modulus, and the epitaxial strain. Neglecting the last three terms
(gan , gME , and gpert ) in Eq. (4.1), which can be treated as perturbations, the minimization of gLI + gexch yields Φ0 = const = arctan (qy /qx ) and Θ0 = qx x + qy y,
where q = (qx , qy , qz ) denotes the spiral wave vector. This perturbation ansatz is
valid as long as the anisotropy constant is much smaller than the exchange energy,
which is fulfilled for BiFeO3 [323], otherwise anharmonic effects should be taken into
account. Φ0 and Θ0 require that the spins lie in the plane of the wave vector, which
is in agreement with a cycloidal spin structure. Using these values, the minimization
0 ·P
z
of the volume-averaged Gibbs free energy gcycloid occurs for q = γ4A
and Φ = π2 .
Therefore, the free energy for a harmonic spin cycloid can be written as
 1
1
µ 0 c2 χ
2
2 2 2
2
(γ 0 · Pz ) +
P
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(4.2)
z
33 − Ku .
2
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4 α33
2
For strains larger than a critical strain c33 , a phase transition from the cycloidal to the
homogeneous antiferromagnetic spin state, which can be described by (Θ = Φ = π2 )
− gcycloid − g0 =
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− ghomogeneous − g0 =
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occurs. Therefore, the critical strain value c33 can be derived using the condition
gcycloid = ghomogeneous :

c33
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(4.4)

The product γ 0 ·Pz and the exchange constant A can be estimated to be 6×10−4 J/m2
and 3 × 10−12 J/m, respectively [318]. With the reported value for the perpendicular susceptibility of χ = 5 × 10−5 [324], the uniaxial anisotropy constant Ku can
be approximated from ESR data to be Ku = 7 × 104 J/m3 [321]. Using a magnetoelectric coupling of 1c α33 = 4 × 10−9 s/m [32], a spontaneous polarization of
Pz = 6 × 10−2 As/m2 [318], and an elastic value of d · Y = 10 As/m2 [310], the
critical strain c33 can be estimated to be 0.8%. However, since Eq. (4.4) reveals
the strain component c33 along the hexagonal [001]hex direction, which is equivalent
to the rhombohedral [111]R3c̄ direction, the strain tensor cij has to be transformed
with respect to the SrTiO3 (001) coordinate system. This can be done by employing
the transformation law of a second-rank tensor ij = aik ajl kl , where aik denotes
the cosine of the angle between the rhombohedral xi and cubic xk axes [112]. The
absolute value of the critical in-plane strain for the growth of BiFeO3 on (001)oriented SrTiO3 substrates can then be estimated to |cip | = 0.6%. Therefore, in all
investigated BiFeO3 thin films the cycloidal spin order should be destroyed, since
x-ray diffraction measurements reveal an in-plane strain of these thin films, which
is larger than |cip | (cf. Sec 4.4.1). Thus, the weak magnetic moment observed in
BiFeO3 thin films can be attributed to canting of the Fe spins in the absence of a
cycloidal spin structure (cf. Fig. 4.20). This is also observed experimentally. Béa
and coworkers found no evidence for the presence of a spin cycloid order performing
neutron diffraction of a 240 nm thick BiFeO3 thin film grown on a SrRuO3 -buffered
SrTiO3 (001) substrate [239]. In addition, an enhanced polarization and a release
of latent magnetization was observed in (111)pc -oriented BiFeO3 thin films, which
was explained by the destruction of the modulated spin structure due to epitaxial
strain [310]. Furthermore, recently, much attention has been focused on domain
walls in multiferroic materials, which can be ferromagnetic in principle [325]. Such
domain wall effects might be small in bulk, but can increase the magnetic moment
in thin films due to the high volume density of these walls. However, since the cycloidal spin structure is expected to be destroyed by epitaxial strain, the reason for
the S-shaped magnetic hysteresis loops visible in Figs. 4.20(a) and (b) might be attributed to spin reorientations of the antiferromagnetic sublattice (cf. Fig. 4.20(b)).
Whether the finite magnetic moment and the S-shaped magnetic field dependence
of the magnetization in BiFeO3 thin films are caused by a marginal concentration
of ferromagnetic clusters or are of intrinsic origin cannot be completely answered at
present.
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Figure 4.21: (b) Magnetic force microscopy (MFM), (c) Kelvin probe force microscopy
(KPFM) and (e), (f) piezoelectric force microscopy (PFM) carried out on a 22 nm
thick BiFeO3 film grown on a Nb:SrTiO3 substrate. The MFM measurements were
performed at 80 K in an ultra-high vacuum chamber. The topography of each measurement area is shown in (a) and (d), respectively.

To further investigate the quality of our BiFeO3 thin films, field cooled (FC) and
zero-field cooled (ZFC) magnetization measurements were performed. No magnetic
anomalies or even phase transitions are visible (cf. Fig. 4.20(d)). Since the reported
phase or glass transitions for temperatures larger than 50 K [326, 327] most likely
indicate impurity phases in samples of limited quality [162], the almost perfect agreement of FC and ZFC data further confirms a high purity of our BiFeO3 thin films.
In Fig. 4.20, the macroscopic magnetic behavior of BiFeO3 thin films obtained
using SQUID magnetometry is displayed. To investigate the microscopic magnetic
structure, magnetic force microscopy (MFM) measurements (cf. Section 2.3.4) were
carried out on a 22 nm thick BiFeO3 film grown on a Nb:SrTiO3 substrate. These
measurements were performed by Denny Köhler (Technische Universität Dresden).
The topography of this sample reveals a very small rms surface roughness of only
0.3 nm (cf. Fig. 4.21(a)). Comparing the topography of the present BiFeO3 thin film
with that shown in Fig. 4.16(a), a tremendous reduction of the surface roughness
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is visible. This is mainly due to the growth optimization processes discussed in
Section 4.2.2. For MFM measurements, a low surface roughness is mandatory to
avoid topographic artifacts. Furthermore, in thin films with excellent morphology,
the tip-sample distance can be reduced, which improves the MFM signal. The MFM
images were taken at 80 K in an ultra-high vacuum chamber using a constant average
height of the cantilever of 20 nm with respect to the sample surface in a dynamic
non-contact mode. Since the force on the cantilever is around 10−12 N, which is
one or two orders of magnitude larger than the thermal noise [93], the reduction of
the temperature, the pressure, as well as the distance between the thin film surface
and the cantilever is essential for the detection of a magnetic signal in BiFeO3 thin
films using the MFM technique. However, due to the multiferroic nature of BiFeO3 ,
the cantilever is not only attracted by magnetic stray fields but also by electrostatic forces. Therefore, a correction of the MFM signal is mandatory to obtain
the pure magnetic contrast of the BiFeO3 sample. The compensation of the MFM
signal is carried out by simultaneously performing MFM and Kelvin probe force microscopy (KPFM) measurements, which is sensitive to the surface potential only.18
In Figs. 4.21(b) and (c), the MFM and KPFM images are displayed. The MFM
image reveals structures ranging in size from 50 nm to 100 nm. The finite MFM contrast is caused mainly by a finite magnetization component pointing out-of-plane
and/or by magnetic domain walls. As discussed in the context of Fig. 4.18, the sixfold magnetic easy axes are reduced to one in the absence of a spin spiral structure
due to epitaxial strain in BiFeO3 thin films. These magnetic easy axes are aligned
along the pseudo-cubic h112ipc directions. Thus, the weak ferromagnetic moment
caused by spin-canting is located perpendicular to these axes, exhibiting an out-ofplane component, which can be detected using MFM. Therefore, the finite contrast
visible in Fig. 4.21(b) can be related to magnetic domains of the BiFeO3 phase rather
than to extrinsic effects such as ferromagnetic parasitic phases. This finite surface
magnetic moment is a key requirement for the realization of electrically controllable
exchange bias in ferromagnetic/BiFeO3 composites [305, 311, 328]. Recently, a robust electric control of the exchange bias in composites based on the magnetoelectric
antiferromagnet Cr2 O3 was demonstrated [329]. In this system, a surface magnetization with magnetoelectrically controllable domains was detected [330]. Such a
magnetoelectric coupling was also found in BiFeO3 thin films [137]. Since as-grown
BiFeO3 thin films exhibit a ferroelectric multidomain state with mainly 71◦ domain walls (cf. Fig. 4.16 and Fig. 4.17), an antiferromagnetic multidomain state is
generated due to the coupling between the ferroelectric and antiferroelectric order
parameters [29, 137]. This coupling results in pinning of antiferromagnetic domain
walls on the ferroelectric ones, which was revealed by theoretical calculations based
on the Gibbs free energy density presented in Eq. (4.1) [331, 332]. To compare the
size and the structure of the magnetic and ferroelectric domains and domain walls
in our BiFeO3 thin films, PFM measurements were performed on the same sample
but not on the same area. The findings are shown in Figs. 4.21(d), (e), and (f).
Due to experimental constraints, only out-of-plane PFM measurements are viable
18

See Ref. [93] for more details on the KPFM technique.
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under ultra-high vacuum conditions at 80 K. Therefore, the PFM amplitude and
phase signal shown in Figs. 4.21(e) and (f) should be sensitive to the out-of-plane
component of the polarization. However, in analogy to Fig. 4.16(b) and (c), a finite
contrast is visible in the PFM amplitude image, which can again be attributed to
a crosstalk between the in-plane and the out-of-plane PFM component. Thus, the
in-plane ferroelectric domain structure can be revealed in the amplitude signal of
out-of-plane PFM measurements (cf. Fig. 4.16(b) and Fig. 4.21(e)). Figure 4.21(e)
suggests that the ferroelectric in-plane domains have a similar size as the magnetic
structure visible in Fig. 4.21(b). Therefore, the ferroelectric and antiferromagnetic
order parameters seem to be coupled. However, to correlate the magnetic and ferroelectric properties in detail, in-plane and out-of-plane PFM measurements as well
as MFM scans have to be carried out on the same area in future experiments.
Contrary to the homogeneous contrast in the phase images obtained by out-ofplane PFM measurements (cf. Fig. 4.21(f) and Fig. 4.16(c)),19 which implies a constant z-component of the polarization, i.e., a constant surface potential, the results
of the KPFM measurement reveal a change of the potential in the upper right corner of the scanned area (cf. Fig. 4.21(c)). This higher electrostatic potential is very
likely caused by a reversal of the out-of-plane component of the ferroelectric polarization, since the topography reveals no artifacts or adsorbates in this area of the
BiFeO3 thin film (cf. Fig. 4.21(a)). Interestingly, at the border of this region, an
accumulation of white and black magnetic contrast is visible in the MFM image
(cf. Fig. 4.21(b)). This is shown in more detail in Fig. 4.22, scanning a larger area.
The scan window used for the MFM measurement of Fig. 4.21(b) is marked by the
blue rectangle.
Interestingly, the magnetic contrast at regions, where the surface potential changes,
is substantially enhanced as compared to areas with constant electrostatic potential
(cf. Fig. 4.21 and Fig. 4.22). Assuming that the changes of the electrostatic potential
are caused by a reversal of the out-of-plane component of the electric polarization,
the MFM measurements suggest an enhancement of the local magnetic moment located at ferroelectric domain walls where the out-of-plane component changes its
sign. Therefore, a reorientation of the antiferromagnetic domains by switching the
ferroelectric polarization by either 71◦ or 109◦ , which was uncovered by Zhao and
coworkers [137], might not only explain the experimental results, since these domains
are also present within regions of constant electrostatic potential, i.e., constant outof-plane component of the polarization (cf. Fig. 4.16 and Fig. 4.17). Therefore,
additional mechanisms have to be considered. For example, first-principles studies
of ferroelectric domain walls suggest an increase of the local canting by 33% due
to changes of Fe-O-Fe bonds, which can enhance the local moment at the domain
walls [333]. Furthermore, magnetoelectric pinning is observed in multiferroic material systems [127]. In this case, antiferromagnetic domain walls can be stabilized by
ferroelectric domains or grain boundaries. However, one has to keep in mind that
KPFM is only sensitive to a difference in the electrostatic potential but insensitive
to polarization directions. Therefore, to confirm the experimental findings in our
19

The finite contrast in Fig. 4.21(f) is likely an artifact of the measurement.

86

Chapter 4
6µm

(a)

(b)

4µm

5µm

4µm
2µm
3µm

0µm

2µm

4µm

6µm

4µm

5µm

Figure 4.22: (a) Magnetic force microscopy (MFM) carried out on the same sample as in
Fig. 4.21(b), scanning a larger area. The scan window used for the MFM measurement
in Fig. 4.21(b) is marked by a blue rectangle. (b) Enlarged view of the part of the
MFM image where an increase of the electrostatic surface potential is suggested (cf. red
rectangle in (a)). The line scan depicted in the upper and right panels in (b) reveal an
increase and decrease of the magnetic contrast in regions where the surface potential
changes.

BiFeO3 thin films, detailed PFM and MFM measurements are mandatory.
From a theoretical point of view, the enhancement of the local moment at ferroelectric domain walls in a magnetoelectric multiferroic without spin cycloid structure
can be explained on the basis of a Landau-Ginzburg potential. Following Daraktchiev and coworkers [325], the Gibbs potential of such a system can be written
as
GME = G0 +

λ
κ
(∇P )2 + (∇M )2 + GMP (P, M )
2
2

(4.5)

with GMP (P, M ) defined as
GMP (P, M ) =

α 2 a 2 β 4 b 4 η 6 n 6 γ 2 2
P + M + P + M + P + M + P M + ... . (4.6)
2
2
4
4
6
6
2

The gradient terms (∇P )2 and (∇M )2 arise from an increase of the free energy when
P or M slowly vary in space and are the remaining part of Eq. (3.27) in systems,
which do not exhibit an spin spiral order (γ 0 = 0). In the center of a domain,
i.e., far away from any domain walls, these terms are negligible and the system is
mainly described by the potential GMP (P, M ). This potential, which is based on
an expansion of the order parameters P and M up to the sixth order, contains a
biquadratic coupling term γ2 P 2 M 2 allowed by every symmetry. This term describes
the coupling between P and M . The expansion coefficients are chosen such that the
potential GMP is positive definite at high values of P and M [325].
In this formalism, BiFeO3 is treated as a material, which is both ferroelectric and
(weakly) ferromagnetic leading to negative first order coefficients of the polarization
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Figure 4.23: Calculations of the polarization and magnetization profiles across a domain
wall in multiferroics according to Ref. [325]. Polarization P (x) and magnetization
M (x) profile in case of (a) domain walls that invert P and M simultaneously and (b)
walls that invert P but not M . Both profiles are plotted for positive P (i) , P (ii) , M (i) ,
and M (ii) values (cf. Eq. (4.7)).

and magnetization (α and a). The domain wall is introduced in the z-y plane.
Therefore, P (x) as well as M (x) are one-dimensional functions of x. In this case,
the potential GMP exhibits four minima, with each of them defining positive and
negative directions of P and M , respectively. Therefore, two different situations can
be considered: (i) domain walls that invert P and M simultaneously as well as (ii)
walls that invert P but not M [325]:20

(i)

P (x) = ±P (i) tanh

(ii) P (x) = ±P
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r
 x 
2 − tanh2 (ii) . (4.7)
δ

The polarization P (x) as well as the magnetization M (x) domain wall profiles
p are
(i)
plotted in Fig. 4.23 for both cases. For simplicity the coherence lengths δ = −2 ακ
q
κb
(ii)
and δ = 2 aγ−αβ
are assumed to be equal for both order parameters. While in (i)
the magnetization follows the polarization (cf. Fig. 4.23(a)), an increase of the magnetization is visible in the center of the domain wall in√case (ii) (cf. Fig. 4.23(b)). The
maximum enhancement can be estimated with M = 2Mdomain [325]. Our measurements reveal a similar magnetization profile as calculated for case (ii) (cf. Fig. 4.23(b)
and Fig. 4.22(b)). However, the region in which the local magnetization varies was
found to be around 500 nm, which is too large in terms of domain walls in magnetoelectric multiferroic compounds. In such systems, the thickness of the domain walls
is affected by the finite coupling of the ferroelectric polarization and the magnetization. This should result in thicker ferroelectric domain walls, being intermediate
between the thickness of a purely ferroelectric wall and that of a purely magnetic
one [325]. The correlation of the magnetic contrast and the electrostatic surface
20

P (i) , P (ii) , M (i) , and M (ii) are functions of the expansion coefficients [325].
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potential could be an indication for an enhanced magnetoelectric coupling at the
ferroelectric domain walls. Furthermore, our measurements suggest an increase of
the local magnetic moment at regions where the out-of-plane component of the
polarization changes its polarity. However, whether the enhancement of the magnetic moment arises from intrinsic coupling effects at ferroelectric domain walls or is
caused by extrinsic defects, such as oxygen vacancies [334], which might be stabilized
at domain walls, could not be resolved completely and further MFM measurements
are mandatory.

4.4.3 Summary: Multiferroic BiFeO3 thin films
In summary, high quality BiFeO3 thin films exhibiting excellent structural and multiferroic properties were fabricated. Neither an indication of parasitic phases nor any
evidence for non-stoichiometric effects were found. X-ray diffraction measurements
on these thin films using synchrotron light revealed a monoclinic structure with a Cc
symmetry. This confirms recent calculations [249] and demonstrates that a finite rotation of the oxygen octahedra along the out-of-plane direction is present in BiFeO3
thin films with a thickness as low as 23 nm. To investigate the multiferroic properties,
BiFeO3 thin films were grown directly on Nb:SrTiO3 as well as on SrRuO3 -buffered
SrTiO3 substrates. In both cases, BiFeO3 thin films with low mosaic spread up
to a thickness of 120 nm were achieved, demonstrating a high crystalline quality of
all investigated BiFeO3 thin films. However, in the past, some ambiguous reports
on the magnetic properties of strained BiFeO3 thin films were published in literature. Therefore, BiFeO3 thin films with different thicknesses were fabricated and
studied in detail by x-ray diffraction. Our results revealed a critical thickness of
pseudomorphic growth of around 22 nm, which is in agreement with the calculated
one using the People-Bean model. Moreover, since BiFeO3 thin films with moderate
epitaxial strain exhibit a monoclinic symmetry, which is similar to the parent rhombohedral bulk symmetry, different structural domains were found. By increasing the
thickness of BiFeO3 thin films, relaxation of the misfit strain mainly by dislocation
formation was detected. In particular, an inverse behavior of the out-of-plane strain
and the averaged microstrain as a function of the thickness was found in BiFeO3
thin films grown on Nb:SrTiO3 employing the Williamson-Hall method. This is in
contrast to BiFeO3 thin films fabricated on SrRuO3 -buffered SrTiO3 substrates. In
these thin films, a different relaxation behavior of the misfit strain together with a
larger amount of diffuse scattering, which suggests a higher density of dislocations
compared to BiFeO3 thin films on Nb:SrTiO3 , was observed. A decrease of the
diffuse scattering by reducing the number of monoclinic domains could be achieved
in BiFeO3 thin films fabricated on SrRuO3 -buffered SrTiO3 substrates exhibiting a
miscut angle of around 1◦ .
Overall, the dislocation density in all investigated BiFeO3 thin films is not exceeding the low density limit of dislocations. In this limit, the Bragg peak is not
affected by dislocations, which are separated from one another by more than the
lattice spacing. Furthermore, the structural properties of BiFeO3 thin films grown
on SrRuO3 -buffered SrTiO3 substrates were not found to be enhanced compared to
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BiFeO3 thin films directly grown on Nb:SrTiO3 . Therefore, only the multiferroic
properties of BiFeO3 thin films grown on Nb:SrTiO3 substrates were discussed.
The ferroelectric state was analyzed by means of piezoelectric force microscopy
measurements, which were carried out by Denny Köhler (Technische Universität
Dresden). These measurements revealed that as grown BiFeO3 thin films exhibit
a constant out-of-plane component of the polarization due to self-poling effects of
the conducting substrate. Furthermore, mainly 71◦ domain walls were detected,
which is in agreement with literature reports [240]. The magnetic properties of
these thin films were investigated in more detail using x-ray magnetic scattering,
SQUID magnetometry as well as magnetic force microscopy. An antiferromagnetic
G-type ordering in BiFeO3 thin films, which was predicted by theory [249] and detected using neutron diffraction [239, 311], could not be confirmed in our samples
using x-ray resonant techniques. Therefore, the detailed antiferromagnetic structure
remains unsolved and future experiments should be carried out on this issue. The
macroscopic magnetic behavior of BiFeO3 thin films grown on Nb:SrTiO3 substrates
examined using SQUID magnetometry reveals a magnetic hysteresis with a small
saturation magnetization in all investigated BiFeO3 thin films. In particular, only a
small increase of the saturation magnetization up to 1.8 kA/m, which corresponds
to 0.03 µB /f.u., was found by decreasing the thin film thickness, i.e., increasing the
epitaxial strain. The moderate enhancement of the saturation magnetization by a
factor of 1.6 while increasing the film thickness from 22 nm to 88 nm is in contrast to
the pioneering work on BiFeO3 thin films [32] but in agreement with several recent
publications (see, e.g., Ref. [250]) and confirms the absence of magnetic parasitic
phases in our BiFeO3 thin films. The finite macroscopic magnetic moment suggests
the destruction of the spin cycloid structure caused by epitaxial strain in BiFeO3 thin
films. Indeed, the critical strain, at which the spin cycloid structure is destroyed,
could be estimated to 0.8% by comparing the Gibbs free energy density of BiFeO3
in a spin cycloid state with that of BiFeO3 exhibiting a collinear antiferromagnetic
order. Moreover, a S-shaped component was detected in the magnetic hysteresis,
which might be attributed to spin reorientation processes, which is common in orthoferrites.
In recent years, large magnetoelectric effects via exchange bias were found in
ferromagnet/BiFeO3 composites structures. These effects are mainly based on uncompensated spins, leading to a finite surface magnetic moment [311]. We addressed
the surface magnetic moment by employing magnetic force microscopy. To obtain
a magnetic contrast, which is not affected by topography features, a reduction of
the rms surface roughness to 0.3 nm by applying the growth optimization processes
discussed in Section 4.2 was mandatory. The magnetic contrast could be related
to magnetic domains of the BiFeO3 phase rather than to extrinsic effects such as
ferromagnetic parasitic phases. Moreover, the dark and bright contrast have similar
lateral dimensions compared to ferroelectric domains, which were observed using
piezoelectric force microscopy. In addition, an increase and decrease of the magnetic
contrast was detected at regions were the electrostatic surface potential changes
its value, which was interpreted as ferroelectric domain walls at which the outof-plane component of the polarization changes polarity. These results suggest a
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finite magnetoelectric coupling and an enhanced magnetic moment at ferroelectric
domain walls separating regions with opposite sign of the out-of-plane component
of the ferroelectric component. The latter could be theoretically explained using a
Landau-Ginzburg based Gibbs free energy. However, since the ferroelectric domain
distribution was not recorded on the same area as the magnetic force microscopy
measurements, the interpretation of the local surface magnetic moment is only preliminary. To correlate the magnetic and ferroelectric results in detail, in-plane and
out-of-plane piezoelectric force microscopy as well as magnetic force microscopy
measurements have to be carried out on the same area in future experiments. Nevertheless, our findings would confirm recent suggestions on an enhanced magnetic
moment at ferroelectric domain walls [335].

4.5 Physical properties of BiCrO3 thin films
In contrast to BiFeO3 , BiCrO3 is hardly a technologically relevant multiferroic material as evident from the bulk behavior depicted in Fig. 4.1(b). However, to elucidate the role of the Bi cation in driving structural phase transitions in the BiM O3
perovskite-like family with M = Cr, Mn, Fe, Co, the physical properties of BiCrO3
thin films are investigated in detail in the following. In this context, the structural
behavior as a function of temperature is discussed first, followed by the analysis
of the multiferroic properties of these thin films. Furthermore, the possibility of a
magnetoelectric coupling in BiCrO3 is examined by investigating the electric field
control of exchange bias effects in ferromagnet/BiCrO3 composite heterostructures.

4.5.1 Structural characterization of BiCrO3 thin films
The structural properties of BiCrO3 have hardly been investigated up to now, since
bulk BiCrO3 can only be synthesized at high pressure [37, 139, 336]. Bulk BiCrO3
exhibits a phase transition at around Tphase, bulk ≈ 410 K − 440 K (cf. Fig. 4.1(b))
accompanied by a change of the structural symmetry [36, 147]. Recently, the crystalline structure of the high-temperature (T > Tphase, bulk ) and the low temperature (T < Tphase, bulk ) phase was investigated by diffraction techniques using neutrons [36, 148] and synchrotron light [147]. Consistently, it was found that bulk
BiCrO3 exhibits an orthorhombic P bnm symmetry with an orthoferrite GdFeO3
structure for T > Tphase, bulk (similar to the crystal structure of SrRuO3 depicted in
Fig. 4.6). The lattice parameters were found to be a = 0.5543 nm, b = 0.5426 nm,
and c = 0.7752 nm at T = 470 K [36]. An orthorhombic P bnm symmetry was
also identified in the paraelectric phase of BiFeO3 (cf. Section 4.4.1) and BiMnO3
[337]. Therefore, the perovskite-like family BiM O3 with (M = Cr, Mn, Fe) exhibits
the same crystalline symmetry above the temperature, at which the long-range order vanishes. Below the phase transition, a monoclinic symmetry of either C2 or
C2/c kind was found in bulk BiCrO3 [36, 147, 148]. The identification of the correct symmetry is important, since the former is non-centrosymmetric allowing for
ferroelectricity and the latter prohibits a long-range ferroelectric order, as it is cen-
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trosymmetric.21 Recently, neutron diffraction experiments revealed no evidence for
a C2 space group [36, 148]. Therefore, C2/c seems to be the correct symmetry of
the low temperature phase of bulk BiCrO3 .
In BiCrO3 thin films, the crystal structure has not yet been finally clarified. Two
groups found a triclinic structure at room temperature [34, 150]. However, David
and coworkers recently reported on three structural variants in a BiCrO3 thin film
at room temperature using transmission electron diffraction [151]. Two of them can
be related to either the bulk high temperature orthorhombic structure or the lowtemperature monoclinic structure, respectively. In addition, they observed extra
diffraction spots along the [101] direction, which could by caused by a modulated
structure related to the bulk monoclinic phase.
However, up to now, no data are available on the structural properties of BiCrO3
thin films as a function of temperatures, e.g. above and below the phase transition. Therefore, in the following, the crystal structure of our BiCrO3 thin films is
investigated and discussed in detail using x-ray diffraction.
Structural properties of BiCrO3 thin films at temperatures above the phase
transition
Since BiCrO3 thin films are fabricated at a substrate temperature of 858 K (cf. Section 4.2), the orthorhombic P bnm symmetry is the parent phase. As discussed in the
context of SrRuO3 thin films (cf. Section 4.3), in this symmetry, X-, Y -, and Z-type
domains can be formed. Depending on the domain type, a lattice mismatch ranging
between 0.85% and 0.90% of BiCrO3 thin films on SrTiO3 can be estimated.22 Since
these values are very similar, all three domain types are expected to be present
in BiCrO3 thin films grown on (001)-oriented SrTiO3 substrates. By performing
x-ray diffraction measurements at 500 K, i.e., well above Tphase, bulk , the crystalline
symmetry as well as the domain state can be revealed.
As an example, Fig. 4.24 shows the results of x-ray diffraction measurements carried out on a 177 nm thick BiCrO3 film grown on a SrRuO3 -buffered SrTiO3 (001)
substrate. The reciprocal space map around SrTiO3 (001) as well as the qH00 - and
q00L -scans depicted in the left and upper panel of Fig. 4.24(a) reveal a BiCrO3 thin
film with high crystalline quality. This is not only proved by the finite thickness
fringes indicating a coherent growth even at a thickness of 177 nm, but also by
the low mosaic spread revealed by the narrow BiCrO3 (001)pc reflection along the
[100] direction. The crystalline quality can be quantified by the full width at half
maximum of the rocking curve around this reflection of 0.04◦ , which is an excellent value in terms of BiCrO3 thin films of thicknesses as large as 177 nm. At this
thickness, strain relaxation certainly takes place by forming dislocations and different crystallographic domains. The splitting of the pseudo-cubic BiCrO3 (113)pc
reflection observable in the reciprocal space map around SrTiO3 (113) depicted
21

In analogy to BiCrO3 , the identification of the crystal symmetry (C2 or C2/c) of BiMnO3 has
been controversially discussed over the last years (cf. Ref. [338]).
22
The lattice mismatch was calculated at 470 K using the structural parameters obtained by neutron diffraction [36], since no data are available on the thermal expansion of BiCrO3 .
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Figure 4.24: X-ray diffraction measurements carried out on a 177 nm thick BiCrO3 film
grown on a SrRuO3 -buffered SrTiO3 (001) substrate at 500 K. Reciprocal space maps
and q-scans around (a) SrTiO3 (001) and (b) SrTiO3 (113). The splitting of the pseudo
cubic BiCrO3 (113)pc reflection reveals a difference of the a and b lattice parameters
in the orthorhombic symmetry. Superstructure reflections of orthorhombic Z- as well
as Y -type domains (cf. Fig.4.6) are depicted in (c) and (d), respectively.

in Fig. 4.24(b) indicates a difference of the a and b lattice parameters at a constant c value. Therefore, Fig. 4.24(b) reveals the presence of orthorhombic Z- and
Z 0 -domains (cf. Fig. 4.6). These domains exhibit a doubling of the unit cell in
the out-of-plane direction, causing a superstructure peak around the pseudo-cubic
(1 1 3.5)pc reflection. Since this reflection is allowed in the orthorhombic symmetry,
but forbidden in the monoclinic C2/c and rhombohedral R3c space group, the finite intensity visible in Fig. 4.24(c) proves that the crystal symmetry of the high
temperature phase of BiCrO3 thin films is orthorhombic and equal to the parent
bulk phase. In analogy to orthorhombic Z-type domains, X- and Y -type domains
cause superstructure reflections along the pseudo-cubic [100]pc and [010]pc directions with q00L ≥ 1 rlu, respectively (cf. Fig. 4.6). Indeed, these superstructure
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Figure 4.25: X-ray diffraction measurements carried out (a) on a 28 nm thick BiCrO3
film grown on a SrRuO3 -buffered SrTiO3 substrate as well as (b) on a BiCrO3 (43 nm)
thin film deposited directly on Nb:SrTiO3 . Both measurements were performed at
500 K around the superstructure reflection BiCrO3 (1 1 3.5)pc .

peaks are clearly resolved at q00L = 3 rlu (cf. Fig. 4.24(d)).23 Therefore, at the deposition temperature, all three orthorhombic domain types are formed in BiCrO3
thin films on SrRuO3 -buffered SrTiO3 (001) substrates leading to a crystalline multidomain state. The orthorhombic lattice parameters of the 177 nm thick BiCrO3
film were calculated to a500 K = (0.552 ± 0.001) nm, b500 K = (0.543 ± 0.002) nm,
and c500 K = (0.7759 ± 0.0004) nm. Therefore, this BiCrO3 thin film is almost
fully relaxed, exhibiting an in-plane strain of εxx = −0.4 % and εyy = +0.1 %
as well as an out-of-plane strain of εzz = +0.2 %. These values yield a Poisson ratio of ν = (0.40 ± 0.05), which is nearly as high as for BiFeO3 thin films
(cf. Section 4.4.1). The in-plane lattice parameters a500 K and b500 K reveal that
the
√ strain relaxation is not symmetric around the SrTiO3 in-plane lattice constant
2aSTO = 0.5535 nm as it could be expected for thin films exhibiting an orthorhombic symmetry (cf. Ref. [339]).
The superstructure reflections caused by X-, Y -, and Z-type domains were also
observed in BiCrO3 thin films with thicknesses down to 28 nm (cf. Fig. 4.25(a)),
indicating the presence of an orthorhombic symmetry for thicknesses as low as 28 nm.
Furthermore, almost no difference was detected for BiCrO3 thin films fabricated on
SrRuO3 -buffered SrTiO3 substrates compared to BiCrO3 thin films on Nb:SrTiO3 .
Figure 4.25(b) reveals that an orthorhombic symmetry was also found in BiCrO3
thin films with a thickness of 43 nm grown on Nb:SrTiO3 at T = 500 K.
In summary, detailed x-ray diffraction measurements carried out at T = 500 K
shown in Fig. 4.24 disclose an orthorhombic symmetry of the high temperature phase
of our BiCrO3 thin films. Moreover, all different types of orthorhombic domains were
detected, which proves a crystalline multidomain state of BiCrO3 thin films grown
on (001)-oriented SrTiO3 substrates.
23

A finite intensity was also detected in the q0K0 -q00L plane (not shown).
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Figure 4.26: Structural phase transition in BiCrO3 thin films: (a) q00L -scans measured
at qH = 0 rlu for different temperatures revealing the presence of two distinct BiCrO3
peaks below around 410 K. (b) Pseudo-cubic out-of-plane lattice constants for BiCrO3
(cBCO1 , cBCO2 ) and SrTiO3 (aSTO ) calculated by using the Nelson-Riley method described in Section 2.1.3. The red dashed and dotted lines are guides to the eye.

Structural phase transition in BiCrO3 thin films
As stated above, upon lowering the temperature from 500 K to room temperature,
a structural phase transition occurs at around 410 K − 440 K in bulk BiCrO3 . To
investigate this transition in our BiCrO3 thin films, x-ray diffraction measurements
were carried out at different temperatures.
Figure 4.26(a) shows the result of q00L -scans performed on a 220 nm thick BiCrO3
film grown on a SrRuO3 -buffered SrTiO3 substrate as a function of temperature.
An automatic alignment procedure was employed to correct for the thermal expansion of the sample and sample holder. Upon lowering the temperature from 500 K
to 300 K, the single pseudo-cubic BiCrO3 (002)pc reflection splits into two distinct
BiCrO3 peaks. This suggests that crystalline domains exist below T ≈ 410 K, which
exhibit different out-of-plane pseudo-cubic lattice constants. These lattice constants
were extracted from the q00L -scans using the Nelson-Riley method described in Section 2.1.3. In Fig. 4.26(b), both pseudo-cubic lattice constants (cBCO1 , cBCO2 ) of a
177 nm thick BiCrO3 film as a function of temperature are shown. In addition, the
cubic unit cell parameter aSTO of the SrTiO3 substrate is included in the figure for
comparison. While the lattice constant of SrTiO3 decreases linearly with decreasing
the temperature from 500 K to 300 K with a thermal expansion coefficient of about
αSTO = 9.8 · 10−6 1/K, which is close to the literature value of αSTO = 9.6 · 10−6 1/K
[256], the temperature behavior of the BiCrO3 lattice strongly changes at around
430 K. Above 450 K, the pseudo-cubic lattice constant cBCO1 of BiCrO3 exhibits
an about linear dependence on temperature. In this region, the thermal expansion
coefficient αBCO,HT can be estimated to αBCO,HT w 6.5 · 10−6 1/K. Reaching the
temperature range 400 K ≤ T ≤ 450 K, cBCO1 deviates significantly from the linear
temperature dependence and crosses over in an almost temperature independent lat-
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Figure 4.27: (a) X-ray diffraction measurements along qHKL with qH = qK = qL carried out at 300 K (black symbols) and 500 K (red symbols) on a (177 nm) BiCrO3
thin film grown on a SrRuO3 -buffered SrTiO3 substrate. The insets show the monoclinic superstructure reflections (0.5 0.5 0.5)pc and (1.5 1.5 1.5)pc in more detail. (b), (c)
A finite normalized intensity I/ISrTiO3 (111) and I/ISrTiO3 (113) of the monoclinic and
orthorhombic ((1 1 3.5)pc ) superstructure reflections was detected in the whole temperature range 300 K ≤ T ≤ 500 K, proving a coexistence of both phases.

tice constant upon further cooling the sample. Furthermore, a second peak emerges
at around 410 K. The corresponding pseudo-cubic lattice constant cBCO2 is larger
than cBCO1 and increases its value with decreasing temperature. Figure 4.26 reveals
significant changes of the BiCrO3 lattice at around Tphase = 410 K − 440 K, which
can be attributed to a bulk-like structural phase transition, since Tphase is similar to
Tphase, bulk .
In analogy to bulk BiCrO3 , which exhibits a change in symmetry from orthorhombic to monoclinic at the phase transition, a monoclinic symmetry is assumed for
T ≤ 410 K. The monoclinic symmetry can be revealed by investigating the pseudocubic superstructure reflections (0.5 0.5 0.5)pc and (1.5 1.5 1.5)pc , as they correspond
to the (002)m and (004)m reflections in the monoclinic C2/c symmetry. These reflections can be observed by performing x-ray diffraction measurements along the
pseudo-cubic [111]pc direction, i.e., q-scans with qH = qK = qL . As an example,
the qHHH -scan depicted in Fig. 4.27(a), which was measured on a 177 nm thick
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BiCrO3 film at 300 K, reveals a finite intensity at qH = qK = qL = 0.5 as well
as at qH = qK = qL = 1.5. The observation of only one kind of superstructure
reflections is certainly not sufficient to unambiguously determine the symmetry of
epitaxial thin films. But as we expect a bulk like behavior in this BiCrO3 thin film,
the detection of the (0.5 0.5 0.5)pc and (1.5 1.5 1.5)pc reflections strongly suggests a
monoclinic symmetry at 300 K. Therefore, the BiCrO3 thin film undergoes a structural phase transition at Tphase , where the orthorhombic symmetry is lowered to a
monoclinic one.
For temperatures larger than Tphase , the intensity of the pseudo-cubic (0.5 0.5 0.5)pc
and (1.5 1.5 1.5)pc reflections should vanish, since these reflections are forbidden in
the orthorhombic phase. Nevertheless, the insets of Fig. 4.27(a) reveal still a finite intensity around the (0.5 0.5 0.5)pc reflection at 500 K. This surprising result
indicates a coexistence of both phases in a large temperature interval. Indeed, detailed x-ray diffraction measurements carried out at different temperatures between
500 K and 300 K around the monoclinic (0.5 0.5 0.5)pc , (1.5 1.5 1.5)pc as well as the
orthorhombic (1 1 3.5)pc superstructure reflections disclose a finite intensity at both
types of reflections in the whole temperature range (cf. Figs. 4.27(b) and (c)). Note
that the normalized intensity I/ISrTiO3 (113) of the (1 1 3.5)pc reflection depicted in
Fig. 4.27(c) is derived from two dimensional reciprocal space maps, while the normalized intensity of the monoclinic superstructure I/ISrTiO3 (111) is obtained from one
dimensional qHHH -scans. Thus, the temperature evolution of the intensity shown in
Fig. 4.27(c) is more accurate than the temperature dependence of the monoclinic
superstructure displayed in Fig. 4.27(b). However, in both measurements, a change
of the temperature dependence of the intensity ratio is visible for T ≤ 410 K, which
further corroborates a structural phase transition around Tphase ≈ 410 K.
The coexistence of the high-temperature and low-temperature phase around Tphase
was also observed in BiMnO3 [337] and BiCr0.5 Mn0.5 O3 [340] and could be caused
by several reasons. First, the structural transition could be extended over a large
temperature range. In this case, the coexistence of both phases is caused by the
first order nature of the structural transition. For example, in BiCr0.5 Mn0.5 O3 , the
temperature range for the coexistence of the high-temperature and low-temperature
phase was recently found to be larger than 100 K around the phase transition [340].
To investigate this possibility, x-ray diffraction measurements were carried out at
T = 300 K and T = 60 K on a 46 nm thick BiCrO3 sample fabricated on a SrRuO3 buffered SrTiO3 substrate using grazing incidence diffraction (GID). The GID measurements were performed at the BM28 beamline at the ESRF (cf. Section 2.1.3).
As shown in Fig. 4.28(a), the qHK0 -scans with qH = qK recorded at T = 300 K
and T = 60 K reveal no qualitative difference. This suggests that no additional
crystalline phase transition takes place between T = 300 K and T = 60 K. Furthermore, a splitting of the pseudo-cubic BiCrO3 (220)pc reflection into three peaks is
observable. To understand this, x-ray diffraction measurements around the pseudocubic BiCrO3 (113)pc reflection were carried out around the phase transition using
a standard Cu x-ray source. As obvious from Fig. 4.28(b), in the orthorhombic
high temperature phase at 500 K, the BiCrO3 (113)pc reflection is split into two
peaks (cf. Fig. 4.24(b)). Upon lowering the temperature to 420 K, a third reflection
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at the BM28 beamline at ESRF. The pseudo-cubic BiCrO3 (220)pc reflection is split
into three peaks. (b) These peaks corresponds to the high temperature orthorhombic
and low temperature monoclinic phases as revealed by x-ray diffraction measurements
at different temperatures around the pseudo-cubic BiCrO3 (113)pc reflection using a
standard Cu x-ray tube. (c) No superstructure was observed along the pseudo-cubic
h110i direction. Therefore, no indication for the existence of a monoclinic P 21 /c symmetry was found in our samples.

emerges, which is caused by the monoclinic symmetry. This reflection becomes more
intense by further cooling down the sample. Therefore, from Fig. 4.28(b), the finite
intensity detected at around qH = qK = 1.015 rlu, can be attributed to the high temperature orthorhombic phase. In analogy to x-ray diffraction measurements on the
pseudo-cubic BiCrO3 (113)pc reflection, the splitting of the BiCrO3 (220)pc reflection
along the [110]pc direction reflects the coexistence of the monoclinic and orthorhombic phases. Thus, from Figs. 4.28(a) and (b), we draw the conclusion that the
orthorhombic phase is still present down to a temperature of 60 K, which is more
than 350 K lower than the phase transition temperature. Therefore, the coexistence
of both phases can not only be explained by an extended phase transition.
Recently, David and coworkers suggested another explanation for the coexistence
of different phases in BiCrO3 thin films [151]. Since epitaxial strain relaxation can
cause inhomogeneous strain distributions, BiCrO3 can be locally exposed to different internal pressures, altering the structural properties. In the material system
BiMnO3 , high pressure synchrotron studies reveal different structural symmetries
depending on the applied pressure [341]. Three different crystalline structures were
detected. In the low pressure regime, BiMnO3 remains monoclinic. Increasing the
pressure to above 1.5 GPa, BiMnO3 changes its monoclinic symmetry to P 21 /c.
Finally, at high pressures (p & 6 GPa), the orthorhombic high temperature symmetry becomes stable. As the structural properties of BiMnO3 are closely related
to BiCrO3 , a similar dependence is expected in BiCrO3 . In this regard, in BiCrO3
thin films, which exhibit a strain distribution from a fully strained state at the
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interface between the BiCrO3 and SrRuO3 layer to a fully relaxed state at the surface of the BiCrO3 thin film, all three crystalline phases are expected. Therefore,
in particular the monoclinic P 21 /c symmetry, which causes superstructure reflections along the pseudo-cubic h110ipc directions [151], should exist in our BiCrO3
thin films. However, no indication of any superstructure reflections along this crystallographic direction were found in our measurements using synchrotron radiation
(cf. Fig. 4.28(c)). This confirms that the monoclinic C2/c symmetry is the dominant phase below the phase transition and inhomogeneous strain distributions might
not be the main reason for the existence of different crystallographic phases. Note
that a strain relaxation mechanism, which takes place over the whole film thickness,
would affect the peak profile in x-ray diffraction measurements (cf. Section 4.4.1),
which was not observed in our measurements. However, recent density functional
calculations performed for epitaxial BiCrO3 films with lattice constants determined
by the SrTiO3 substrate reveal an orthorhombic high temperature phase, which was
found to be stable down to 10 K [342]. This result confirms the strong sensitivity of
the crystalline structure on the epitaxial strain proposed by David et al. [151].
The additional monoclinic P 21 /c symmetry found by David and coworkers might
be attributed to oxygen non-stoichiometric effects. Again, utilizing the structural
similarity of BiMnO3 and BiCrO3 , different phases exhibiting monoclinic and orthorhombic symmetries were found in oxygen deficient BiMnO3 samples [343]. Therefore, oxygen non-stoichiometric effects might be another reason for the existence of
different phases in BiCrO3 thin films. However, this possibility can not be ruled
out, since the precise determination of the oxygen content in thin films is virtually
impossible.
In summary, temperature dependent x-ray diffraction measurements reveal a structural phase transition from the high-temperature orthorhombic phase to a monoclinic structure at around Tphase = Tphase, bulk = 410 K − 440 K. However, a coexistence of both structures was found in the whole investigated temperature range
of 60 K ≤ T ≤ 500 K. The exact mechanism responsible for this structural behavior remains unresolved and might be attributed to a combination of strain effects,
oxygen non-stoichiometry, and a large temperature range at which the structural
phase transition takes place. Therefore, the transition at 410 K − 440 K should be
regarded as a change in volume fraction of different BiCrO3 regions exhibiting an
orthorhombic and monoclinic symmetry.
Structural properties of BiCrO3 thin films at low temperature
As discussed in the previous section, the BiCrO3 thin films exhibit a crystalline
multiphase state in the temperature range 60 K ≤ T ≤ 500 K. Since x-ray diffraction
revealed that the reflections of the low temperature monoclinic phase are by far more
intense than the corresponding orthorhombic ones as well as no indication of further
structural phase transitions was found down to 60 K (cf. Figs. 4.27 and 4.28), the
monoclinic structure is the dominant phase for T < Tphase . To investigate this
structure in more detail, x-ray diffraction measurements were carried out at room
temperature using a standard Cu x-ray source or synchrotron radiation at the I16
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Figure 4.29: X-ray diffraction measurements on a 65 nm thick BiCrO3 film grown on a
SrRuO3 -buffered SrTiO3 (001) substrate, carried out at room temperature at the I16
beamline located at the Diamond light source. (a) The finite thickness fringes around
the pseudo-cubic BiCrO3 (001)pc reflections disclose an excellent coherent growth. A
splitting of this reflection into two peaks is visible in the q00L -scans with qH = 0 rlu
and qH = −0.005 rlu. (b) An additional reflection with low intensity at around
qH = 1.35 rlu, which might be caused by a small impurity phase, was detected in
the q00L -scan. This impurity phase could not be resolved when using a standard laboratory diffractometer with a Cu x-ray source. (c) To estimate the volume ratio of the
monoclinic domain types exhibiting a different out-of-plane lattice constant, the profile of the SrTiO3 (003) reflection (green dashed line) as well as the BiCrO3 peaks (red
dashed lines) were fitted. The derived intensity evolution of the q00L -scan is marked
by the black solid line.

beamline at the Diamond light source as well as the BM28 beamline at the ESRF.
In BiCrO3 thin films grown on SrRuO3 -buffered SrTiO3 (001) substrates, BiCrO3
reflections with two different out-of-plane constants were detected at room temperature. As an example, Fig. 4.29(a) shows x-ray diffraction measurements around
SrTiO3 (001) measured on a 65 nm thick BiCrO3 film using synchrotron radiation.
Obviously, this thin film exhibits a high crystalline quality, since finite thickness
fringes are visible over the whole investigated reciprocal space demonstrating an
excellent coherent growth. Furthermore, the q00L -scans at qH = 0 rlu and more pronounced at qH = −0.005 rlu reveal a splitting of the pseudo-cubic BiCrO3 (001)pc
reflection into two peaks (cf. left panel of Fig. 4.29(a)). This confirms the result of
x-ray diffraction measurements on a 177 nm thick BiCrO3 film shown in Fig. 4.26
and suggests that monoclinic domains with different out-of-plane lattice parameters
are present in BiCrO3 thin films at room temperature. To estimate the volume ratio
of both type of domains distinguishable in the out-of-plane direction, the Scherrer
formula [68] was employed using the full width at half maximum derived by fitting
the q00L -scan around the SrTiO3 (003) reflection (cf. Figs. 4.29(b) and (c)). Within
this simple model, a ratio of 60 : 40 was derived, suggesting a slight preferential formation of the domain type exhibiting a smaller out-of-plane lattice constant. The
two different monoclinic domains can be identified by (111)- and (1̄01)-type domains

100

Chapter 4
(111)-type domains

(101)-type domains

H=0.025

am

Bi3+
BiCrO3

BiCrO3

BiCrO3

Cr3+
O2-

apc

SrRuO3

cm

cpc

bm

apc

SrTiO3
am

Ti4+
O

bpc
bm

cm

Sr2+

Nb:SrTiO3

cpc

SrTiO3

2-

bpc

Figure 4.30: Schematic illustration of (111)- and (1̄01)-type monoclinic domains. The
epitaxial relations between BiCrO3 and the SrTiO3 (001) substrate can be described
as:
(111)-type domains: BiCrO3 (111) k SrTiO3 (001) and BiCrO3 [1̄01] k SrTiO3 [010]
(1̄01)-type domains: BiCrO3 (101̄) k SrTiO3 (001) and BiCrO3 [121] k SrTiO3 [010].
Within this setting, the monoclinic unit cell is related to the perovskite cubic axes by
the matrices:
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(cf. Fig. 4.30). Using the lattice constants of bulk BiCrO3 , which were recently published by Darie et al. [36], a misfit strain between BiCrO3 and SrTiO3 of −0.2 %
and −0.6 % for (111)- and (1̄01)-type domains can be derived. Since the difference
in strain of both values is small, the BiCrO3 thin films can have (111)- and (1̄01)oriented regions. Furthermore, the preferential formation of (111)-type domains,
which is revealed by the volume ratio 60 : 40 derived from Fig. 4.29(c) and found in
all investigated BiCrO3 thin films independent of thickness and presence or absence
of SrRuO3 buffer layers, can be explained by the lower misfit strain.
In Fig. 4.30, only one variant of each domain-type with a fixed in-plane relation is
shown for simplicity. Allowing different in-plane orientations, the BiCrO3 thin film
will form further structural domains, which can be distinguished by x-ray diffraction
measurements performed around asymmetric reflections. As an example, the result
of such measurements around SrTiO3 (103) is shown in Fig. 4.31(a). In principle,
Fig. 4.31(a) should disclose six different BiCrO3 variants, but they are barely distinguishable using a standard Cu x-ray source. However, two domain types with
different out-of-plane lattice constants, which can be indexed within the monoclinic
symmetry by (424)m and (517̄)m , are marked by white dashed lines. The in-plane
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Figure 4.31: (a), (b) X-ray diffraction measurements on a 177 nm thick BiCrO3 film
grown on a SrRuO3 -buffered SrTiO3 substrate carried out around the asymmetric
SrTiO3 (103) reflection using a standard Cu x-ray source. (a) Two of six possible
in-plane domains of BiCrO3 , which are marked by white dashed lines, are resolved
and indexed with respect to the monoclinic symmetry. (b) φ-scans reveal a four-fold
symmetry of both domains. This indicates a cube-on-cube growth of the pseudo-cubic
BiCrO3 unit cells on the SrRuO3 -buffered SrTiO3 substrate. (c) Using φ-scans carried
out on the six-circle diffractometer of the BM28 beamline at the ESRF, the quality of
the in-plane orientation can be derived from the full width at half maximum (FWHM)
around the BiCrO3 (622) reflection yielding 0.95◦ .

orientation of these two domain-types exhibits a fourfold symmetry revealed by azimuthal φ-scans (cf. Fig. 4.31(b)). This demonstrates a cube-on-cube growth of
the pseudo-cubic BiCrO3 unit cells on SrTiO3 (001) substrates, as it is depicted
in Fig. 4.30. Using φ-scans measured along the monoclinic BiCrO3 (622)m reflection carried out on the six-circle diffractometer of the BM28 beamline at ESRF
(cf. Fig. 4.31(c)), the quality of the in-plane orientation can be derived from the full
width at half maximum (FWHM). A FWHM of 0.95◦ was found for BiCrO3 , which is
one order of magnitude larger compared to the SrTiO3 substrate, but more than two
times smaller than reported for BiMnO3 thin films [164]. This demonstrates a good
in-plane orientation of the crystalline domains in BiCrO3 with the SrRuO3 -buffered
SrTiO3 substrate.
To get a deeper understanding of the in-plane structure, measurements using grazing incidence diffraction (GID) were performed at the BM28 beamline at the ESRF
on a 65 nm thick BiCrO3 thin film grown on a SrRuO3 -buffered SrTiO3 substrate.
The result of the GID measurements around the SrTiO3 (030), SrTiO3 (300), and
SrTiO3 (330) reflections are depicted in Fig. 4.32. All three measurements reveal
the presence of several in-plane domains. Due to the low incidence angles used in
the GID measurements, which results in a low penetration depth of the x-ray radiation, the contributions caused by the 20 nm thick SrRuO3 buffer layer as well as the
SrTiO3 substrate can be neglected. This assumption is also justified by the large
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Figure 4.32: Grazing incidence diffraction around the (a) SrTiO3 (030), (b)
SrTiO3 (300), and (c), (d), (e) SrTiO3 (330) reflections carried out at the BM28 beamline at the ESRF on a 65 nm thick BiCrO3 film grown on a SrRuO3 -buffered SrTiO3
substrate.

scattering power of bismuth atoms.24
X-ray diffraction performed around the SrTiO3 (030) reflection reveals clearly two
main peaks attributed to the scattering from the BiCrO3 layer, which are better
resolved in the q0K0 -scan recorded at qH = −0.025 rlu (cf. left panel of Fig. 4.32(a)).
The peaks correspond to the monoclinic (3̄33̄)m and (6̄06)m reflections at higher
and lower q0K0 -values with respect to the SrTiO3 substrate. The qH00 -scans and the
corresponding reciprocal space map reveal a slight shift of the maximum intensity
of both peaks to positive qH00 -values (cf. upper panel of Fig. 4.32(a)). This suggests
that the coherency of the BiCrO3 thin film with the SrTiO3 substrate is lifted and
the relaxation of the misfit strain has started. A similar behavior was detected by
24

However, a finite intensity caused by scattering from the SrTiO3 substrate is still visible in
Fig. 4.32.
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Figure 4.33: (a), (b) Grazing incidence diffraction (qL = 0 rlu) carried out along
the pseudo-cubic [100]pc ([010]pc ) direction for different qK -values (qH -values) around
SrTiO3 (100), SrTiO3 (200), and SrTiO3 (300).

GID around the SrTiO3 (300) reflection depicted in Fig. 4.32(b). Again, two crystalline domains are observed (cf. upper panel of Fig. 4.32(b)), and both are shifted
to negative q0K0 -values (cf. right panel of Fig. 4.32(b)). However, a detailed analysis of the peak positions of the pseudo-cubic BiCrO3 (300)pc and BiCrO3 (030)pc
reflections, which are both split into two peaks, reveal a shift of the BiCrO3 (300)pc
peaks to higher qH -values compared to the BiCrO3 (030)pc peaks, which are located
at lower qK -values (cf. Figs. 4.32(a) and (b)). This might be an indication for a triclinic symmetry of the BiCrO3 thin film, in agreement with the structural properties
of BiCrO3 thin films reported by Murakami et al. [150].
The low symmetry of the BiCrO3 thin films also results in a splitting of the pseudocubic BiCrO3 (330)pc reflection shown in Fig. 4.32(c). The qHK0 -scan with qH = qK
along the [110]pc direction reveals four reflections (cf. Fig. 4.32(d)). One of them is
caused by the SrTiO3 substrate (qH = qK = 3.0 rlu). As discussed in the context of
Fig. 4.28, the reflection located at qH = qK = 3.06 rlu can be attributed to the (060)o
and (600)o reflections of the orthorhombic high temperature phase. The remaining
two peaks are additionally split along the [11̄0]pc direction, since q-scans along this
direction with either qH + qK = 5.97 rlu or qH + qK = 6.03 rlu reveal a broadening
of these reflections (cf. Fig. 4.32(e)). In principle, the pseudo-cubic BiCrO3 (330)pc
reflection splits into four different domains taking into account all possible in-plane
orientations of (111)- and (1̄01)-type domains. However, these domains are only
barely resolvable (cf. Fig. 4.32(e)). Therefore, no final conclusion can be drawn on
the detailed in-plane domain configuration from the GID measurements depicted in
Fig. 4.32.
However, the transverse qH00 - as well as q0K0 -scans shown in Fig. 4.32(a) reveal
broad shoulders at around |qH00 | ' 0.05 rlu and |q0K0 | ' 0.05 rlu, respectively. This
is shown in more detail in Fig. 4.33. The additional component can be attributed
to small twin domains exhibiting a low degree of ordering [259]. This is in agreement with the observation of an anisotropic peak broadening associated with diffuse
scattering in polycrystalline BiCrO3 samples revealed by neutron diffraction [36, 37].
These effects were attributed to the existence of twin domains with sizes of the order
of 10 nm. However, no modulated domain structure was found, since the position of
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Figure 4.34: High resolution transmission electron microscopy image of a 28 nm thick
BiCrO3 film grown on a SrRuO3 (d = 10 nm)-buffered SrTiO3 substrate, measured by
Sven-Martin Hühne (Universität Bonn). To illustrate the contrast in each perovskite
layer, high magnification images are depicted in the insets. On the right, the scattering
power of the different ions are illustrated by different diameters of the spheres.

the side peaks observed in qH00 -scans (q0K0 -scans) performed at different qK -values
(qH -values) depend on the scattering vector |q|.25
The existence of twin domains as well as of (111)- and (1̄01)-type domains should
be visible using transmission electron microscopy [37, 151, 345, 346]. Figure 4.34
shows a high resolution transmission electron microscopy image of a 28 nm thick
BiCrO3 film grown on a SrRuO3 (d = 10 nm)-buffered SrTiO3 substrate. The measurements were performed by Sven-Martin Hühne (Universität Bonn). The low
magnification transmission electron microscopy image (not shown here) reveals a
thickness of 28 nm (10 nm) of the BiCrO3 (SrRuO3 ) layer. These values correspond
well with the thicknesses disclosed by x-ray reflectivity measurements, which were
found to be 28.5 nm and 10 nm, respectively. This demonstrates an uncertainty of
less than 1 nm in determining the thin film thickness using x-ray diffraction. Furthermore, Fig. 4.34 reveals a difference in the image contrast caused by the different
scattering power of the present ions, since the scattering potential scales with the
atomic number Z (cf. right side of Fig. 4.34). To illustrate the contrast in each
perovskite layer, high magnification images are depicted in the insets of Fig. 4.34.
These images reveal that in case of the BiCrO3 layer, the contrast is mainly caused
by the Bi atoms, while for SrTiO3 and SrRuO3 , the Sr2+ , Ti4+ and Ru4+ ions contribute. In addition, Fig. 4.34 proves a continuation of the oxygen sublattices of the
three perovskite layers across the interfaces. The rotations of the oxygen octahedra,
which are present in the SrRuO3 and BiCrO3 layers (cf. Fig. 4.30 and Fig. 4.6), are
25

An in-plane modulation of twin domains would lead to satellite peaks located at a distance ±|q|
from the center, independent of the momentum transfer [344].
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not resolved due to the low scattering power of the oxygen columns. Furthermore,
neither crystallographic (111)-type and (1̄01)-type domains nor twin domains have
been observed so far. Therefore, in the framework of this thesis, no direct evidence
of the presence of twin domains in BiCrO3 thin films was found.
However, the high crystalline quality is demonstrated by the high resolution transmission electron microscopy image shown in Fig. 4.34. Furthermore, an atomically
flat interface between SrRuO3 and BiCrO3 was found, which confirms the excellent
growth behavior of BiCrO3 on SrRuO3 -buffered SrTiO3 substrates.
In summary, the dominant crystalline structure of BiCrO3 thin films for T < Tphase
was found to be monoclinic. In agreement with the temperature dependent xray diffraction measurements shown in Fig. 4.26, monoclinic domains with different pseudo-cubic out-of-plane lattice constants were detected. These domains can
be identified to be either monoclinic (111)- or (1̄01)-type domains. In analogy to
BiMnO3 thin films [164], the determination of the in-plane domain structure is a
difficult task, since the low symmetry of the BiCrO3 thin film results in a significant
number of reflections, which furthermore overlap one another. As no indication of
a preferred in-plane domain configuration was found, it is assumed that all possible
monoclinic in-plane domains are present in the BiCrO3 with equal probability.

4.5.2 Multiferroic properties of BiCrO3 thin films
The multiferroic properties of BiCrO3 thin films are discussed in the following section. Since there are conflicting reports on the dielectric ground state of BiCrO3
thin films, we investigated the macroscopic and microscopic dielectric behavior of
our BiCrO3 thin films in detail, using both a commercial ferroelectric tester as well
as piezoelectric force microscopy measurements. In addition, the macroscopic and
microscopic magnetic properties above and below the magnetic transition temperature of the BiCrO3 thin films were examined by means of SQUID magnetometry
and magnetic force microscopy. Furthermore, exchange bias effects were observed
in ferromagnet/BiCrO3 composite heterostructures.
Dielectric behavior of BiCrO3 thin films
The dielectric properties of bulk BiCrO3 have not been conclusively resolved up to
now. Niitaka and coworkers stated that bulk BiCrO3 exhibits ferroelectricity below
420 K without giving any proof [147]. The ferroelectric behavior would be in agreement with the observation of a ferroelectric hysteresis in (1 − x) [LaCrO3 ] x [BiCrO3 ]
bulk samples [270]. Both experimental findings are in contrast to first principles
density functional calculations [33]. These calculations reveal an antiferroelectric
behavior of BiCrO3 , similar to PbZrO3 .
For BiCrO3 thin films, only two reports on the dielectric properties have been
published so far. While microscopic measurements using piezoelectric force microscopy revealed a ferroelectric-like behavior [150], antiferroelectricity was observed
in macroscopic measurements using a ferroelectric tester [34]. To resolve this controversy, we investigated the dielectric properties of our BiCrO3 both on macroscopic
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Figure 4.35: Temperature dependence of the real part of the dielectric permittivity εr
(a) as a function of the measurement frequency as well as (b) depending on heating
or cooling the sample. The measurements were carried out on a 220 nm thick BiCrO3
film grown on a SrRuO3 -buffered SrTiO3 substrate.

and microscopic scales using a commercial ferroelectric tester as well as piezoelectric
force microscopy (cf. Section 2.2).
As pointed out in the previous section, BiCrO3 exhibits a phase transition at
around 410 K − 440 K. Since this phase transition is expected to be not only structural, but also between a paraelectric and a ferroelectric or antiferroelectric phase,
the real part of the dielectric permittivity εr should change at the phase transition.
Figure 4.35(a) shows the temperature dependence of εr measured on a 220 nm thick
BiCrO3 film grown on a SrRuO3 -buffered SrTiO3 substrate.26 For a measurement
frequency of 0.1 kHz, an anomaly is visible at the phase transition temperature of
about 430 K. This anomaly shifts to higher temperatures with increasing measurement frequency. A similar behavior is also observed in bulk BiCrO3 (cf. Fig. 4.1(b))
[147] and, e.g., in the material system YCrO3 [347]. The dependence of the transition temperature on the measurement frequency can be understood in terms of
defects leading to a relaxor like behavior [348]. Such a phase transition usually
leads to a thermal hysteresis in the dielectric permittivity depending on whether
the measurement is carried out during cooling or heating. However, no hysteresis in the temperature range between 300 K and 5 K was observed in our samples
(cf. Fig. 4.35(b)). Furthermore, the inset of Fig. 4.35(b) reveals no further anomalies around the expected magnetic transition temperature at around 120 K. This
suggests that no strong magnetoelectric or magnetocapacitance effects are present
in BiCrO3 [337]. This is in contrast to the results published by Kim et al. [34],
who found anomalies at 140 K as well as at 107 K and attributed them to a finite
magnetoelectric coupling and structural transition, respectively.
To reveal the intrinsic dielectric properties in Bi containing multiferroics, a detailed analysis of the dielectric properties is essential [162]. Therefore, the temperature and frequency dependence of the real part of the dielectric permittivity εr as
well as the dielectric loss D are discussed in detail in the following. In Fig. 4.36(a), εr
and D are shown as a function of temperature. The measurements were carried out
26
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Figure 4.36: (a) The real part of the dielectric permittivity εr (full symbols) and the
dielectric loss D (dashed lines) as a function of temperature measured at 1 kHz and
500 kHz. The measurements were carried out on a 177 nm thick BiCrO3 film fabricated
on a SrRuO3 -buffered SrTiO3 substrate. For comparison, the temperature dependence
of εr and D measured on a 220 nm thick BiCrO3 film fabricated using a lower oxygen pressure compared to the ideal deposition parameters described in Section 4.2 is
shown in the inset. (b) Leakage current measurements performed at an electric field
of 4.5 MV/m applied across the 177 nm thick BiCrO3 film. The inset reveals a FowlerNordheim tunnel process at T = 10 K in the limit of high electric fields following
Eq. (4.9) (red dashed lines). (c), (d) Frequency dependence of the dielectric permittivity εr and dielectric loss D for different temperatures. (c) εr follows a Curie-von
Schweidler law for f ≤ 105 Hz (red dashed lines). The dielectric behavior of the nominally stoichiometric 177 nm thick BiCrO3 film (full symbols) as well as the oxygen
deficient 220 nm thick one (open symbols) is plotted in a Cole-Cole diagram in the
inset of (d).

on a 177 nm thick BiCrO3 film fabricated on a SrRuO3 -buffered SrTiO3 substrate.
No frequency dependence of the dielectric permittivity and the dielectric losses was
observed below 150 K. Increasing the temperature, not only an increase of εr , but
also a strong frequency dependence was found accompanied by an increase of the
dielectric loss. Furthermore, a peak in D is observable at a measurement frequency
of 1 kHz. This can be attributed to dielectric relaxation [70], which can be caused, in
principle, by space charge polarization, Maxwell-Wagner polarization, domain-wall
motion, long-range structural disorder, and defects in the BiCrO3 thin film at low
frequencies (f < 1 MHz) [349]. In analogy to BiFeO3 , we attribute the behavior vis-
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ible in Fig. 4.36(a) to a Maxwell-Wagner type relaxation caused by a space charge
polarization located at the film-electrode interface [162, 350, 351]. Therefore, this relaxation should strongly depend on extrinsic effects like the Schottky barrier heights
defined by the electrode materials [352] and the type of contacts [162]. Moreover, the
oxygen partial pressure during the growth process and therefore the amount of oxygen vacancies in BiCrO3 thin films is crucial in terms of reducing the leakage current
and destroying relaxation processes. As an example, the inset of Fig. 4.36(a) shows
the results of dielectric measurements on a 220 nm thick BiCrO3 film fabricated using a lower oxygen pressure compared to the ideal deposition condition described
in Section 4.2. In spite of the similar thickness, frequency dependent anomalies are
observed even below 100 K leading to an enhanced dielectric permittivity as well as
an increase of the dielectric loss. This furthermore reveals the high sensitivity of
the physical properties on the growth parameters in Bi containing perovskite-like
material systems. In SrTiO3 thin films as well as in Bi doped SrTiO3 , similar modes
were observed and attributed to impurities and local disorder [353, 354].27
One of the main drawbacks of Bi containing multiferroics is the high leakage current found in these material systems [355]. Figure 4.36(b) shows the result of dc
current measurements with a constant electric field of 4.5 MV/m applied across the
BiCrO3 thin film. The leakage current rapidly increases above T = 130 K, which
can be mainly attributed to a thermally activated electric conductivity caused by
Bi and/or oxygen vacancies. In general, the major leakage mechanisms in insulating thin films are commonly classified in four basic conduction processes: Schottky
emission, space charge limited bulk conduction, Poole-Frenkel emission, and FowlerNordheim tunneling [356]. For a given insulator, each process may dominate in a
certain temperature range. The Schottky emission process arises from thermionic
emission across the metal-insulator interface. When a metal is attached to an insulating material, a potential barrier is formed, if the metal work function φm is
greater than the electron affinity χ of the insulating material. Using SrRuO3 and
Au as electrode materials with a work function φm of either 5.2 eV [357] or 5.3 eV
[358], respectively, as well as an electron affinity of χ = 3.3 eV, which was estimated
for BiFeO3 [352], a barrier height φb of the metal-BiCrO3 device can be estimated
to φb = φm − χ ≈ 1.9 eV. However, in reality, dopants or surface states lead to
band bending effects at the interface of the electrode and the thin film forming a
Schottky barrier. BiCrO3 thin films are likely oxygen deficient and are presumed to
be slightly nonstoichiometric due to the high volatility of Bi. While Bi deficiencies
create an acceptor level above the valence band, oxygen vacancies are donor type
defects. Since typically the regions of the capacitor near the interface are more oxygen deficient than the bulk, a transition from n-type behavior at the interface to
p-type behavior in the center of the BiCrO3 film might occur [5]. Following Cowley
and Sze [359], the barrier height can be calculated using the expression
φb = S(φm − χ) + (1 − S)(Eg − φ0 ) ,

(4.8)

where Eg is the band gap of BiCrO3 and φ0 is defined as the energy below which the
27
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surface states must be filled for charge neutrality at the surface. S is the Schottky
barrier pinning factor ranging from 0 to 1 [5]. Using an energy band gap of 2.5 eV
for BiCrO3 [360] and a pinning factor of 0.23, which was calculated for BiFeO3 [352],
the barrier height can be estimated to 0.80 eV (0.82 eV) in case of SrRuO3 (Au) as
electrode material. However, Equation (4.8) is only valid in the limit of low density
of defect concentrations (nD . 1016 cm−3 ). In case of a higher density of defects,
such as oxygen vacancies, the barrier height is expected to be further reduced. For
example, a maximum reduction of about 0.3 eV was found in Pt-SrTiO3 junctions
[5]. Nevertheless, at low temperatures the energy barrier is still sizable making
emission of electrons from the electrode into the ferroelectric unlikely.
In analogy to BiFeO3 [355, 356, 361], the current response observed in BiCrO3
for temperatures larger than 120 K is more probably caused by bulk-limited PooleFrenkel emission, which is due to field-enhanced thermal excitation of trapped electrons. In this case, the barrier height is given by the trap potential well and a linear
dependence of ln(j/E 2 ) as a function of (1/T ) is expected [362], which is fulfilled in
the temperature range 120 K < T < 200 K (cf. Fig. 4.36(b)). Oxygen vacancies can
be identified as the cause of Poole-Frenkel emission, since these defects induce trap
centers in Bi containing perovskite-like thin films [361, 363].
At low temperature (T ≤ 10 K), the conduction process can be attributed to
an interface-limited Fowler-Nordheim tunneling. Since the thickness of the BiCrO3
thin film is 177 nm, the tunneling does not take place across the whole thin film,
but instead through a potential barrier formed at the thin film/electrode interface.
In case of Fowler-Nordheim tunneling, a linear relation between ln(j/E 2 ) and (1/E)
can be observed in the limit of high electric fields (cf. inset of Fig. 4.36(b)) as the
leakage current j is described by
!
3/2
Cφ
,
(4.9)
j = BE 2 exp − b
E
where B and C are constants and φb denotes the height of the potential barrier
[362]. The inset of Fig. 4.36(b) reveals different slopes measured for negative (open
symbols) and positive bias (full symbols), which indicates a different amount of
oxygen vacancies at the bottom and top of the BiCrO3 [5].
Since the leakage current detected for temperatures larger than 130 K certainly
influences the dielectric measurements, the dielectric behavior for temperatures lower
than 100 K is discussed in the following. At these temperatures, an intrinsic behavior
of the BiCrO3 thin film is expected. In Fig. 4.36(c) and (d), the real part of the
relative permittivity εr as well as the loss tangent D are plotted as a function of
the measurement frequency f recorded for different temperatures T . While a very
weak frequency dispersion of the dielectric constant is visible, the loss tangent varies
considerably with frequency. At low frequency, the slight increase of the loss tangent
can be attributed to the presence of a finite dc leakage current, whereas the decrease
of εr and the increase of D for frequencies larger than 105 Hz indicate a relaxation
process which might take place above 106 Hz.28 To illustrate the dielectric behavior
28
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measured at 10 K in more detail, the imaginary part εi is plotted versus the real
part εr of the dielectric function (Cole-Cole diagram) [91, 364]. For comparison,
the real εr and imaginary εi part of the dielectric function derived from the 220 nm
thick oxygen deficient BiCrO3 film discussed in the inset of Fig. 4.36(a) is also
included in the Cole-Cole diagram (cf. open symbols in the inset of Fig. 4.36(d)).
Clearly, a semi-circle is observable in this sample, indicating a Debye-like relaxation
at low temperatures. This relaxation seems to be shifted to higher frequencies
in BiCrO3 thin films grown under nominally optimal conditions. However, in the
observed frequency range, the BiCrO3 thin films fabricated under these conditions
exhibit only a small dependence of the dielectric permittivity εr on the frequency
f (cf. Fig. 4.36(c)). This behavior can be explained within a Curie-von Schweidler
law, which is also called the “universal dynamic current response” [365]:
jR (t) = β · t−α ,

(4.10)

where jR denotes the polarization charging current of the dielectric material and α as
well as β are constants. Following Waser et al. [91], the frequency dependence of the
electric susceptibility χe can be obtained by the Fourier transform of the relaxation
current response to a step function of the electric field E(t) = E0 for 0 ≤ t ≤ ∞:
ˆ

1
0
00
jR (t) · exp (ıωt) dt .
(4.11)
χe = χe (ω) + ıχe (ω) =
ε0 E0
From Eq. (4.11), the real part of the relative permittivity as well as the loss factor
can be calculated to
εr (ω) ≈ χ0e (ω) = k0 · ω α−1 + χ∞
 απ 
χ00e (ω)
εi (ω)
≈ 0
= cot
= const ,
D =
εr (ω)
χe (ω)
2

(4.12)

where χ∞ is the electric susceptibility in the limit of high frequency and k0 is a
constant, which depends on, among others, E0 as well as on α. Therefore, εr (ω)
should be a function of ω α−1 in the regime of the Curie-von Schweidler law. Using Eq. (4.12), the dispersion of the BiCrO3 thin film can be obtained for different
temperatures. As shown in Fig. 4.36(c), the Curie-von Schweidler law is in good
agreement with the experimental data for frequencies lower than 105 Hz. This law
is reported for a wide range of materials [366, 367] including ferroelectrics such as
BiFeO3 [154] and the dielectric compound SrTiO3 [368]. To explain this behavior,
different models were proposed in the literature, such as a distribution of relaxation
times, of hopping probabilities, or space charge trapping [365, 367, 369–371]. However, the origin of the power law dependence of the dielectric permittivity is poorly
understood, especially in highly-crystalline thin films. Since Jonscher pointed out
that this behavior is invariably occurring in disordered systems [370], the crystalline
polydomain state present in BiCrO3 thin films on SrTiO3 (001) substrates might
be the main reason for the observed dielectric behavior. However, to increase the
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Figure 4.37: (a) Electric polarization P as a function of the applied electric field E
measured at 10 K on a 177 nm thick BiCrO3 film grown on a SrRuO3 -buffered SrTiO3
substrate by employing the dynamic hysteresis mode with 0.1 kHz (grey symbols) and
1 kHz (black symbols). The current response recorded during the P (E) measurement
is plotted as red lines. Two distinct current peaks are visible in each sweep direction,
which are marked by vertical lines. (b) To eliminate any frequency dependence of
the electric polarization, P (E) loops were also measured using the quasi-static hysteresis mode of the commercial ferroelectric tester (black symbols). The electric field
dependence of the real part of the dielectric permittivity εr (green line) as well as
the dielectric loss D (blue line) are also included into the figure. For better visibility,
only the up sweep (−119 MV/m→+119 MV/m) is shown for εr and D. (c), (d) The
dynamic P (E) and εr (E) loops at higher temperatures are strongly affected by the
increase of the leakage current in the BiCrO3 sample.

understanding on this issue, dielectric measurements on high quality mono-domain
BiCrO3 thin films are mandatory.
To reveal the existence of a long range order of electric dipoles, the electric polarization P as a function of the applied electric field E was investigated at different
temperatures as well as different measurement frequencies using a commercial ferroelectric tester. Figure 4.37(a) discloses a double hysteresis P (E) loop with four
distinct current peaks at T = 10 K, which are located at the steep sections of the
polarization curve (cf. vertical dashed lines in Fig. 4.37(a)). This is a clear sign of an
antiferroelectric behavior, with an electric field-forced transition into a ferroelectric
state above E ≈ 40 MV/m, which is possible due to a small difference in free energy
between the ferroelectric and antiferroelectric state. The finite remanent polarization at E = 0 is caused by leakage currents present in the BiCrO3 thin film. Such
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leakage currents can also contribute to the measured surface charges, which falsifies the electric polarization response of the sample. Using different measurement
frequencies to obtain the P (E) hysteresis, the contribution caused by finite leakage
currents can be identified, since the ferroelectric displacement is almost frequency
independent in the used frequency range (f < 1 kHz), while the leakage charge is
proportional to the integration time [89]. As an example, Fig. 4.37(a) shows two
P (E) loops measured using a frequency of 0.1 kHz and 1 kHz. Almost no difference
is observable. The slight increase of the polarization value at E = ±100 MV/m
and 0.1 kHz can be attributed to a small amount of a dc leakage current. However,
the shape of the P (E) loops remains similar revealing an antiferroelectric behavior
independent of the frequency. Furthermore, the frequency dependent change of the
area enclosed by the P (E) loop is marginal, indicating saturated P (E) loops [372].
Therefore, extrinsic effects causing the observed polarization response as a function
of the electric field can be excluded and Fig. 4.37(a) reveals an antiferroelectric
ground state of BiCrO3 thin films, which is in agreement with theoretical calculations [33] and experimental results published by Kim and coworkers [34]. A possible
frequency dependence of the polarization can be excluded by recording quasi static
P (E) hysteresis loops (cf. Section 2.2.1). This method allows the electric polarization to relax for several seconds at each data point. The P (E) loop measured
with the static hysteresis procedure using a relaxation time of 2 s is displayed in
Fig. 4.37(b), again revealing a double hysteresis in agreement with the P (E) loop
obtained using the dynamic measurement mode (cf. Fig. 4.37(a)). However, by comparing both measurement techniques, a reduction of the area enclosed by the P (E)
loop is observable, which can be mainly attributed to the absence of any dielectric
relaxation in quasi-static P (E) loops. Moreover, the quasi-static polarization versus
electric field loop is horizontally shifted by 1 MV/m with respect to E = 0 MV/m,
indicating a small but finite imprint effect. Various efforts were made to understand
the origin of the imprint in dielectric materials in the past. Two main reasons are
considered to be responsible for the occurrence of imprint effects: defect dipoles related to oxygen vacancies [373] as well as the existence of a non switching layer (“dead
layer”) between the ferroelectric layer and the bottom electrode, which is possibly
formed by the relaxation of lattice misfit strain in the heteroepitaxial ferroelectric
thin film [374]. To get further insight into this issue, the electric field dependence of
the real part of the dielectric permittivity εr (E) as well as the dielectric loss D(E)
measured at 1 kHz, which reveal additional information about reversible and irreversible domain wall and pinning effects, were recorded. For clarity, only the up
sweep (−119 MV/m→+119 MV/m) is shown in Fig. 4.37(b) revealing two maxima
of each curve. However, the position of the maxima of the simultaneously measured
εr (E) and D(E) curves do not match, which is an indication for pinning centers,
since pinned domain walls contribute to the dielectric permittivity losslessly [368].
Therefore, a finite amount of pinning centers most likely is responsible for the finite
imprint effect detectable in the quasi-static P (E) double hysteresis [375].
The temperature evolution of the P (E) and εr (E) loops is displayed in Figs. 4.37(c)
and (d). Clearly, an increase of the saturation polarization and the remanent polarization as well as the dielectric permittivity is visible, which is caused by an increase
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Figure 4.38: (b), (c) Out-of-plane and (e), (f) in-plane piezoelectric force microscopy
(PFM) measurements carried out at ambient conditions on a 68 nm thick BiCrO3 film
deposited directly on a Nb:SrTiO3 substrate. The corresponding topography, which is
recorded simultaneously, is displayed in (a) and (d), respectively.

of the leakage current. At 100 K, the antiferroelectric nature of the BiCrO3 thin films
is hardly resolved. Therefore, high quality thin films with a low amount of leakage
currents are mandatory to exclude extrinsic artefacts and to reveal the ground state
of multiferroic materials [89]. The reader is referred to the diploma thesis of Daniel
Pantel for more details on the dielectric properties of BiCrO3 thin films [70].
Figure 4.37 unambiguously reveals an antiferroelectric behavior in BiCrO3 thin
films observed from dielectric measurements using macroscopic contacts.29 However, Murakami and coworkers reported the presence of ferroelectricity in BiCrO3
thin films employing piezoelectric force microscopy (PFM) measurements [150]. To
investigate this discrepancy, PFM experiments were performed on our BiCrO3 thin
films by Denny Köhler (Technische Universität Dresden). Figure 4.38 shows outof-plane ((b), (c)) and in-plane ((e), (f)) PFM images as well as the corresponding
topography measurements ((a), (d)) recorded at room temperature on a 68 nm thick
BiCrO3 film deposited directly on a Nb:SrTiO3 substrate. The topography images
29

The diameter of the electric contacts used for the dielectric measurements of BiCrO3 thin films
was 200 µm (cf. Section 2.2).

114

Chapter 4
topography

PFM amplitude

(a)

0µm
0nm

(b)

2µm

4µm

6µm
20nm

0µm
0V

PFM phase
(c)

2µm

4µm

6µm
0.7V

0µm
-180°

2µm

4µm

6µm
+180°

Figure 4.39: (b), (c) Out-of-plane piezoelectric force microscopy (PFM) measurements
carried out at 80 K under ultra-high vacuum conditions after poling the area marked
by the white and black rectangles using a voltage of ±10 V. First, the area enclosed by
the large white rectangle was poled using +10 V, then −10 V was used for the region
marked by the black square, and finally the area of the inner white rectangle was poled
using a positive voltage again. The topography of the whole scan area is depicted in
(a).

(cf. Figs. 4.38(a) and (d)) reveal that this particular sample is grown in an island
growth mode resulting in a high rms surface roughness of 4.8 nm. However, the
amplitude and phase signal of in-plane as well as out-of-plane PFM measurements
exhibit almost a constant signal over the whole scanned area. The finite contrast
visible in the out-of-plane measurements is caused by topography artefacts. Two
different conclusions can be drawn from the observed constant signals: (i) either
the BiCrO3 thin film exhibits a ferroelectric single domain state with no domain
structure, or (ii) the BiCrO3 thin film has an antiferroelectric ground state, suggested by the macroscopic measurements discussed above. The first explanation is
very unlikely, since the crystallographic polydomain state in BiCrO3 thin films at
least leads to an in-plane ferroelectric domain structure similar to BiFeO3 thin films
(cf. Fig. 4.16). Assuming an antiferroelectric ground state of BiCrO3 thin films, an
increase of noise is expected in the PFM signal [93]. This is visible by comparing the
phase signal of the out-of-plane PFM measurement of BiCrO3 (cf. Fig. 4.38(c)) with
the respective out-of-plane measurement of BiFeO3 (cf. Fig. 4.16(c)). Therefore,
Fig. 4.38(c) confirms the dielectric macroscopic measurements.
In addition, Murakami et al. found a reversible switching of ferroelectric domains
in BiCrO3 thin films using PFM after poling different areas of the BiCrO3 thin
film [150]. To understand these findings, we repeated the same experiment on a
38 nm thick BiCrO3 film deposited directly on a Nb:SrTiO3 substrate. The PFM
measurement was carried out at 80 K under ultra-high vacuum conditions. Three
different areas were poled applying ±10 V to the conducting tip. First, the area
enclosed by the outer white rectangle depicted in Figs. 4.39(b) and (c) was poled by
applying +10 V to a conducting tip while scanning this area in contact mode. Afterwards, a negative voltage of −10 V was used to scan the region marked by the black
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square, and finally another poling procedure was performed with a positive voltage
of +10 V while scanning the inner area (cf. small white rectangle in Figs. 4.39(b)
and (c)). After the poling procedure, the out-of-plane PFM amplitude and phase
signal was recorded. As obvious from Figs. 4.39(b) and (c), a homogeneous signal
was observed in the out-of-plane PFM amplitude, while a finite contrast is visible
in the PFM phase image. This contrast can not be attributed to different ferroelectric domains, since the difference in the PFM phase signal between the poled
areas was found to be only 56 ◦ [93]. Furthermore, the contrast is not stable in time
and vanishes after three more scans of the same area. Therefore, this relaxor-type
behavior is most likely caused by extrinsic effects [93]. One explanation could be the
presence of charged oxygen vacancies and short range polar regions, which cause a
relaxor like behavior in normal ferroelectrics [347, 376]. Therefore, the microscopic
measurements depicted in Figs. 4.38 and 4.39 confirm the antiferroelectric ground
state of BiCrO3 thin films revealed by dielectric measurements using macroscopic
contacts.
In total, the dielectric properties of BiCrO3 thin films reveal a relaxor-like phase
transition at around 430 K, which might be attributed to defects. Since electric
polarization measurements carried out at 10 K reveal an antiferroelectric behavior
of these thin films, this phase transition can be attributed to a transition from the
paraelectric phase above 430 K to an antiferroelectric one below this temperature.
The antiferroelectric ground state was further confirmed by piezoelectric measurements (PFM). The finite contrast visible in PFM phase images recorded after poling
different areas of the BiCrO3 thin films with ±10 V can be mainly attributed to extrinsic effects, such as oxygen vacancies and short range polar regions, rather than
switching of ferroelectric domains as reported by Murakami et al. [150]. Furthermore, the frequency dependence of the real part of the dielectric permittivity reveals
a Curie-von Schweidler behavior for temperatures lower than 100 K, which might be
explained by the crystalline polydomain state of the BiCrO3 thin films. At higher
temperatures, the dielectric properties are strongly affected by an increase of the
leakage currents in the sample. However, no anomalies were found around the expected magnetic transition temperature of BiCrO3 at around 120 K, which suggests
no strong magnetocapacitance or magnetoelectric effects in BiCrO3 .
Magnetic properties of BiCrO3 thin films
The magnetic properties of bulk BiCrO3 were first investigated by Sugawara and Iida
[139]. They found a transition temperature of TN = 123 K, which was interpreted as
the Néel temperature of BiCrO3 . Furthermore, a parasitic ferromagnetic moment
was detected below TN . Recently, the antiferromagnetic structure was identified
using neutron diffraction to be G-type [36, 148], which is in agreement with theoretical calculations [33, 342, 360, 377]. Within this magnetic structure, the magnetic
moments were found to be aligned along the monoclinic b axis (cf. Fig. 4.30) [148].
However, detailed neutron diffraction measurements revealed a reorientation of the
magnetic moments for T ≤ 80 K [36]. In addition, several anomalies of magnetic origin were found in bulk BiCrO3 at temperatures lower than TN , which were attributed
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Figure 4.40: Magnetization as a function of (a) the applied magnetic field at T = 25 K
as well as (b) temperature for µ0 H = 0 T after field cooling in an magnetic field of
µ0 H = 7 T. The measurements were carried out on BiCrO3 thin films with different
thicknesses grown on Nb:SrTiO3 substrates using SQUID magnetometry. The inset
of (a) displays the difference of the pseudo-cubic out-of-plane lattice constant ∆c =
c − c(41 nm) as a function of the thin film thickness. Two anomalies at temperatures
Ta1 and Ta2 , which are marked by vertical dashed lines, are visible in the temperature
dependence of the remanent magnetization depicted in (b).

to a change of the magnetic easy axis, the presence of an orthorhombic modification
of the low-temperature monoclinic structure, and inhomogeneities [147, 378, 379].
In BiCrO3 thin films a small saturation magnetic moment of 0.05 µB /f.u. was found,
which is consistent with canting of Cr3+ spins [150]. Furthermore, magnetization
versus temperature scans reveal a magnetic transition temperature ranging from
120 K to 140 K and magnetic anomalies at 50 K [150] as well as 105 K [34]. However,
no further details about the magnetic properties of BiCrO3 thin films have been
published to date.
Since SrRuO3 is ferromagnetic below T . 150 K (cf. Section 4.3), the magnetic
investigation shown in Fig. 4.40 were performed on BiCrO3 thin films with different thicknesses grown on Nb:SrTiO3 substrates. The magnetic field dependence of
the magnetization measured at T = 25 K reveals a ferromagnetic behavior of all
investigated BiCrO3 thin films with a weak saturation magnetization smaller than
MS < 4 kA/m, which corresponds to MS . 0.03 µB /f.u. (cf. Fig. 4.40(a)). This finite
ferromagnetic moment can be attributed to a spin canting along the b axis, which
is allowed in the monoclinic C2/c symmetry [378] as well as in the orthorhombic
high temperature phase [342]. Furthermore, similar to the discussion of the magnetic properties of BiFeO3 thin films (cf. Section 4.4.2), the weak magnetic moments
observed in BiCrO3 thin films suggest the absence of magnetic parasitic phases in
these samples. However, Fig. 4.40(a) reveals a small increase of the saturation magnetization for BiCrO3 thin films with thicknesses lower than 100 nm. This can be
explained by a finite strain dependence of the saturation magnetization. In the inset of Fig. 4.40(a), the difference of the pseudo-cubic out-of-plane lattice parameter
∆c = c − c(41 nm) with respect to the 41 nm thick BiCrO3 thin film measured in the
orthorhombic phase at 480 K is shown as a function of the film thickness. Clearly,
an increase of the lattice constant is visible for BiCrO3 thin films with thicknesses
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larger than 100 nm, which can be attributed to a change of the epitaxial strain.
Therefore, Fig. 4.40(a) indicates a small strain dependence of the saturation magnetization. The different strain state of the investigated BiCrO3 thin films might also
affect the magnetic transition temperature. For example, Kim and coworkers found
an enhancement of the transition temperature and related this to epitaxial strain
[34]. However, as shown in Fig. 4.40(b), the temperature dependence of the normalized magnetic remanence is quite different for BiCrO3 thin films with a thickness of
41 nm and 68 nm, although the equal pseudo-cubic out-of-plane constants depicted
in the inset of Fig. 4.40(a) suggest a similar epitaxial strain state in both thin films.
Therefore, different strain effects might not be the main origin for the different magnetization behavior in the vicinity of the transition temperature. While the 41 nm
thick BiCrO3 film reveals an onset of the ferromagnetic moment due to spin-canting
at TC ≈ 130 K, anomalies around Ta1 = 145 K and Ta2 = 115 K were detected in
BiCrO3 thin films with larger thicknesses. This two step transition was also observed by Kim et al. on a 1400 nm thick BiCrO3 film grown on a SrRuO3 -buffered
SrTiO3 substrate [34]. Furthermore, several anomalies in the temperature dependence of the magnetic susceptibility were found in bulk BiCrO3 samples [378]. Two
of them were observed at 165 K and 109 K, respectively. Belik and coworkers attributed the first one to the transition temperature of BiCrO3 regions exhibiting an
orthorhombic symmetry and the second one was explained by the long-range G-type
antiferromagnetic order of the monoclinic C2/c phase [379]. Within the orthorhombic domains the Cr and O bond angles are closer to 180◦ , increasing the magnetic
transition temperature as compared to the highly distorted monoclinic symmetry.
This explanation might also be applicable to our samples. As discussed in Section 4.5.1, a finite volume fraction with an orthorhombic symmetry was observed in
the whole investigated temperature range (60 K ≤ T ≤ 500 K). Therefore, in analogy to bulk BiCrO3 , Ta1 and Ta2 might be attributed to the transition temperatures
of the orthorhombic and monoclinic phases in BiCrO3 . The BiCrO3 thin film with a
thickness of 41 nm seems to be exceptional. In this particular BiCrO3 thin film, no
indication for an orthorhombic phase was found at room temperature. However, the
intensity of a standard x-ray tube used for diffraction measurements on BiCrO3 thin
films with thicknesses as low as 41 nm might not be sufficient (cf. Fig. 4.25(b)) and
the use of synchrotron radiation is mandatory to draw a definite conclusion on this
issue (cf. Section 2.1.3). In summary, Fig. 4.40 suggests that the magnetic behavior
of BiCrO3 thin films on Nb:SrTiO3 (001) substrates stems from a complex interplay
between the strain state of the BiCrO3 thin films and the effects caused by different
crystalline phases.
The magnetic behavior was further investigated on the microscale by means of
magnetic force microscopy (MFM) carried out on a 38 nm thick BiCrO3 film on a
Nb:SrTiO3 substrate by Denny Köhler (Technische Universität Dresden) [93]. The
MFM images were taken at constant temperature below (Fig. 4.41(a) and (c)) and
above (Fig. 4.41(b)) the magnetic transition temperature on the same thin film area
(cf. Fig. 4.40(b)). The images represent the remanent magnetic behavior, since no
magnetic field was applied, neither during the temperature cycles nor while taking
the MFM images. The MFM measurements depicted in Fig. 4.41 were performed
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Figure 4.41: Magnetic force microscopy (MFM) measurements performed by Denny
Köhler (Technische Universität Dresden) on a 38 nm thick BiCrO3 film grown on a
Nb:SrTiO3 substrate. The MFM measurements were carried out in an ultrahigh vacuum chamber at 80 K and 146 K on the same thin film area. Since this BiCrO3 thin
film exhibits a higher surface roughness of 2.7 nmRMS compared to the BiFeO3 thin film
used in Fig. 4.21, the tip-sample distance was increased to 60 nm to avoid topographical
artefacts.

as follows. First, the BiCrO3 thin film was cooled down to 80 K, well below the
magnetic transition temperature. At this temperature, MFM measurements reveal
a magnetic contrast with magnetic domains exhibiting a lateral size of the order of
400 nm (cf. Fig. 4.41(a)). These domains are therefore almost twice as large as in
case of BiFeO3 thin films (cf. Fig. 4.21(b)). To ensure that the finite contrast visible
in Fig. 4.41(a) is of magnetic origin, the sample was heated to 146 K, i.e., above the
magnetic transition temperature (cf. Fig. 4.40(b)). MFM measurements carried out
at this temperature disclose no magnetic contrast (cf. Fig. 4.21(b)).30 However, the
contrast emerges again upon cooling down the sample to 80 K (cf. Fig. 4.41(c)) and
thus can be attributed to be of magnetic origin caused by uncompensated spins of the
antiferromagnetic ground state, which form a surface magnetization [311]. By comparing both measurements carried out at 80 K, which are depicted in Figs. 4.41(a)
and (c), a different magnetic domain distribution is visible. This indicates that there
is no coupling of the magnetic structure neither on the topography nor on the ordered
network of electric dipoles, since this arrangement should remain unchanged during
the temperature cycle 80 K→146 K→80 K as the transition temperature of the antiferroelectric ordering is around 410 K (cf. Fig. 4.35(a)). Therefore, the magnetic
and electronic structure are unpinned and no magnetoelectric coupling is expected
in BiCrO3 thin films. However, the uncompensated spins, which are mainly responsible for this finite surface magnetism observed by MFM measurements, should
create exchange bias effects in ferromagnet/BiCrO3 composite heterostructures in
the same way as in case of BiFeO3 thin films [305, 311].31
30

The finite contrast visible in Fig. 4.41(b) can be attributed to thermal noise and topographic
artefacts [93].
31
More details on composite heterostructures can be found in Part II of this thesis.
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Figure 4.42: Magnetic properties of a Fe10 Co90 (10 nm)/BiCrO3 (350 nm) composite
structure grown on a SrRuO3 (25 nm)-buffered SrTiO3 substrate. (a) The magnetic
hysteresis loops measured at different temperatures reveal a finite exchange bias at
10 K. The positive (µ0 HC+ ) and negative (µ0 HC− ) coercive fields are marked by vertical dashed lines. (b) Temperature evolution of the coercive fields as well as the exchange
bias field µ0 HBC (full symbols), which is calculated from µ0 HC+ and µ0 HC− . A change
of the temperature dependence of these fields is visible below 90 K (cf. black dashed
line). The coercive fields and the derived exchange bias field of a 10 nm thick Fe10 Co90
film deposited on a SrTiO3 substrate is added for comparison (open symbols). (c) The
temperature dependent remanent magnetization of the Fe10 Co90 /BiCrO3 composite
heterostructure changes in the temperature range 40 K . T . 90 K, i.e., well below
the transition temperatures of the monoclinic Ta2 and orthorhombic Ta1 phases, which
are indicated by vertical dashed lines. This can be attributed to spin reorientation in
the BiCrO3 layer. (d) Magnetic hysteresis loops measured at T = 2 K while biasing
the BiCrO3 layer with E = ±14 MV/m. In order to apply an electric field across the
Fe10 Co90 /BiCrO3 composite, the heterostructure was patterned into a similar structure as shown in Fig. 2.4(c) with a diameter of the top contact of 0.5 mm.

To investigate this effect, a tFM = 10 nm thick ferromagnetic Fe10 Co90 film was
deposited on top of a BiCrO3 (tAF = 350 nm) thin film, which was grown on a
SrRuO3 (25 nm)-buffered SrTiO3 substrate. To prevent oxidation of the Fe10 Co90
thin film, the layer was capped in-situ with a 5 nm thin layer of gold. The alloy
Fe10 Co90 combines a large saturation magnetization of around MFM ≈ 1750 kA/m
with a negligible magnetoelastic coupling [380]. Therefore, magnetoelastic effects
can be neglected in the following experiments. Since the Fe10 Co90 layer exhibits a
large magnetic moment which dominates the magnetic measurements, the magnetic
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contribution of the SrRuO3 buffer layer can be ignored. Neutron diffraction experiments carried out on bulk BiCrO3 revealed that the spins are aligned along the
crystallographic b axis [148]. Therefore, a finite exchange bias between the BiCrO3
layer or more precisely the BiCrO3 (1̄01)-type domains and the Fe10 Co90 layer is
expected below the blocking temperature TB , which is usually close to the antiferromagnetic transition temperature of the monoclinic phase TB ≈ TN ≈ Ta2 = 115 K
(cf. Fig. 4.30). The exchange bias arises from the exchange coupling JEB at the
Fe10 Co90 /BiCrO3 interface, which transfers an unidirectional anisotropy from the
antiferromagnet (BiCrO3 ) into the ferromagnetic (Fe10 Co90 ) layer, and manifests
itself by a shift of the magnetic hysteresis of the Fe10 Co90 layer with respect to
µ0 H = 0 mT.32 From a theoretical point of view, the magnitude of the exchange
bias field µ0 HEB can be estimated by [381]
µ0 HEB

1
∞
= · µ0 (HC+ + HC− ) = µ0 HEB
2

r
1−

1
,
4R2

(4.13)

∞
where µ0 HEB
= −JEB / (MFM · tFM ) is the value of the exchange bias field when the
anisotropy of the antiferromagnetic layer Ku is infinitely large, and R = Ku ·tAF /JEB
is the ratio between the antiferromagnetic anisotropy and the interface
exchange
√
energy per unit area JEB , which can be calculated by JEB = ζ · A · Ku [384]. ζ
is found to be close to unity in BiFeO3 [311] and A · Ku denotes the product of
the exchange stiffness A as well as the magnetic anisotropy of the antiferromagnetic
layer Ku . The calculation of JEB accounts for a finite interface roughness, which
results in domain-like regions in the antiferromagnet [384]. Using the values found
for bulk BiFeO3 (cf. Section 4.4.2), the exchange energy JEB can be estimated to
be JEB ≈ 0.4 mJ/m2 . Therefore, in BiCrO3 thin films with thicknesses as large
as tAF = 350 nm, the antiferromagnetic anisotropy term Ku · tAF dominates, which
∞
. This equation is
results in R  1. Thus Eq. (4.13) reduces to µ0 HEB ≈ µ0 HEB
similar to the original phenomenological model proposed by Meiklejohn and Bean
[385, 386]. In this limit, the magnitude of the exchange bias field is expected to be
around µ0 HEB ≈ −23 mT. The negative sign indicates a shift of the hysteresis loops
in the −H direction.
However, as shown in Fig. 4.42(a), magnetic hysteresis loops measured at 200 K
and 100 K reveal no significant difference. This is surprising, since the antiferromagnetic transition temperature of the monoclinic phase, which was identified by
Ta2 = 115 K (cf. Fig. 4.20(b)), is larger than 100 K and a finite exchange bias is
expected. However, the situation changes upon further cooling down the composite
heterostructure. At 10 K, a large enhancement of the coercive field together with
a finite shift of the M (H) loop with respect to µ0 H = 0 mT is observable. Both
effects are caused by a finite exchange bias effect [381]. The experimentally derived
exchange bias field µ0 HEB is strongly temperature dependent and by a factor of two
smaller than expected from theory, which can be attributed to the unknown interface exchange energy per unit area JEB of BiCrO3 thin films. However, in contrast
32

Recent reviews on exchange bias effect of ferro-/antiferromagnetic heterostructures can be found
in Refs. [381–383].
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to the expectation of exchange biased magnetic hysteresis loops for T < Ta2 , an
enhancement of the coercive field as well as a finite exchange bias were observed not
until T < 100 K and T < 30 K, respectively. Therefore, the blocking temperature
TB , at which the exchange bias field approaches zero, is significantly lower than the
antiferromagnetic transition temperature, TB < Ta2 ≈ 115 K, in BiCrO3 thin films.
In general, TB is strongly dependent on the thickness of the ferromagnetic [387] and
the antiferromagnetic layer [388] as well as on the quality of the antiferromagnetic
thin film [389]. However, Fig. 4.42(b) reveals that the coercive field is first enhanced
in the temperature range 30 K < T < 100 K and then a finite exchange bias was
detected below this temperature range. Interestingly, in bulk BiCrO3 , a spin reorientation was recently found by neutron diffraction between 60 K and 80 K, i.e., in
between this temperature range [36]. The rotation of the spins takes place in the
plane determined by the b and c lattice parameters and forms a 50◦ angle with the b
axis direction. A similar behavior is expected in BiCrO3 thin films. Since the alignment of the ferromagnetic spins in Fe10 Co90 is determined by the spin direction in the
underlying antiferromagnetic layer [390],33 the magnetic moments rotate away from
the magnetic field direction in this temperature range, resulting in a reduction of
the detected magnetization projection. Therefore, the overlying ferromagnetic layer
in ferromagnetic/antiferromagnetic composite structures can be used as a tracer of
possible spin reorientation processes of the basic antiferromagnetic thin film. As
revealed by Fig. 4.42(c), a reduction of the remanent magnetization is detected in
the temperature range 40 K . T . 90 K upon cooling the sample from 200 K to
5 K in zero external magnetic field. Above and below this temperature range, the
remanent magnetization was found to be nearly constant. Therefore, Fig. 4.42(c)
suggests that, in analogy to bulk BiCrO3 , a gradual reorientation of the antiferromagnetic spins takes place in the BiCrO3 thin film as well. Thus, the temperature
dependence of the coercive field as well as the appearance of a finite exchange bias
field at temperatures below 30 K can be interpreted as follows. The temperature
range 40 K . T . 90 K, at which the coercive field strongly increases, corresponds
to the temperature range, where a reorientation of the spins in the antiferromagnetic
BiCrO3 layer is suggested. Below this temperature range, this spin reorientation process is complete and a finite exchange bias effect is observed. Therefore, the results
shown in Figs. 4.42(a)-(c) suggest that a finite exchange bias is only present after
the spin reorientation is completed in the BiCrO3 thin film.
As mentioned in Section 4.4.2, in antiferromagnetic materials exhibiting a finite
magnetoelectric effect, the magnetization of a ferromagnetic thin film, which is
closely attached to the antiferromagnetic layer, can be indirectly modified by an
electric field applied to the antiferromagnetic layer. This mechanism was first demonstrated by Borisov and coworkers using the archetypical magnetoelectric Cr2 O3
[138, 392]. Afterwards, other magnetoelectric materials, such as BiFeO3 [311] or
YMnO3 [393], were used. In composite heterostructures based on BiFeO3 , robust
and reversible changes of the magnetization by an electric field were demonstrated
even at room temperature [394]. Very recently, a magnetization reversal by decou33

The reorientation of the antiferromagnetic spins, which takes place by depositing a ferromagnetic
thin film on an antiferromagnetic layer [391], is neglected.

122

Chapter 4

pling of magnetic and ferroelectric domain walls was found in multiferroic LuMnO3
based heterostructures [395]. However, since the mechanism behind the described
effects is based on the electric field control of the antiferromagnetic state, changes
of the exchange bias field µ0 HEB as a function of the applied electric field E in
the Fe10 Co90 /BiCrO3 heterostructure indirectly prove a possible magnetoelectric
behavior in the BiCrO3 compound. To this end, magnetic hysteresis loops were
measured using SQUID magnetometry, while biasing the BiCrO3 thin film with different electric fields. The measurements were performed at 2 K after cooling the
sample from room temperature in an external magnetic field of µ0 H = 1 T. As
shown in Fig. 4.42(d), no clear change of the exchange bias field related to the
applied electric field is visible. The large change of the negative coercive field in
case of E = 0 MV/m can be attributed to training effects, which is common in
exchange bias systems [381]. These effects are caused by irreversible changes of the
antiferromagnetic domain structures as well as of the interface magnetization [381].
Therefore, the data displayed in Fig. 4.42(d) suggests that neither a suppression nor
an enhancement of the exchange bias field can be achieved in ferromagnetic/BiCrO3
composite heterostructures by an applied electric field. Thus, no clear evidence for
a magnetoelectric coupling in BiCrO3 was found. This result confirms the MFM
measurement depicted in Fig. 4.41, where no pinning of the magnetic domains on
the electric ones was detected, but is in contrast to recent ab initio calculation of
the magnetoelectric response of Bi containing multiferroic materials [35].

4.5.3 Summary: Multiferroic BiCrO3 thin films
In summary, for the first time, a detailed analysis of the physical properties of
BiCrO3 thin films was carried out. At first, the crystalline properties of high quality
BiCrO3 thin films were investigated in the temperature range 60 K ≤ T ≤ 500 K.
A structural transition from an orthorhombic to a monoclinic symmetry was found
at Tphase = 410 K − 440 K. However, a coexistence of both phases was observed in
the whole investigated temperature range, which might be caused by a combination
of epitaxial strain effects, oxygen non-stoichiometry, and a temperature-extended
structural phase transition. Therefore, the transition should be regarded as a change
in volume fraction of regions in the BiCrO3 thin film exhibiting an orthorhombic and
monoclinic symmetry. Above Tphase , BiCrO3 thin films mainly consist of regions with
orthorhombic symmetry forming three different domain types, while at T < Tphase
the monoclinic phase dominates. In this phase, various crystallographic domains
were found to be present. These domains can be classified into (111)- and (1̄01)type domains depending on whether the BiCrO3 (111) or the BiCrO3 (1̄01) plane
is parallel to SrTiO3 (001). In addition, both domain types exhibit different inplane orientations forming a multitude of domains. In spite of performing grazing
incidence diffraction using synchrotron radiation, the determination of the in-plane
domain structure of our BiCrO3 thin films failed, since the different reflections are
poorly separated from one another. Therefore, no preferred in-plane orientation of
the domains was inferred.
As the dielectric behavior of BiCrO3 in bulk and thin film form was discussed
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controversially in the past, substantial efforts were undertaken to reveal the dielectric ground state of BiCrO3 thin films. An antiferroelectric behavior was found in
measurements, which were carried out using macroscopic contacts. This is further
confirmed by piezoelectric microscopy. However, on the microscale a ferroelectriclike characteristic was observed, which is not stable in time and was attributed to
charged defects. In addition, no indication for a finite magnetocapacitance effect was
found in the vicinity of the expected magnetic transition temperature. Therefore,
magnetoelectric effects might be small or not present in the BiCrO3 compound.
To reveal the magnetic properties of BiCrO3 thin films, SQUID magnetometry as
well as magnetic force microscopy measurements were performed on BiCrO3 thin
films with different thicknesses. A small but finite ferromagnetic moment was found
below around 145 K, which can be attributed to canting of the spins in the antiferromagnetic structure. Epitaxial strain considerations disclosed an increase of the saturation magnetization by a factor of 1.3 upon decreasing the thin film thickness from
150 nm to 41 nm. However, the temperature dependence of the magnetization revealed a two step magnetic transition in almost all BiCrO3 thin films with anomalies
at 145 K and 115 K. This behavior can be explained by the crystalline multi-phase
state of the BiCrO3 thin films. Since the bond angle between Cr and O is closer to
180◦ in the orthorhombic symmetry than in the monoclinic one, the magnetic transition temperature of parts of the BiCrO3 thin film exhibiting an orthorhombic phase
is higher as compared to BiCrO3 regions with monoclinic symmetry. Therefore,
the onset of the magnetic moment at 145 K was interpreted as magnetic transition
temperature of the orthorhombic phase of BiCrO3 , while 115 K was identified with
the transition temperature of the monoclinic structure. The magnetic properties of
BiCrO3 thin films in the vicinity of the magnetic transition temperature was further examined by magnetic force microscopy. These measurements disclose a finite
magnetic contrast, which might be attributed to uncompensated spins of the antiferromagnetic structure, leading to a finite surface magnetization. This offers the
possibility to observe exchange bias effects in ferromagnet/BiCrO3 composite heterostructures. Indeed, exchange biased magnetic hysteresis loops were detected by
SQUID magnetometry at temperatures lower than 30 K in Fe10 Co90 /BiCrO3 , which
indirectly proves that BiCrO3 has an antiferromagnetic ground state. Interestingly,
a finite exchange bias was detected only when a spin reorientation process, which
is suggested by temperature dependent measurements of the remanent magnetization, was finished. Therefore, the low blocking temperature might be attributed
to modifications of the spin structure of the antiferromagnetic BiCrO3 layer rather
than the quality of the antiferromagnetic BiCrO3 thin film. However, in recent
years, the composite heterostructures based on magnetoelectric antiferromagnets
have been employed to achieve large and robust changes of the magnetization in the
ferromagnet as a function of the electric field, which is applied across the antiferromagnetic layer. A similar experiment was carried out using a Fe10 Co90 /BiCrO3
composite structure. Unfortunately, no electric field dependence of the exchange
bias was found, which suggests that BiCrO3 does not exhibit a magnetoelectric
coupling. Therefore, the compound BiCrO3 should be regarded as an antiferroelectric/antiferromagnetic material without a cross-coupling between both phases.

Chapter 5
Intrinsic multiferroic material
systems: Conclusions and Outlook
A material, which unites different ferroic properties in the same phase, is termed
as intrinsic multiferroic. The primary forms of ferroic order are ferromagnetism,
ferroelectricity, ferroelasticity, and ferrotoroidicity in case of time reversal and space
inversion symmetries (cf. Chapter 3). However, since intrinsic multiferroic materials
are rare, the definition of multiferroicity is usually extended to include antiferromagnetic and antiferroelectric phases. In these material systems, the order parameter
of the ferroic phase is typically modified by its conjugate field, e.g., magnetic (electric) fields change the magnetization (electric polarization) state. In magnetoelectric
multiferroics, an additional coupling between these order parameters exists, which
enables to control the electric polarization by external magnetic fields and the magnetization by electric fields.
In this class of materials, presently BiFeO3 is the most popular one, since it
exhibits both a ferroelectric and an antiferromagnetic transition well above room
temperature (cf. Section 4.1). In the course of this thesis, a detailed study of the
physical properties of BiFeO3 thin films on SrRuO3 -buffered as well as on Nb:SrTiO3
substrates was carried out (cf. Sections 4.4.1 and 4.4.2). Apart from the examination
of the structural and dielectric properties, the main focus was set on the magnetic
behavior of these thin films. In particular, for the first time, a clear indication for
an enhanced magnetic moment was found in regions, where the electrostatic potential changes its value. These regions were interpreted as ferroelectric domain
walls, separating areas with opposite sign of the out-of-plane component of the
ferroelectric polarization. However, in studying the basic physics of this compound,
the high antiferromagnetic (TN ≈ 670 K) and ferroelectric (Tc ≈ 1100 K) transition temperatures are a main drawback, since the paraelectric and paramagnetic
phases are hardly reachable experimentally. Therefore, we also studied BiCrO3 thin
films. BiCrO3 exhibits transition temperatures of the electric and magnetic phases
at around 410 K and 120 K, respectively. Thus, it is ideal for basic studies, as it
can be regarded as model system for Bi containing perovskite-like compounds [125].
Since little is known so far about this compound, a detailed study of its crystalline,
magnetic, and electric properties was carried out (cf. Sections 4.5.1 and 4.5.2). For
the first time, the crystalline characteristic of BiCrO3 thin films was investigated
in a large temperature range of 60 K < T < 500 K. Moreover, an antiferroelectric
ground state was revealed in macroscopic as well as microscopic measurements and
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an antiferromagnetic behavior was confirmed by observing an exchange bias effect
in ferromagnet/BiCrO3 composite heterostructures. However, no indication for a
magnetoelectric coupling was found in our thin films.
Before drawing conclusions and presenting further possibilities for the realization
of room temperature intrinsic multiferroic compounds, the results of the first part
of this thesis will be summarized first.
Summary
Several literature reports of Bi containing perovskite thin films suggest that the
physical properties of these thin films are strongly affected by extrinsic effects, which
are directly linked to the growth conditions (see, e.g., Ref. [38]). Therefore, much
efforts were devoted to fabricate BiM O3 (M = Cr, Fe) thin films with excellent
crystalline and physical properties (cf. Section 4.2).
To disclose the multiferroic behavior of these BiM O3 (M = Cr, Fe) thin films, a
detailed investigation of their physical properties have to be carried out as a function of external magnetic and electric fields. To this end, SrRuO3 thin films as well
as Nb-doped SrTiO3 substrates were used as bottom electrode materials. Since, in
particular, the SrRuO3 layer may contribute to the experimental results obtained
in BiM O3 (M = Cr, Fe) thin films grown on SrRuO3 -buffered SrTiO3 substrates, a
detailed knowledge of the structural, magnetic, and electrical behavior of SrRuO3
thin films is essential for the interpretation of these results. Thus, the properties
of SrRuO3 thin films are discussed in detail in Section 4.3. The structural characterization of these thin films revealed an orthorhombic symmetry with the presence
of X- and Y -domains as well as a high crystalline quality. The excellent electric
behavior was demonstrated by the high residual resistivity ratio detected in our
SrRuO3 thin films. This provides clear evidence for thin films, which exhibit the
correct stoichiometric composition and a low density of structural defects. Furthermore, the electric transport was found to be of intrinsic origin, since the anomalous
conductivity could be well described by theory calculations based on first-principles
methods. Therefore, our SrRuO3 thin films satisfy the conditions of an electrode
material in BiM O3 (M = Cr, Fe)/SrRuO3 heterostructures with excellent structural
and physical properties.
In case of BiFeO3 thin films (cf. Section 4.4), synchrotron x-ray diffraction measurements revealed a monoclinic Cc symmetry at room temperature. This monoclinic space group is similar to the bulk rhombohedral R3c symmetry and leads to the
formation of four different ferroelastic domains, which were detected by piezoelectric
force microscopy. In contrast to the common notion, no improvement of the crystalline quality of BiFeO3 thin films grown on SrRuO3 -buffered SrTiO3 substrates
compared to BiFeO3 thin films directly fabricated on SrTiO3 crystals was found
by detailed x-ray diffraction measurements. However, the possibility of reducing
the number of ferroelastic domains was demonstrated in BiFeO3 thin films fabricated on SrRuO3 -buffered SrTiO3 substrates with a miscut angle of around 1◦ . The
multiferroic properties of BiFeO3 thin films were examined by BiFeO3 thin films
fabricated on Nb:SrTiO3 substrates (cf. Section 4.4.2). To this end, piezoelectric
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force microscopy1 was employed to disclose a ferroelectric ground state of as-grown
BiFeO3 thin films. In these measurements, a constant out-of-plane component was
detected, while ferroelectric in-plane domains were found to be separated by mainly
71◦ domain walls. These domain walls certainly affect the ferroelectric properties.
On the other hand, an electric field control of the magnetic phase by a ferroelectric
multidomain state was reported in literature [137]. In the course of this thesis, indication of an enhanced magnetic moment located in the center of a ferroelectric
domain wall separating regions with opposite sign of the out-of-plane component
of the ferroelectric polarization was found. This is in agreement with calculations
using a phenomenological Landau-Ginzburg model. However, magnetic force microscopy images revealed that this net magnetic moment is averaged out over the
ferroelectric multidomain state and therefore, it is not the reason for the observed
finite ferromagnetic moment. Since an in-plane epitaxial strain of |ip | = 0.6% is
enough to destroy the spin cycloidal state, which was observed in bulk BiFeO3 [29],
the net magnetization of M ≈ 2 kA/m could rather be attributed to canting of the
Fe3+ spins in the antiferromagnetic ground state of BiFeO3 .
In addition, the physical properties of BiCrO3 thin films were investigated (cf. Sections 4.5). The structural properties of these thin films revealed a phase transition
at Tphase = 410 K − 440 K, where a change of the volume fraction of BiCrO3 thin film
regions exhibiting an orthorhombic and monoclinic symmetry was found. Therefore,
no abrupt structural phase transition occurs in these thin films and two different
crystalline phases coexist in the whole investigated temperature range. Furthermore,
a multidomain state was detected in both phases. This multiphase and multidomain
state certainly affects the physical properties of BiCrO3 thin films. Nevertheless, a
clear antiferroelectric behavior was observed in measurements using macroscopic
contacts (cf. Sections 4.5.2). On the one hand, piezoelectric force microscopy measurements confirmed these findings, while on the other hand a relaxor-like behavior
was detected, which might be attributed to charged defects present in the thin
films. As BiCrO3 is expected to be multiferroic (in the extended definition of multiferroicity), the magnetic properties of BiCrO3 thin films were also examined. A
magnetic two-step transition with anomalies at 145 K and 115 K was found in almost
all BiCrO3 thin films. These anomalies were attributed to the magnetic transition
temperature of BiCrO3 regions exhibiting an orthorhombic and monoclinic symmetry, respectively. Furthermore, a small ferromagnetic moment was revealed by
SQUID magnetometry measurements, which was explained by the canting of the
Cr3+ spins in an antiferromagnetic ground state. Using a ferromagnetic Fe10 Co90
layer of 10 nm thickness, which was deposited on top of a 350 nm thick BiCrO3
film, the antiferromagnetic state was confirmed by detecting a finite exchange bias
field at low temperatures in the magnetic field dependence of the magnetization
stemming from the Fe10 Co90 layer. However, detailed investigations of the magnetic
properties of this Fe10 Co90 /BiCrO3 composite heterostructure indicated the presence of a spin reorientation process in the BiCrO3 thin film between 40 K and 90 K.
Furthermore, a finite exchange bias field could only be detected for temperatures
1

The piezoelectric force microscopy as well as the magnetic force microscopy measurements were
carried out by Denny Köhler (Technische Universität Dresden).
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lower than 30 K. Therefore, these results suggest that an exchange bias field can
be observed only when the spin reorientation process is completed. As discussed in
the literature, the exchange bias field can be controlled by an electric field, if the
antiferromagnetic layer exhibits a finite magnetoelectric coupling [138]. Therefore,
magnetic hysteresis loops were recorded under different electric fields applied to the
BiCrO3 thin film. Unfortunately, no electric field dependence of the exchange bias
field was observed. Thus, the compound BiCrO3 seems not to be a magnetoelectric
multiferroic. This negative result was also confirmed by magnetic force microscopy
measurements carried out above and below the magnetic transition temperature.
In these measurements, no pinning of the magnetic structure on the dielectric one
was examined. These measurements demonstrate that BiCrO3 should be regarded
as a material system exhibiting an antiferromagnetic and antiferroelectric behavior
below 115 K without cross-coupling between both phases.
Conclusions and Outlook
In the field of multiferroics, new developments are occurring at a rapid pace.2 In particular, the multiferroic perovskite BiFeO3 has generated much interest, due to the
interesting physics and the potential applications. However, as discussed in this part
of the thesis, some physical aspects of BiFeO3 thin films still remain unclear. While
there exists a full theoretical and experimental understanding of the ferroelectric
behavior, which originates from the lone-pair active Bi cation, the modification of
the magnetic state in BiFeO3 thin films compared to the magnetic bulk properties
are still under investigation.
The magnetic order is mainly caused by the oxygen-mediated superexchange interaction between the Fe cations, resulting in a G-type antiferromagnetic ordering.
This antiferromagnetic structure was predicted by theory, but not well confirmed by
experiments. In previous diffraction experiments using neutrons, the G-type structure was confirmed by the observation of the pseudo-cubic BiFeO3 (0.5 0.5 0.5)pc
reflection (eg. Ref. [311]). However, since this reflection is not only of magnetic
but also of structural origin, the obtained results should be considered with care.
Recently, temperature dependent neutron diffraction measurements of BiFeO3 thin
films indicate a G-type antiferromagnetic ordering [242], but resonant magnetic xray studies might be the better choice to unambiguously determine the magnetic
structure in future (cf. Section 4.4.2).
In addition to the antiferromagnetic spin ordering, a cycloidal-type spatial spin
modulation occurs in bulk BiFeO3 below the Néel temperature. As discussed above,
this cycloidal spin structure is believed to be destroyed in BiFeO3 thin films due
to an epitaxial strain of around |ip | = 0.6%. This implies that the spin modulation should be observable in fully relaxed BiFeO3 thin films. However, this is not
confirmed experimentally up to now. Neutron diffraction measurements carried out
on 240 nm thick BiFeO3 films, which should exhibit an epitaxial strain of less than
0.6%, reveal no indication of a spin cycloidal structure [239]. The presence or absence of this structure is of particular interest, since a finite magnetic moment due
2

Recent reviews on intrinsic multiferroics can be found in Refs. [13, 14, 396]
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to spin canting of the antiferromagnetic sublattices as well as a linear magnetoelectric coupling is only possible, if the cycloidal spin structure is destroyed. Therefore,
future experiments on BiFeO3 thin films exhibiting different epitaxial strains are
mandatory to reveal the detailed magnetic structure. Furthermore, since the cycloidal spin structure does not only depend on the strain state of BiFeO3 but also
on magnetic fields, an external control parameter exists to switch on and off the
linear magnetoelectric coupling in BiFeO3 [309].
This magnetoelectric interaction, i.e., the coupling between the magnetic and
ferroelectric properties of BiFeO3 , seems to be caused by the structural distortion associated with the ferroelectric polarization rather than the polarization itself
[14, 299]. Therefore, ferroelastic switching events, i.e., changing the ferroelectric
polarization orientation by 71◦ and 109◦ (cf. Section 4.4.1), were found to reorient
the magnetization plane in BiFeO3 [29, 137]. This result and recent Raman measurements [397] suggest that the magnetoelectric coupling might be mediated by
magnetostriction and piezoelectric effects, which is further confirmed by recent neutron diffraction measurements of Bi1−x Ndx FeO3 crystals exposed to small uniaxal
pressures [398]. However, as discussed in Section 4.4.2, the lack of the coupling
between the electric polarization and the magnetic properties of BiFeO3 is still discussed controversially and further experiments are essential to clearly reveal the
nature of the magnetoelectric coupling on a microscopic level in BiFeO3 .
Up to now, the change of the magnetic easy direction within one ferroelastic domain compared to the neighboring one was discussed in the literature. But what
happens at the border of these domains, i.e., at ferroelectric domain walls? Regarding only the ferroelectric properties, it was found that 109◦ and 180◦ domain
walls in BiFeO3 are electrically conducting, which paves the way for new applications [14, 16]. One of the main result of this thesis is the detection of an enhanced
magnetic contrast at regions, where the electrostatic potential changes. This was
interpreted as ferroelectric domain wall, in which the out-of-plane component of
the ferroelectric polarization changes its sign. Therefore, an enhanced magnetic
moment could be created and controlled by the ferroelectric domain structure in
BiFeO3 , which could be employed as electrically controlled memory bit. However, a
full understanding of this behavior is still lacking and further measurements of the
local magnetic moment together with the ferroelectric domain structure are necessary. For example, recently, a magnetization reversal by decoupling of magnetic and
ferroelectric domain walls forced by an applied electric field was discovered in ferroelectric/antiferroelectric composite heterostructures based on LuMnO3 , which is an
antiferromagnetic multiferroic compound [395]. This demonstrates the importance
of the understanding of the behavior of ferroelectric and/or magnetic domain walls
in multiferroic compounds. As the internal structure of domain boundaries, interfaces, twin walls, etc. can have significant effects on the macroscopic behavior and,
in specific cases, can even outperform these properties, one would like to optimize
the interfacial properties rather than the domain structure itself, which leads to the
field of “domain boundary engineering” [399].
Therefore, the most promising field for future discoveries regarding multiferroics
might be interfacial phenomena [14, 400]. In addition to spontaneously formed
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domain walls, interfaces can be artificially engineered in heterostructure devices.
One example is the fabrication of exchange coupled ferromagnet/BiFeO3 composite
heterostructures. In such devices, the exchange field can be modified by an external
electric field, resulting in a robust control of the magnetization at room temperature
[401]. However, the mechanism leading to interfacial coupling is far from being
well understood [14]. A detailed discussion of engineering larger magnetoelectric
coupling using interfacial effects between ferromagnetic and ferroelectric constituents
of composite structures is addressed in the second part of this thesis.
To conclude, BiFeO3 has been a focal point of research in recent years, since it is a
material for various potential applications. In particular, employing the multiferroic
behavior of BiFeO3 , memory cells could be written electrically and read magnetically, which has advantages in terms of the non-volatility of the stored information,
power consumption and scalability [13]. The first condition can be realized due to
the electrically switchable easy plane of the antiferromagnetic phase [137], which
might be read out by exchange bias effects [311]. A second potential use of BiFeO3
thin films in the field of spintronic applications could be magnetic tunnel junctions
using BiFeO3 as tunnel barrier [3], where the ferroelectric state of the BiFeO3 barrier controls the magnetic state of the ferromagnetic electrode. Both concepts show,
in principle, the possibility to develop a magnetoelectric random access memory
(MeRAM) [9]. In addition, Bea and coworkers proposed different potential applications based on conducting domain walls in BiFeO3 thin films [16]. Apart from the
multiferroic behavior, the outstanding ferroelectric properties alone make BiFeO3 a
possible candidate in next generation ferroelectric memory devices [28], since BiFeO3
thin films exhibit a large remanent polarization of around 100 µC/cm2 [27] as well
as lead-free constituents, which is important in terms of health and safety compared
to the most widely used ferroelectric material: Pb1−x Zrx TiO3 . Furthermore, it was
found that BiFeO3 thin films emit THz radiation, when hit with a femtosecond
laser pulse [402]. Since the radiation is correlated to the poling state of the BiFeO3
thin film, this is a non-destructive method to read out the information stored in
a ferroelectric memory cell, resulting in a prototype for optically accessible BiFeO3
memory [403]. Recently, a second line of work on BiFeO3 has emerged, driven by the
search for new materials in the field of renewable energy production. In this regard,
BiFeO3 has attracted attention, since photoconductivity as well as a photovoltaic
effect was found in this material [404–406]. This further demonstrates that BiFeO3
is an attractive and intriguing compound. However, in spite of the tremendous research efforts in this area, many questions remain, which were highlighted above.
These topics are worth to be investigated in future experiments.
The second multiferroic compound investigated during the course of this thesis is
hardly relevant for future applications. As summarized above, crystalline, dielectric,
and magnetic properties of BiCrO3 thin films were investigated in detail for the
first time. However, the multiphase and multidomain state hamper the correct
determination of the in-plane domain structure as well as strongly influence the
dielectric and magnetic properties. In particular, the magnetoelectric coupling of
BiCrO3 might be averaged out due to its multidomain state [35]. Therefore, the
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fabrication of single-phase and single-domain BiCrO3 thin films is mandatory to get
a deeper insight of the physical properties of this compound. This could be realized
by using (111)-oriented SrTiO3 substrates, since then the monoclinic (111) domain
type is preferred compared to the (1̄01) one. Furthermore, as demonstrated in case
of BiFeO3 (cf. Section 4.4.1), the use of miscut substrates can further reduce the
number of in-plane monoclinic domains.
As became clear in this part of the thesis, BiCrO3 resembles more the multiferroic
BiMnO3 compound than BiFeO3 . However, since BiMnO3 seems to be ferroelectric
and ferromagnetic,3 the question arises, why Bi containing perovskite-like multiferroics behave so differently? Theory calculations and experimental results suggest
that in BiM O3 with M = Cr, Mn, Fe, Co the stereochemical activity of the Bi lone
pair induces local electric moments, which allow ferroelectricity only if the symmetry
of the compound does not have a center of inversion. In case of an inversion symmetry, the net polarization turns to zero [408]. Therefore, the crystal structure mainly
determines the dielectric ground state in these systems. However, BiMnO3 seems to
be exceptional. In this compound, the emergence of an electric moment might be
connected with inversion symmetry breaking by the noncollinear antiferromagnetic
order [338].
Since the magnetic transition temperature of BiMnO3 is as low as that of BiCrO3 ,
there are two possible candidates for a room temperature multiferroic behavior in the
sense of combining ferroelectric and antiferromagnetic phases: BiFeO3 and BiCoO3 .
BiCoO3 has a giant tetragonal lattice distortion of c/a = 1.27 and is therefore expected to exhibit a large spontaneous polarization of up to 179 µC/cm2 [409], but a
ferroelectric hysteresis loop has not yet been observed. Therefore, it was proposed
that BiCoO3 is a pyroelectric material rather than a ferroelectric one [410]. However, this compound is of particular interest, since a giant magnetoelectric coupling
was predicted by density functional calculations [411]. These calculations reveal
a pressure- or electric field-induced metamagnetic transition, where Co3+ transforms from the high-spin state to a nonmagnetic low-spin state accompanied by an
insulator-metal transition.
The main disadvantage of BiCoO3 and all other perovskite-like BiM O3 (M =
Cr, Mn, Fe) compounds is their low magnetic moment (cf. Sections 4.4.2 and 4.5.2).
In order to give rise to an intrinsic ferromagnetic behavior, compounds exhibiting a
ferroelectric and ferromagnetic ordering are synthesized by combining two materials of the BiM O3 (M = Cr, Mn, Fe) family, forming a double-perovskite structure.
Among others, the compound Bi2 CrFeO6 has attracted a lot of attention, since an
enhanced magnetism [412] and even a multiferroic behavior at room temperature
in epitaxially patterned Bi2 CrFeO6 thin films [413] as well as a photovoltaic effect
[414] were observed. However, our measurements on Bi2 CrFeO6 thin films (see Appendix A), which are in agreement with Refs. [415, 416], do not confirm these results.
Theory calculations reveal a magnetic transition temperature around 130 K [417].
Therefore, the magnetic transition temperature of Bi2 CrFeO6 and thus the multiferroic behavior is unlikely to be above room temperature [418]. In this sense, the
3

The magnetic and dielectric ground state is still discussed controversially in the literature [407].
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compound Bi2 FeCoO6 seems to be more promising in terms of room temperature
multiferroic behavior, since the magnetic as well as ferroelectric transition temperature of both constituents (BiFeO3 and BiCoO3 ) are well above room temperature
and an increase in magnetization was recently observed at 300 K in Co-substituted
BiFeO3 samples [419, 420]. However, in the double perovskite Bi2 BB 0 O6 , an ordering of the B and B 0 cations are difficult to achieve, as their ionic charges and ionic
radii are very similar.
As discussed in Chapter 3, the perovskite-like BiM O3 (M = Cr, Mn, Fe, Co) compounds are classified as split-order-parameter multiferroics. Thus, their expected
magnetoelectric coupling may be small. In contrast, in joint-order-parameter multiferroics, in which the magnetic order induces the ferroelectric one, any reversal of the
spontaneous polarization is directly coupled to changes in the magnetic order and
thus a large magnetoelectric coupling is likely. However, the quest for compounds
exhibiting a magnetoelectric coupling at room temperature is still far from being
solved, since the strong magnetoelectric coupling is mainly based on competing interactions, which are destroyed by thermal energy at room temperature. Therefore,
these materials are fascinating compounds in the field of basic research rather than
for practical applications.
To overcome the limitations of the low transition temperatures as well as the weak
ferromagnetic and ferroelectric polarizations, new mechanisms for a strong coupling
between magnetic and ferroelectric ordering were recently proposed. As an example,
it was found that magnetically ordered insulators that are neither ferroelectric nor
ferromagnetic are transformed into ferroelectric ferromagnets using a single control
parameter: strain [421, 422]. These results demonstrate that strain controls multiple
order parameters, which can lead to enhanced magnetoelectric effects. This will be
employed in detail in the second part of this thesis.

Extrinsic multiferroic composite
structures

Chapter 6
Magnetoelectric composites
“A new class of physical properties of composite materials is that of “product
properties” in which the phases or submaterials of the composite are selected
in such a way that an effect in one of the phases of submaterials leads to a
second effect in the other phase.”
J. van Suchtelen (1972) [423]

The small linear magnetoelectric response of intrinsic magnetoelectric materials
known to date hampers the development of next-generation electronic devices in
this field. Up to now, no single phase multiferroic material, which combines large,
robust, electric and magnetic polarizations at room temperature, has been reported
[21]. An alternative way to achieve enhanced magnetoelectric coupling is the use
of heterogeneous hybrid structures, where proximity and interface-mediated effects
are exploited to realize a finite coupling between the magnetic and dielectric degrees of freedom of the constituents [424]. In these hybrids, a converse pseudomagnetoelectric coupling can be realized although no magnetoelectric effect exists
in the constituent phases [423].1 This allows to overcome the intrinsic upper limit of
the linear magnetoelectric coupling characteristic of intrinsic magnetoelectric multiferroics
q (cf. Eq. (3.26)). In particular, magnetoelectric coupling coefficients larger
(e)

(m)

than χii · χjj are possible in hybrid structures. In recent years, these composites therefore have drawn significant interest, also regarding the viable technological
applications [21, 105, 425].

6.1 Realizing magnetoelectric coupling in
composite structures
On a microscopic scale, composites are built up of two or more constituent materials that are in intimate contact. The interaction between the constituents can
lead to an enhancement of existing properties (sum and scaling properties), or to
1

The magnetoelectric effect in composites is extrinsic. However, the term pseudo-magnetoelectric
and magnetoelectric coupling is used synonymously in this part of the thesis.
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new effects (product properties), which are absent in the single-phase submaterials
[105, 423]. In the former case, for example, the magnitude of the magnetoelectric
coupling can be increased by exchange bias effects coupling the antiferromagnetic
order of multiferroics or magnetoelectrics to a ferromagnetic layer [392]. This mechanism was exploited in Part I of this thesis to demonstrate a possible magnetoelectric
coupling in the multiferroic compound BiCrO3 using a FeCo/BiCrO3 composite system (cf. Section 4.5.2).
To achieve a finite magnetoelectric coupling in case of “product properties”, different mechanisms have been developed, relying on (i) the ferroelectric field effect,
which controls the spin state by charge modulation [426–429], or (ii) the elastic
coupling at the interface.2
The charge-mediated magnetoelectric coupling at the interface of multiferroic hybrid structures have been extensively investigated theoretically in recent years. For
example, first principles calculations predict a large surface magnetoelectric coupling in Fe/BaTiO3 (001) [57, 431] and Fe3 O4 /BaTiO3 (001) [432] systems, originating from chemical bonding at the interface. Furthermore, a sizable magnetoelectric
coupling is predicted to arise from spin-dependent screening of the ferroelectric polarization. In this case, a change of the magnetization is caused by the accumulation
of spin-polarized electrons or holes at the interface due to an applied electric field
[433]. Other charge-mediated magnetoelectric coupling mechanisms are predicted
for ferromagnetic layers near the boundary between the ferromagnetic and paramagnetic state [434], as well as the ferromagnetic and antiferromagnetic ground
state [435]. However, in the field of charge-induced magnetoelectric effects, only
the magnetoelectric coupling using ferroelectric field effects has been experimentally
verified up to now [427, 436–441], exploiting the charge sensitivity of the magnetic
state in complex oxides [437]. Recently, a large magnetoelectric response of about
∆M/∆E ≈ 6 × 10−4 A/V has been reported in Pb(Zr0.2 Ti0.8 )O3 /La0.8 Sr0.2 MnO3 ,
i.e., in ferroelectric/ferromagnetic hybrid structures [427]. Using x-ray absorption
near edge spectroscopy, it was shown that this magnetoelectric coupling is purely
electronic in origin [428]. However, since the ferroelectric layer (Pb(Zr0.2 Ti0.8 )O3 in
this case) is also piezoelectric, a superposition of charge and strain-mediated magnetoelectric coupling is, in principle, expected [438].
The strain-mediated coupling has been exploited early on to realize large magnetoelectric effects in composite material systems [424]. In this case, the electric
and magnetic degrees of freedom are elastically coupled at the interface between
the piezomagnetic (or magnetostrictive) and piezoelectric constituents. The strainmediated magnetoelectric (ME) effect is therefore a product tensor property and
can be described phenomenologically by [442]
Direct ME effect =
2

Mechanical
Magnetic
×
Mechanical
Electric

Note that a compositional ordering that breaks inversion symmetry, such as three different
materials (A, B, and C) in an A-B-C-A-B-C-... arrangement, is not sufficient to produce
a significant switchable polarization and therefore seems not to be an alternative route to
composite multiferroics [430].
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Figure 6.1: Schematic illustration of the product property of strain-mediated
magnetoelectric composite systems consisting of 2-2-type horizontal magnetostrictive/piezoelectric hybrid structures [443]. The magnetostrictive layer is marked in
red and the piezoelectric layer in gray. (a) Direct magnetoelectric effect: an in-plane
magnetic field H induces strain in the magnetostrictive layer due to the magnetostrictive effect. Since the piezoelectric layer is bonded on the magnetostrictive layer, the
resulting stress σij in the piezoelectric layer induces a finite polarization ∆P through
the piezoelectric effect. Thus in the composite, an in-plane magnetic field H leads to
a finite electric polarization ∆P . (b) Converse magnetoelectric effect: An electric field
E applied out of plane to the sample causes a finite strain in the piezoelectric layer due
to the converse piezoelectric effect, which is mechanically transferred to the magnetostrictive layer, inducing a change of the magnetization ∆M due to the inverse effect
of magnetostriction. Therefore, the converse magnetoelectric effect is double indirect,
causing a change of the magnetization ∆M due to an electric field E in the composite.

Converse ME effect =

Mechanical
Electric
×
,
Mechanical
Magnetic

(6.1)

as is schematically shown in Fig. 6.1. In the corresponding composites, the magnetoelectric coupling relies on strain to induce crystal deformations on either the magnetic phase through the converse piezoelectric effect, or in the piezoelectric phase
through magnetostriction. The effect is doubly indirect, since a first conversion occurs in translating the applied field to strain, and a second in converting stress to a
polarization, i.e., the coupling is the product of two distinct interactions [424].
The direct and converse magnetoelectric effect has been realized in the form of
particulate composites [444], laminated composites [445], nanostructured composites [446], and epitaxial multilayers [447]. Since the interface mediates the elastic
coupling, it is common to classify the different forms of strain-mediated magnetoelectric composites using the notation 0-3, 1-3, 2-2, etc., where the numbers denote
the connectivity of each phase [122]. The connectivity is defined as the number of
dimensions through which the material is continuous. While 0-3 and 1-3 composites are based on either magnetic nanoparticles (0 D) or magnetic pillars (1 D)
embedded in ferroelectric materials (3 D) [446, 448], alternating piezoelectric and
magnetostrictive layers in horizontal structures are denoted as 2-2 type composites
(see Fig. 6.1) [449].
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Figure 6.2: Variable schemes for the realization of 2-2-type horizontal strain-mediated
structures investigated during this thesis: (a) A ferromagnetic thin film/piezoelectric
actuator hybrid is realized by either depositing or cementing of ferromagnetic thin films
onto piezoelectric Pb(Zrx Ti1−x )O3 -based actuators. (b) Ferromagnetic/ferroelectric
structures fabricated by depositing ferromagnetic thin films onto ferroelectric layers.
The ferroelectric layer can be a ferroelectric substrate, which results in free-standing
ferromagnetic/ferroelectric hybrid structure (b1), or a ferroelectric thin film, which is
grown on a suitable substrate first (b2). To apply an electric field across the ferromagnetic/ferroelectric structure, a metallic (Au) bottom electrode is deposited on the
backside of the hybrid structure (b1), or the ferromagnetic/ferroelectric heterostructure is patterned into the mesa geometry shown in (b2).

In the scope of this thesis, only 2-2-type horizontal structures were investigated.3
Two different schemes were used for the realization of such 2-2-type horizontal structures. One approach is to fabricate ferromagnetic thin film/piezoelectric actuator
structures by either depositing or cementing ferromagnetic thin films onto piezoelectric Pb(Zrx Ti1−x )O3 -based actuators (Fig. 6.2(a)). This technique allows to fabricate model systems for strain-mediated magnetization control using a large variety
of ferromagnetic materials. Furthermore, the effect of strain on the magnetic properties can be tuned by simply changing the direction of the dominant elongation axis
of the piezoelectric actuator with respect to the ferromagnetic thin film. This is addressed in Fig. 6.2(a) by two different coordinate systems. The reader is referred to
Refs. [451–454] and the doctoral thesis of Andreas Brandlmaier [24] for more details
on this approach. Obviously, the transfer of the concept shown in Fig. 6.2(a) to thin
film heterostructures is desirable. As a first step, this can be realized by growing
ferromagnetic thin films directly onto ferroelectric substrates (Fig. 6.2 (b1)) to create
a free-standing ferromagnet/ferroelectric bilayer. However, for applications based on
magnetoelectric composites, thin film heterostructures consisting of ferromagnetic
and ferroelectric layers fabricated on adequate substrates are essential (Fig. 6.2 (b2)).
The two main advantages of the approaches shown in Fig. 6.2(b) are a better control
over the crystal structure and an almost perfect mechanical coupling between the
magnetostrictive and the ferroelectric layer [424].
The expected magnetoelectric effects of free-standing ferromagnetic/ferroelectric
3

More details on the different forms of strain-mediated magnetoelectric composites can be found
in recent review articles [105, 425, 443, 450] and references therein.
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hybrid structures (cf. Fig. 6.2(b1)) as well as horizontal ferromagnetic/ferroelectric
heterostructures (cf. Fig. 6.2(b2)) are discussed in the following. Since the control of the magnetization by a local electric field is a major challenge in todays
magnetic memory cells as described in the introduction (see Chapter 1), we will restrict our consideration to the discussion of the converse magnetoelectric effect (see
(me)
Fig. 6.1(b)). Furthermore, as the converse magnetoelectric effect χij in compo(me)
sites arises from the coupling of magnetostrictive and piezoelectric materials, χij
is highly frequency dependent [450]. Within this thesis, we focus on magnetoelectric
effects at low-frequencies, i.e., in the DC limit, where no resonance phenomena (e.g.
electromechanical or magnetoacoustic resonances) are expected. A quantitative understanding of DC coupling effects are a mandatory requirement for future studies
of high-frequency magnetoelectric coupling.

6.2 Converse magnetoelectric coupling in
multiferroic composite structures
Modeling of magnetoelectric effects in composite material systems has been extensively investigated since 1991 by Harshe as well as Bichurin and coworkers ([455]
and references therein). Their calculations are based on solving combined elastostatic, electrostatic and magnetostatic equations to obtain an effective magnetoelectric coupling constant [456]. Within this theoretical model, the boundary conditions
between the constituents of the composite seems to be crucial [457]. However, since
these calculations yield magnetoelectric constants, which are proportional to the
piezomagnetic coefficient, this is not applicable in our 2-2 type horizontal structures
consisting of ferromagnetic materials as magnetostrictive layer. In magnetostrictive
ferromagnetic materials exhibiting a homogeneous magnetization throughout the
sample, a piezomagnetic effect is not expected. Therefore, we follow a different approach and examine the control of the magnetization M as a function of the applied
electric field E on the basis of a phenomenological thermodynamic model.

6.2.1 Thermodynamic model of multiferroic composites
Since multiferroic composite structures consist of magnetostrictive and ferroelectric
layers, the Gibbs free energy densities g̃ of both constituents have to be considered.
The total Gibbs free energy density g̃ (c) of 2-2-type horizontal composites can then
be found by adding the correctly weighted energy densities of the magnetostrictive
g̃ (m) and piezoelectric g̃ (e) layer:
g̃ (c) =



1
1
(m) (m)
(e) (e)
(m) (m)
(e) (e)
v
g̃
+
v
g̃
=
d
g̃
+
d
g̃
,
v (m) + v (e)
d(m) + d(e)

(6.2)

where v (m) (d(m) ) and v (e) (d(e) ) denote the volume (thickness) of the magnetostrictive
and piezoelectric layer. Here, we have assumed that the areas of both layers are
identical.
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Magnetostrictive layer
Assuming that the magnetostrictive layer is a ferromagnetic thin film, the magnetic
response of the ferromagnetic material on external magnetic fields Hi and mechani(m)
cal stresses σij can be calculated phenomenologically using the Gibbs free energy
(m)
(m)
(m) (m)
density g (m) (p, Hi , σij ; T ) = u(m) (Mi , ij ) − T s + p − σij ij − µ0 Mi Hi , where s
(u) denotes the entropy (internal energy) per unit volume, T the temperature, p the
(m)
pressure and ij the elastic strain tensor.
For strain-mediated composites with no external stresses σij applied to the composite, the Gibbs free energy density g (m) does not describe the equilibrium thermodynamic state, because of the rigid interaction of the magnetostrictive thin film with
the piezoelectric constituent (cf. Figs. 6.2 (b1) and (b2)) [458]. Assuming a perfect clamping of both layers and a single-crystalline single-domain magnetostrictive
(m)
thin film, the homogeneous in-plane strains of the magnetostrictive thin film 11 ,
(m)
(m)
22 , and 12 are fixed due to the rigid mechanical coupling of both layers, inducing
(m)
(m)
(m)
homogeneous stresses (σ11 , σ22 , σ12 ) in the magnetostrictive thin film [459]. In
(m)
(m)
(m)
contrast, the stress components σ33 , σ23 , and σ31 must be zero, because there
are no mechanical forces acting on the free surface of the magnetostrictive layer.
(m)
Since the Gibbs free energy density is only defined for fixed external stresses σij
as independent variables, g (m) has to be modified by the Legendre transformation
(m)
(m)
(m) (m)
g̃ (m) (p, Hi , ij ; T ) = g (m) (p, Hi , σij ; T ) + σij ij [458]. g̃ m is therefore a function
(m)
of the natural variables T , p, Hi , and ij and reaches a minimum in the equilibrium thermodynamic state of the system at constant temperature T , pressure p and
(m)
magnetic field Hi as well as constant strain ij .
(m)

To determine g̃ (m) , first the magnetic energy density u(m) (Mi , ij ) of a ferromagnetic thin film is calculated [380]. We restrict ourselves to situations where the
magnetization M = Ms ·m is well defined and the unit vector m of the magnetization
direction is uniform throughout the sample. This is fulfilled for temperatures well
below the Curie temperature in the absence of any magnetic domains. The direction
of the magnetization M can then be expressed by the components of the unit vector
m, i.e., by the direction cosines mi (i = 1, 2, 3) of the Cartesian axes4 as well as the
saturation magnetization Ms . Since the converse magnetoelectric interaction is based
on the coupling of M and the strain tensor ij in ferromagnetic/piezoelectric composites, the magnetic energy density u(m) must contain magnetoelastic terms. To take
(m)
into account the magnetoelastic coupling, the magnetic energy density u(m) (mi , ij )
(m)
can be expanded in powers of mi and ij for small and homogeneous deformations
[98, 460]:5

4

The direction cosines fulfill the normalization m21 + m22 + m23 = 1.
(m)
5
The exchange interaction is isotropic and is included in u0 .
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= kij mi mj + kijkl mi mj mk ml + kijklmn mi mj mk ml mm mn + ...
(m) (m) (m)

+ cijkl ij kl + ...
(m)

+ Bijkl ij mk ml + ... .

(6.3)

Equation (6.3) contains the lowest-order terms of three contributions. The first line
describes the magnetic anisotropy depending only on the direction of the magneti(m)
zation mi : uani = kij mi mj + kijkl mi mj mk ml + kijklmn mi mj mk ml mm mn + ..., where
the expansion tensors are denoted as kij , kijkl , kijklmn . Since ferromagnetic crystals
are not symmetrical with respect to time-inversion, all terms of odd rank in mi are
(m)
(m) (m) (m)
zero [98]. The pure elastic energy uel = cijkl ij kl + ... depicted in the second line
(m)

(m)

is only a function of the strain tensor ij . The dependence of the elastic tensor cijkl
on the magnetization direction mi known as the morphic effect [461], which is of the
order of 1% in Ni [462], is neglected in the following. Therefore, the components
(m)
of the stiffness tensors cijkl are regarded as material constants. Assuming an unde(m)

(m)

formed state with ij = 0, the internal stresses are zero also, i.e., σij =
(m)

∂uel

(m)
∂ij

= 0.

(m)

Therefore, there is no linear term in the expansion of uel (ij ) [463]. The third con(m)
tribution of the expansion depends on the strain components ij and the direction
of the magnetization mi and therefore represents the interaction between the elastic
and magnetic anisotropy energies. This term can be identified by the first-order
(m)
(m)
magnetoelastic energy density umagel = Bijkl ij mk ml + ... with the magnetoelastic
coupling tensor Bijkl . The magnetoelastic energy density can significantly alter the
magnetization direction and is therefore often regarded as another form of magnetic
anisotropy. Note that the linear coupling between the magnetization and the me(m)
chanical strain in the magnetoelastic energy umagel is missing. This term describes
piezomagnetic effects, which are not expected in ferromagnetic materials exhibiting
a homogeneous magnetization. However, a “pseudo” piezomagnetic effect may be
observed in ferromagnetic materials in a narrow external magnetic field range below
the saturation field (see Section 9.2.1) [464].
(m)

Since the internal energy density u(m) (mi , ij ) is a scalar and therefore independent of the choice of axes, each term has to satisfy the requirements of the crystal
symmetry [465]. All ferromagnetic thin films discussed in this part of the thesis exhibit a pseudo-cubic crystal structure, so that it is convenient to transform Eq. (6.3)
into [322, 380, 466]6

6


The addition theorem m41 + m42 + m43 = 1 − 2 m21 m22 + m22 m23 + m23 m21 was used to further
simplify the magnetic anisotropy contribution.
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1
(m)
u(m,cubic) (mi , ηi ) − u0 = − Kc m41 + m42 + m43 + ...
2
1 (m) h (m)  2  (m)  2  (m)  2 i
+ c11
η1
+ η2
+ η3
2 

(m)
(m) (m)
(m) (m)
(m) (m)
+ c12 η1 η2 + η2 η3 + η1 η3
1 (m) h (m)  2  (m)  2  (m)  2 i
η4
+ c44
+ η5
+ η6
+ ...
2 





1
1
(m)
(m)
(m)
2
2
+ η2
m2 −
+ η3
m23 −
+ B1 η1
m1 −
3
3


(m)
(m)
(m)
+ B2 η4 m2 m3 + η5 m1 m3 + η6 m1 m2 + ... ,

1
3



(6.4)

neglecting higher order terms.7 The matrix or Voigt notation [112] is exploited in
(m)
(m)
Eq. (6.4) to reduce the number of independent components in ij and cijkl . For
more clarity, a new symbol for the strain components ηk with k = 1, ..., 6 is used
throughout this thesis while applying the matrix notation (η1 = 11 , η2 = 22 ,
η3 = 33 , 21 η4 = 23 , 21 η5 = 13 , 12 η6 = 12 ).8
As in the cubic symmetry, the three axes are indistinguishable [98], the first term
(m)
in uani (mi ) results in kij mi mj = k11 (m21 + m22 + m23 ) = k11 . Therefore, the first
non-zero term, which is a function of mi is of fourth order, with the first order cubic
anisotropy constant Kc = 6k1122 . However, the lowest order of the magnetoelastic
(m)
contribution umagel obviously contains terms quadratic in mi . Since the symmetry
(m)

is in general lowered under strain, umagel may contain anisotropy terms that are
(m)

forbidden in the unstrained state. In umagel , the magnetoelastic coupling constants
Bi are linear combinations of Bijkl tensor components (B0 = 23 B1122 − 31 B1111 , B1 =
B1111 − B1122 and B2 = 2B2323 ) [98]. For bulk magnetostrictive samples, Bi can be
expressed as a function of the magnetostriction constants λ100 and λ111 by minimizing
the sum of the magnetoelastic and elastic energies [459]:
λbulk
100 = −

2
B1
1 B2
, λbulk
,
111 = −
m
m
3 (c11 − c12 )
3 cm
44

(6.5)
(m)

with the three independent components of the stiffness matrix cij . For a sample
magnetized in the [100] ([111]) direction, the strain due to magnetoelastic effects
bulk
is defined as λbulk
100 (λ111 ), starting from an ideal demagnetized state. The ideal
demagnetized state can be defined as [466]
B0
.
λ0 = −3 
(m)
(m)
c11 − c12

(6.6)



(m)
(m)
(m)
= B0 ∂V /V , which describes volume magnetoelastic effects, is
The term B0 η1 + η2 + η3
neglected, since it is only significant near the Curie temperature of the ferromagnetic material
[466].
8
The standard notation is used for the stress and strain tensor components [112]. Furthermore,
the calculation is based on a standard Cartesian coordinate system.
7
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For polycrystalline ferromagnetic bulk materials, the magnetostrictive strain is isobulk
bulk
tropic (λbulk
) and can be expressed as [467]
100 = λ111 = λ̄
bulk
λ̄bulk = aλbulk
100 + (1 − a)λ111 ,

(6.7)

with the Akulov relation a = 2/5 [468]. Furthermore, the c44 component of the
stiffness matrix cij of isotropic materials is given by 12 (c11 − c12 ) [112]. Thus, as
expected, the magnetoelastic coupling constants are equal (B1 = B2 ). However, this
is only justified for untextured polycrystals and for amorphous alloys [380].
In bulk samples, the quantities Bi and λij are often used synonymously. In case
of ferromagnetic thin films, the equivalence between Bi and λij is not given due
to the elastic constraints caused by the rigid substrate. Therefore, the concept of
magnetostriction should be avoided. Instead, the magnetoelastic coupling Bi should
be used [459]. In general, Bifilm deviates from the bulk value Bibulk in ferromagnetic
thin films due to surface effects and the influence of strain on the magnetoelastic
coupling coefficients [459]. In the past, the difference between Bifilm and Bibulk was
discussed in view of surface effects and thickness dependent magnetoelastic coupling
coefficients Bifilm were proposed [469]. Within this theory Bifilm reaches the bulk
value with increasing film thickness. However, measurements on ferromagnetic thin
films with the same thickness but exposed to different stress states reveal different
magnetoelastic coupling coefficients [470]. Therefore, the deviation of Bifilm from the
respective bulk value might be due to strain dependence of Bi rather than surface
effects [471].
  The strain dependence of Bi can be phenomenologically described
(m)
(m)
= B0,i + Di k with the average in-plane strain k [471]. Bieff is
by Bieff m
k
therefore a combination of first and second order magnetoelastic coupling coefficients
[471, 472]. Since the values for B0,i and Di have been determined only for a few
ferromagnetic materials, bulk Bibulk values were used throughout this thesis. To
account for the difference in Bifilm and Bibulk , a correction factor k λ was included in
the following calculations.
Since Eq. (6.4) is only valid for an infinitely extended sheet with M aligned in
the plane [380], an additional term must be added to the magnetic internal energy
(m)
density u(m) (mi , ij ) accounting for the shape anisotropy in ferromagnetic thin films
with finite dimensions. Since ∇ · B = 0 requires ∇ · H = −∇ · M, the magnetic field
diverges at the surface of a ferromagnetic material and produces demagnetization
fields originating from magnetic dipolar interactions [473]. The energy associated
(m)
with the demagnetization field can be expressed as udemag = 12 µ0 Ms2 mi Nij mj , where
Nij denotes the demagnetization tensor. For ferromagnetic thin films extended parallel to the (001) plane, for example, only N33 = 1 is different from zero and the
(m)
demagnetization energy udemag in the limit of thin films with thickness of around
100 nm results in [474]
1
(m)
udemag (m3 ) = µ0 Ms2 m23
2
(m)

(6.8)

Neglecting any other energy contributions, udemag forces the magnetization into the
film plane.
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Using Eqs. (6.4) and (6.8), the modified Gibbs free energy density of the magnetic
(m)
layer g̃ (m) (p, Hi , ij ; T ) can be calculated on the basis of the internal energy density
(m)
u(m) (mi , ij ). At constant temperature T and pressure p, as well as elastic strain
(m)
(m)
ij , the magnetization Mi of the ferromagnetic layer can then be derived from
(m)

Mi

=−

1 ∂g̃ (m)
µ0 ∂Hi

.

(6.9)

(m)

T,p,ij

Piezoelectric layer
As discussed in Fig. 6.2, ferroelectric materials, which are piezoelectric by nature,
are used for the piezoelectric layer in multiferroic composite structures. Therefore,
in analogy to Eq. (6.3), the modified Gibbs free energy density of the ferroelectric
(e)
(e)
(e) (e)
layer g̃ (e) can be described by g̃ (e) (p, Ei , ij ; T ) = u(e) (Pi , ij ) − T s + p − Ei Di .
(e)
The internal energy density u(e) (Pi , ij ) is thereby a function of the polarization Pi
(e)
(e)
and the elastic strain ij and can be expanded into powers of Pi and ij near the
ferroelectric phase transition [475]:
(e)

(e)

u(e) (Pi , ij ) − u0 = aij Pi Pj + aijkl Pi Pj Pk Pl + aijklmn Pi Pj Pk Pl Pm Pn + ...
(e)

(e) (e)

+ cijkl ij kl + ...
(e)

(e)

+ dijk ij Pk + Qijkl ij Pk Pl + ... .

(6.10)

Surface and depolarization energy contributions are neglected, since the piezoelectric
layer is considered under closed circuit conditions. The first term in Eq. (6.10) can
be identified by a Landau-Ginzburg-Devonshire type expansion with coefficients aij ,
aijkl , and aijklmn . Since most ferroelectric materials undergo a first-order transition,
the expansion in powers of the electric polarization Pi must have terms at least up
to the sixth order of Pi [260]. The phenomenological Landau-Ginzburg-Devonshire
models are widely used to study ferroelectric phase transitions and domain pattern
formation. In addition to the expansion in powers of Pi , gradient terms, which
account for inhomogeneous structures such as domains or interfaces, are normally
(e)
added to u(e) (Pi , ij ). However, this is not considered here. The elastic energy of the
(e)
(e) (e) (e)
(e)
(e)
piezoelectric layer can be expressed as uel = cijkl ij kl +dijk ij Pk +Qijkl ij Pk Pl +...,
(e)

where cijkl , dijk , and Qijkl represent the elastic stiffness tensor of the ferroelectric
layer, the piezoelectric tensor, and the electrostrictive tensor. The presence of symmetry in the crystal reduces the number of independent components in these tensors.
(e)
The internal energy density u(e) (Pi , ij ) for a specific symmetry of the ferroelectric
layer can be derived by using the correct from of the Landau-Ginzburg-Devonshire
(e)
type model [476] as well as the cij , dij , Qijk matrices [112].
With the Gibbs free energy densities of the magnetostrictive thin film g̃ (m) and the
ferroelectric layer g̃ (e) , the composite system is well described. This is the starting
point to calculate converse magnetoelectric effects in strain-mediated multiferroic
composites.
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6.2.2 Strain-mediated manipulation of the magnetization in
multiferroic composite systems
Considering the multiferroic composite as a homogeneous system, the linear magne(me)
(em)
toelectric susceptibilities χij and χij (cf.Section 3.1) can be treated as symmet(me)
(me)
(em)
(c)
(a)
ric tensors χij = χji = χji = αij , since no antisymmetric contribution αij ,
which is related to the presence of a toroidal moment T, is expected. Therefore, the
(c)
converse linear magnetoelectric coupling αij can be expressed as (cf. Eq. (3.9))
(c)

(c)

(c)
αij

= µ0 c

∂Mi

(c)

∂Ej

= µ0 c

∆Mi

(c)

,

(6.11)

∆Ej

where all physical quantities are related to the composite structure. Because the
multiferroic composite consists of a ferromagnetic thin film on top of a ferroelectric
(c)
(m)
layer (cf. Fig. 6.2), the magnetization of the composite Mi = v (m) /(v (e) +v (m) )Mi
(m)
is identical to the magnetization of the ferromagnetic layer Mi , which can be derived by using Eq. (6.9), scaled by the volume fraction v (m) /(v (e) + v (m) ). v (m) and
v (e) denote the volume of the ferromagnetic thin film and the ferroelectric layer, respectively. Since we further presume that the ferromagnetic thin film is a conductor
and therefore acts as a top electrode, the electric field of the composite structure
(e)
(c)
Ej is the same as the electric field across the ferroelectric layer Ej . Following the
(c)
arguments above, the converse linear magnetoelectric effect αij in strain-mediated
composite hybrids scales with the volume fraction of the magnetic and ferroelectric
constituents v (m) /(v (e) + v (m) ), which is equal to the thickness ratio d(m) /(d(e) + d(m) )
in 2-2-type horizontal composites:
(m)

(m)

(c)

d(m)
d(m)
d(m)
∆Mi
∆Mi ∆mn
(c)
= (e)
=
.
α̃
=
µ
c
µ0 c
0
ij
(e)
(c)
(e)
(m)
(e)
(m)
(e)
(m)
d +d
d +d
d +d
∆Ej
∆mn ∆Ej
(6.12)
In numerous publications, giant sharp and persistent converse magnetoelectric effects were reported, neglecting the thickness of the ferroelectric substrate (d(e) → 0)
(eg. [20, 477, 478]). This is obviously incorrect, since the definition of the linear mag(c)
netoelectric tensor αij is only valid in homogeneous systems. For d(m) /d(e) = 10−3 ,
(c)
the reported pseudo magnetoelectric effect α̃ij is around three orders of magnitudes
larger than in reality. For example, a giant pseudo-converse magnetoelectric effect
(c)
of up to 1c α̃13 ≈ 2.3 × 10−7 s/m was observed in La0.67 Sr0.33 MnO3 /BaTiO3 hybrid
structures [20]. Taking into account the scaling factor d(m) /(d(e) + d(m) ), this giant
pseudo-converse magnetoelectric effect transforms into a large converse magneto(c)
electric effect of around 1c α13 ≈ 10−10 s/m, which is comparable to magnetoelectric
effects at low temperatures of intrinsic magnetoelectric materials such as TbMn2 O5
[479], TbMnO3 [26], and Ni3 B7 O13 I3 [480].
(c)
In Eq. (6.12), the strain tensor of the composite mn reflects the origin of the
converse magnetoelectric effect in strain-mediated composite materials. If the ferromagnetic thin film is perfectly clamped to the ferroelectric layer, the in-plane strain
(c)
αij
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of the ferromagnetic thin film and the ferroelectric layer are equal. Since the physical
properties of the ferromagnetic and ferroelectric layer are defined within the crystal
axes of each system, the in-plane strain components of the ferromagnetic thin film
(m)
mn (mn = 11, 22, 12) are derived from the transformation of the ferroelectric strain
(e)
(m)
(e)
tensor op into the crystal axes of the ferromagnetic system: mn = amo anp op for
mn = 11, 22, 12, where amo are the cosine of the angle between the crystal axes
of the ferromagnetic and the ferroelectric system [112]. We assume, without loss of
generality, that the coordinate system of the composite is the same as for the ferromagnetic thin film. Furthermore, neglecting any variations of the magnetization
(c)
with respect to the out-of-plane components of mn (mn = 33, 13, 23), the in-plane
(c)
(m)
(e)
components of mn are equal to mn = amo anp op (mn = 11, 22, 12). Using the
(c)
(m)
(e)
matrix notation, this yields ηk = ηk = Tkk0 ηk0 for k = 1, 2, 6 with the trans(c)
formation matrix Tkk0 . Since only the in-plane components of ηk are relevant for
(c)
the calculation, a new strain matrix η is defined as η1,2,3 = η1,2,6 . In this sense, the
converse linear magnetoelectric effect can be expressed as
(e)

(m)

(c)

αij = µ0 c

∆ηk0
∆Mi
d(m)
,
T
0
k̃k
(e)
d(e) + d(m) ∆ηek
∆Ej

(6.13)

where k̃ runs from 1 to 3 and Tk̃k0 is a 3×6 transformation matrix accounting for the
difference in the coordinate systems of the magnetic thin film and the ferroelectric
layer.
Equation (6.13) reveals that the converse magnetoelectric effect in multiferroic hybrid structures is based on the strain coupling between the magnetostrictive and the
piezoelectric constituents, which leads to a finite manipulation of the magnetization
(e)
(m)
Mi = Mi by an electric field Ej = Ej . To calculate the converse linear magnetoelectric effect in composites, the change of the magnetization ∆Mi caused by a
variation of the strain state ∆ηek is evaluated first. ∆Mi /∆ηek can be expressed in the
(i)
(f)
low frequency limit as the difference of the final mi and initial mi magnetization
(f)
(i)
direction calculated at constant in-plane strains ηk̃ and ηk̃ of the ferromagnetic
layer using the modified Gibbs free energy density g̃ (m) (cf. Section 6.2.1):
(f)

∆Mi
= Ms
∆ηk̃

mi

(i)

(f)
η =const
k̃

(f)

− mi

(i)

ηk̃ − ηk̃

(i)
=const
k̃

η

.

(6.14)

Up to now, the saturation magnetization Ms was assumed to be independent of
ηk̃ . However, Ms can vary, for example, as a consequence of the strain-dependent
magnetic Curie temperature [481], which is a result of the high sensitivity of the
transfer integral t on external pressure of double-exchange ferromagnets [312, 482].
This results in large changes of the magnetization as a function of the applied electric field in ferromagnetic/piezoelectric hybrid structures at temperatures near the
magnetic transition temperature [20, 481]. Furthermore, an enhancement of the
crystal field splitting by external stress can induce a spin-state transition from a
magnetic intermediate-spin to a nonmagnetic low-spin state in (La, Sr)CoO3 [483].
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Both examples reveal that not only magnetic anisotropy effects can lead to a finite
converse magnetoelectric effect due to the change of the orientation of the magnetization (see Eq. (6.14)), but also modification of the exchange interaction caused
by strain effects can alter the magnetization. Therefore, M must be expressed as
M(Ms , m) = Ms (ηk̃ ) · m(ηk̃ ) and Eq. (6.14) should be extended to
(f)

∆Mi
= Ms
∆ηk̃

(i)

mi

(f)
η =const
k̃

(f)
ηk̃

− mi
−

(i)
=const
k̃

η

(i)
ηk̃

+ mi ·

∆Ms
.
∆ηk̃

(6.15)

The driving force of the manipulation of the magnetization by an electric field
in composite hybrid structures is the electric field dependence of the strains ηek
(cf. Eq. (6.13)). As discussed above, ηek consists of the in-plane strain components
(m)
of the ferromagnetic thin film ηk (k = 1, 2, 6), which are a function of the strain
(e)
(e)
matrix of the ferroelectric layer ηk0 . The electric field dependence of ηk0 is known
as the converse piezoelectric effect, which can be divided into two parts. One part
arises from switching or movement of ferroelastic domains in a multi-domain state
as well as from polarization reorientation and the other from the linear dependence
of the strain tensor on the electric field [484]. The latter leads to converse linear
piezoelectric effects expressed as9
(e)

with k 0 = 1 − 6, j = 1 − 3 ,

ηk0 (E) = djk0 Ej

(6.16)

where djk0 is the piezoelectric moduli of the ferroelectric layer [112]. Therefore,
piezoelectric or ferroelectric materials with large piezoelectric responses are preferable for the fabrication of composite structures. A second method to impose large
strains into the ferromagnetic material arises from ferroelastic domain switching in
multi-domain states of the ferroelectric material. As an example, BaTiO3 displays
large piezoelectric strains of around 1% at room temperature, due to the coupled
ferroelectric and ferroelastic phases [260]. To account for both piezoelectric effects,
(e,domain)
the electric field dependence of the strain state of the ferroelectric substrate mn
can be expressed as
(e,domain)

(e)

∆ηk0 (E)
∆ηk0
= djk0 +
∆Ej
∆Ej

.

(6.17)

(c)

In total, the converse linear magnetoelectric effect αij in composite structures
(m)
(c)
(c)
can be described as αij = d(e)d+d(m) α̃ij , with

(c)
α̃ij


= µ0 c 
Ms

(f)
mi

(f)
=const
k̃

η

(f)

−

(i)
mi
(i)

ηk̃ − ηk̃


η

(i)
=const
k̃

"
#
(e,domain)
∆η
∆Ms 
0
k
 T 0 djk0 +
+ mi ·
.
∆ηk̃  k̃k
∆Ej
(6.18)

9

Higher order effects, such as electrostriction, which results from a quadratic dependence of ij
on Ei , are neglected.
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Eq. (6.18) emphasizes the doubly indirect effect in which a first conversion occurs in
translating the applied electric field to strain ∆Ej → ∆ηk̃ , and a second in converting
strain in a manipulation of the magnetization ∆ηk̃ → 4Mi .
With the knowledge of the converse piezoelectric effect of the ferroelectric layer
p
ηk0 (E) and neglecting the dependence of the saturation magnetization on the in(c)
plane strain components ∆Ms /∆ηk̃ , the main challenge in the calculation of αij is
therefore to compute the magnetization direction mi at constant strain state ηk̃ . This
can be done by exploiting the inverse magnetoelastic effect described in Eq. (6.3),
since M aligns in such a way, that g̃ (m) takes its minimum value. However, g̃ (m)
(m)
is a function of the strain tensor ηk of the ferromagnetic layer. Therefore, the
(m)
(e)
calculation of ηk as a function of ηk0 is the remaining step.

6.2.3 Thin film strain tensor
In 2-2-type horizontal hybrid structures exhibiting a strain-mediated magnetoelectric effect, two or more submaterials are coupled to each other. Assuming a perfect
elastic coupling without defects, this clamping produces a well-defined strain in the
plane of each submaterial. For the approaches sketched in Fig. 6.2, the in-plane
(m)
(m)
(m)
components η1 , η2 , and η6 of the strain tensor of the overlying thin film are
fixed by the thick substrate or by the piezoelectric actuator, respectively. To deter(m)
mine the whole strain matrix ηk of the thin film, the knowledge of the remaining
(m)
(m)
(m)
components η3 , η4 , and η5 is essential. This situation is the general case of
pseudomorphic or coherent growth of epitaxial thin films (f) on crystalline substrates
(s). Following Marcus and Jona [485, 486], the strain matrix of the thin film ηkf can
be calculated using elastic theory.
Pseudomorphic growth
Assuming a vector in two dimensions with components (x1 , x2 ), which is stretched
to have components (x1 + u1 , x2 + u2 ), the deformation can be described by a linear
transformation Uij xj = xi + ui
, with (i, j = 1, 2). By using the definition of the

strain tensor ij =

1
2

∂ui
∂xj

+

∂uj
∂xj

[112], the strain components ij can be expressed

as a function of the transformation matrix Uij by ij = 21 (Uij + Uji ) − δij in the limit
of the linear transformation (δij denotes the Kronecker symbol). In the general case
of pseudomorphic growth of a thin film described in the coordinate system (xf1 , xf2 )
with the surface vectors (af1 , af2 ) in the equilibrium state on a substrate defined by
(xs1 , xs2 ) and (as1 , as2 ) (see Fig. 6.3(a)), the linear transformation can be written as


U11 U12
U21 U22



af1 af2 cos θf
0 af2 sin θf




=

as1 as2 cos θs
0 as2 sin θs


.

(6.19)

Therefore, the in-plane strain tensor coefficients are simply determined by the mismatch between film and substrate at the growth temperature:
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Figure 6.3: (a) General case of the growth of a material with low symmetry on a substrate. The surfaces of both materials are characterized by the surface vectors (af1 , af2 ),
0
0
which are described in the surface coordinate system (xf1 , xf2 ), and (as1 , as2 ) as well
as the angles θf and θs in the equilibrium state. The pseudomorphic growth of the
material on the substrate requires a rotation of the coordinate system of the thin film
(xf1 , xf2 ) with respect to the coordinate system of the substrate (xs1 , xs2 ) and a deformation of the unit mesh of the films equilibrium phase into the unit mesh of the substrate,
which certainly imposes in-plane strain in the thin film. (b) Deposition of a cubic material with lattice constant af0 on a substrate exhibiting in-plane cubic symmetry with
lattice constant as0 .

ap1
− 1,
am
1


ap1 cos θm
1 f0
1 ap2 cos θp
f0
12 = η6 =
− m
,
m
2
2 am
a1 sin θm
2 sin θ
ap sin θp
0
0
f22 = η2f = m2
− 1.
a2 sin θm
0

0

f11 = η1f =

(6.20)

Due to different thermal expansion coefficients between the thin film and the substrate, additional strains might be created in the thin film during cooling down from
the deposition temperature to room temperature, which are neglected for simplicity. The strain components in Eq. (6.20) are calculated with respect to the surface
0
0
coordinate system defined by (xf1 , xf2 ), which is, in general, not equal to the crystal
0
coordinate system (xf1 , xf2 ). The transformation of the strain components fmn into
the crystal coordinate system can be carried out utilizing the transformation law of
the components of a second-rank tensor [112]:
0

f̃ij = sim sjn fmn ,

(6.21)
0

where sim are the direction cosines between xfi and xfm .
To calculate the total strain tensor fij (i, j = 1, 2, 3), which contains the in-plane
strain components given by Eq. (6.21) and satisfies the vanishing stress condition
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0

f
= 1,
0 = cfijkl fkl for ij = 13, 23, 33, three in-plane unit stresses (h = 1 : σ11
0
0
f
f
h = 2 : σ22 = 1, and h = 3 : σ12 = 1) are considered first. In each case all
other components of the stress tensor are taken to vanish. To compute the elastic
response on the unit stresses, the three unit stress tensors have to be transformed
into the crystal coordinate system of the thin film, since the elastic constants cfijkl
are referred to these axes. In analogy to Eq. (6.21), the stress tensor in the thin film
f0
coordinate system (xf1 , xf2 ) can be derived by σijf = sik sjl σkl
. Using the unit stresses
defined above, the strains fij can be calculated to

f
σij,h
= shi shj = cfijkl fkl,h
f
σij,3

= s1i s2j + s1j s2i =

for h = 1, 2
cfijkl fkl,3

.

(6.22)

To get the total strain tensor, the three strain tensors fij,h are superimposed with
three different weight factors fh , which are determined by putting the weighted sum
of the values f11 , f22 , and f12 equal to the values obtained in Eq. (6.21):
fij

=

3
X

fh fij,h

with fij = f̃ij

for ij = 13, 23, 33 .

(6.23)

h=1

The total strain tensor of the thin film fij in Eq. (6.23), which was calculated with
respect to the thin film crystal coordinate system (xf1 , xf2 ), contains the correct inplane strain components and the desired out-of-plane strains.
Ferromagnetic thin film with cubic symmetry
The simplest example of the method described above is the growth of a thin film with
cubic symmetry and lattice constant af0 on a substrate exhibiting an in-plane cubic
symmetry with lattice constant as0 (see Fig. 6.3(b)). In this case the surface coordi0
0
nate system (xf1 , xf2 ) and the crystal coordinate system (xf1 , xf2 ) of the thin film as
well as the coordinate system of the substrate (xs1 , xs2 ) are identical (see Fig. 6.3(b)).
This situation yields


f,cubic
ij


fip 0
0
f


0
=  0 ip
,
f
c12 f
0 0 −2 cf ip

(6.24)

11

as

with fip = f11 = f22 = a0f − 1.
0
Up to now, only the elastic properties of the overlying thin films have been considered. However, in ferromagnetic thin films, magnetoelastic effects lead to additional
contributions to the strain components. To account for magnetoelastic effects in the
calculation of the strain tensor fij , the stress in Eq. (6.22) should be extended to
f
σij,h
= cfijkl fkl,h + Bijkl mk ml , which yields
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f,cubic,ME
=
ij

fip
0

0
fip

− cBf 2 m1 m3
44

− cBf 2 m2 m3
44

− cBf 2 m1 m3
44
− cBf 2 m2 m3
cf
−2 c12
f ip
11



44

−

B1
cf11

m23
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−

1
3




,

(6.25)

in the cubic symmetry. Equation (6.25) is in agreement with the equilibrium deformation of the thin film calculated by minimizing the sum of the magnetic and elastic
energies with respect to the strain components fij (ij = 13, 23, 33) using Eq. (6.4).
To minimize the computational cost, the magnetoelastic effects are neglected in
the determination of the thin film strain tensor fij in the following. By comparing
Eq. (6.24) and Eq. (6.25) this is only valid for fip  B1 /cf12 and B2 /cf44  1,
which results in fip  λ100 and λ111  1 in the bulk limit. In general, λ100 and
λ111 range from ±10−7 up to ±10−3 in some 4f metals [380]. However, in this
thesis, ferromagnetic 3d metals such as Ni and FeCo as well as spinel-type ferrites
(Fe3 O4 ) and ferromagnetic double perovskite (Sr2 CrReO6 ) are used as ferromagnetic
materials. For all of these materials, the method described above is valid for inplane strains larger than fip > 10−3 . Therefore, the calculation of the total strain
tensor employing the general method of pseudomorphic epitaxial growth neglecting
magnetoelastic effects is only applicable for systems with moderate and large strains,
where pure elastic effects overbalance possible magnetoelastic contributions.
Multiferroic composite structures
In case of multiferroic composite structures, a ferromagnetic thin film is deposited
onto a ferroelectric layer (cf. Fig. 6.2). To account for the converse piezoelectric
effect in the above described method, the lattice parameter of the substrate are a
function of the applied electric field. However, since the converse piezoelectric effect
(e)
op (E) is derived with respect to the coordinate system of the substrate (xs1 , xs2 ), the
resulting strain is treated as an additional contribution to the misfit strain derived
in Eq. (6.21). Furthermore, the calculation of the misfit strain fmn is carried out
at the growth temperature using constant substrate lattice parameters. Therefore,
the in-plane strain components of the ferromagnetic thin film in composite hybrid
structures read
f
(e)
(m)
mn = mn + amo anp op (E) ,

(6.26)

with mn = 11, 22, 12. As mentioned in the previous section, amo are the direction
cosines of xfm with respect to xso . Note that, again, any additional strain resulting
from different thermal expansion coefficients of the substrate and the thin film is
(m)
neglected. Using the in-plane strain components mn , which are denoted as ηek
(k̃ = 1, 2, 3) (cf. Eq. (6.13)) in the previous section, the total strain tensor of the
ferromagnetic thin film can be calculated using the method described above. The
resulting components of the strain tensor are now a function of the applied electric
(e)
field due to the converse piezoelectric effect op (E).

152

Chapter 6

So far, the elastic coupling between the ferromagnetic thin film and the ferroelectric layer is assumed to be ideal. However, in case of imperfect clamping, the
(m)
(e)
in-plane components of the strain tensors ij and ij are not identical. This can be
described by a coupling parameter k c , with k c = 1 for ideal elastic coupling between
both constituents and k c = 0 in the case of vanishing coupling. Therefore, the strain
components ηek are attenuated to k c ηek and Eq. (6.13) transforms into
(e)

(c)
αij

∆Mi
∆ηk0
d(m)
 Tk̃k0
.
= µ0 c (e)
(e)
(m)
c
d + d ∆ k ηek
∆Ej

(6.27)

Additionally, k c must also taken into account in the calculation of the magnetization
changes ∆Mi . By neglecting the strain dependence of the saturation magnetization
∆Ms
= 0, the change of the magnetization of the ferromagnetic thin film ∆Mi is
∆η
k̃

calculated on the basis of the Gibbs free energy density g̃ (m) (cf. Section 6.2.1).
To reduce the number of unknown parameters, the correction factor k λ , which accounts for the difference of magnetostrictive stress in thin films Bifilm and bulk Bibulk
(cf. Section 6.2.1), and the coupling parameter k c are merged together to one factor
k, which is determined experimentally. Therefore, k is included in the calculation
(m)
(m)
modifying the first-order magnetoelastic term umagel,thin film = k · umagel .

6.2.4 Examples of converse magnetoelectric effects in
multiferroic composites
With the knowledge of the strain response of the piezoelectric layer on applied elec(m)
(e)
tric fields ij (E), the strain tensor of the overlying thin film ij can be calculated
using the method described in the previous section. As an example, a polycrystalline
ferromagnetic thin film with a magnetostriction constant of λ̄ = −30 × 10−6 fabricated on top of a tetragonal piezoelectric layer without any misfit strain (fmn = 0)
(m)
(e)
exhibits the following in-plane strain (cf. Eq. (6.26)): mn = mn (E) with mn =
11, 22, 12. Neglecting magnetoelastic effects in the calculation of the out-of-plane
(m)
components of the thin film strain tensor, ij can be expressed in the form of
Eq. (6.24). However, assuming a tetragonal symmetry with space group 4mm of
the piezoelectric layer (such as BaTiO3 at room temperature), the converse lin(e)
(e)
ear piezoelectric effect yields mn (E) = ηk = d31 E3 with mn = 11, 22; k = 1, 2
(e)
(e)
and 12 (E) = 12 η6 = 0. These strain components are display in Fig. 6.4(a) for
d31 = −1 nm/V in the electric field range E > 200 kV/m. In this electric field
(m)
range, the strain tensor of the ferromagnetic thin film ij can be expressed as


d31 E3
0
0


(m)
d31 E3
0
(6.28)
ij =  0
,
f
c12
0
0
−2 cf d31 E3
11

assuming a perfect elastic coupling between the ferromagnetic thin film and the
(m)
piezoelectric layer (k c = 0). ij is therefore a linear function of the applied electric
field and the magnetization direction mi can now be computed by minimizing the
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Figure 6.4: Evolution of in-plane strain components ηk (k = 1, 2, 6) of a virtual substrate exhibiting a (a) tetragonal and (c) trigonal symmetry. (a) In addition to the
converse linear piezoelectric effect for electric fields larger than 200 kV/m, the substrate considered in (a) is ferroelastic and domain switching occurs at a critical field of
200 kV/m. For the calculation of the converse linear effects the following values of the
piezoelectric moduli were used: d31 = −1 nm/V and d36 = −0.1 nm/V. (b), (d) Assuming a perfect clamping (k c = 1) of a polycrystalline ferromagnetic material with a
magnetostriction constant of λ̄ = −30 × 10−6 deposited on top of the considered layer
as well as k λ = 1, the variation of the magnetization projection along the external
magnetic field ∆M is calculated by minimizing the modified Gibbs free energy density
g̃ m using an external magnetic field of µ0 H = 10 mT.

modified Gibbs free energy g̃ (m) . As evident from Fig. 6.4(b), no variation of the
magnetization ∆M can be observed for electric fields larger than 200 kV/m. Thus,
(e)
(e)
(e)
(e)
for isotropic in-plane strains (η1 = η2 = η1 = η2 ) and vanishing shear strains
(e)
(m)
(η6 = η6 = 0), the magnetization direction is not affected by the strain state and
the magnetization remains constant. However, the isotropic in-plane strain behavior
can be broken up by using a ferroelastic/ferroelectric layer. In such kind of materials,
the coupled ferroelectric and ferroelastic domains can be reoriented by external
electric fields. For example, assuming a tetragonal ferroelectric substrate with the
longer polar axis oriented in-plane, this axis will align parallel to the external field,
which is applied along the out-of-plane direction, at a critical electric field strength.
Since in most ferroelectrics, the ferroelectric and ferroelastic properties are coupled,
the reorientation of the polar axis is accompanied by changes of the strain state. This
is exemplary shown in Fig. 6.4(a). At low electric fields (E < 200 kV/m), where the
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polar axis is aligned in-plane, no strain response of the ferroelastic substrate as a
function of the external electric field is expected in the tetragonal 4mm symmetry.
By increasing the external electric field, the electric polarization switches at a critical
field strength (e.g. 200 kV/m) into the out-of-plane direction parallel to the external
(e)
electric field. At this critical field, a jump of the in-plane strain components η1
(e)
and η2 occurs. Figures 6.4(a) and (b) reveal, that this discontinuity results in a
large change of the magnetization (∆M ) of the composite structure. Increasing the
electric field strength further (E > 200 kV/m), the strain response of the single
ferroelastic domain is caused by the converse linear piezoelectric effect as described
above.
As shown in Figs. 6.4(a) and (b), a finite variation of the projection of the mag(m)
(m)
netization along the external magnetic field is only observable for η1 6= η2 in
case of tetragonal ferroelectric materials. However, for piezoelectric materials with
(m)
(m)
lower symmetry, magnetization changes can be obtained even for η1 = η2 . As an
example, for a piezoelectric substrate exhibiting a trigonal symmetry, an evolution
of the in-plane strains as shown in Fig. 6.4(c) is expected. While the in-plane strains
(e)
(e)
(e)
η1 and η2 are equal, the in-plane shear component η6 is finite. Using magnetoelastic theory, the variation of the magnetization can again be calculated. As shown
(m)
(e)
in Fig. 6.4(d), the finite variation of η6 = η6 as a function of the electric field enables a manipulation of the magnetization in hybrid composite materials. However,
by comparing Figs. 6.4(b) and (d), a much larger converse magnetoelectric effect is
expected by domain switching in ferroelastic substrate. Although Fig. 6.4 reveals
that the variation of the magnetization projection ∆M is not linear as a function
of the applied electric field E, an average converse linear magnetoelectric constant
(c)
α13 can be estimated on the basis of Eq. (6.18). In the case of polycrystalline
ferromagnetic thin films deposited on top of a piezoelectric/ferroelectric layer, the
physical properties of both materials are referred to the same coordinate system.
Therefore, the transformation matrix Tk̃k0 yields


1 0 0 0 0 0
Tk̃k0 =  0 1 0 0 0 0  .
(6.29)
0 0 0 0 0 1
Using this tensor, the average converse linear magnetoelectric constant α13 in the
case of ferroelastic domain switching displayed in Figs. 6.4(a) and (b) can be calculated to
d(m)
1 (c)
α13 ≈ (e)
· 3 × 10−7 s/m ,
(6.30)
(m)
c
d +d
while the smaller variation of the magnetization caused by the converse linear piezoelectric effect shown in Fig. 6.4 (d) yields
1 (c)
d(m)
α13 ≈ (e)
· 4 × 10−9 s/m .
(6.31)
c
d + d(m)
The latter converse linear magnetoelectric constant is, of course, a strong function
of the piezoelectric moduli. However, for the calculation shown in Fig. 6.4, piezo-
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electric constants, which are around one order of magnitude larger than for typical
ferroelastic materials (e.g. BaTiO3 ), were used.
Thus, not only piezoelectric materials exhibiting large values of the piezoelectric
moduli dij are interesting for the realization of multiferroic composites, but also fer(e,domain)
roelectrics, where abrupt strain changes ∆ηk
are expected due to ferroelastic
domain reorientations.

Chapter 7
Materials for composite
multiferroics
In composite multiferroics, each constituent can be independently selected and optimized to tailor the desired coupling [8]. In the case of strain-mediated magnetoelectric effects, the piezoelectric layer should feature an efficient transformation of
the applied electric field to elastic strain, while ferromagnetic materials exhibiting
large magnetoelastic coupling should be selected for the magnetostrictive constituent
(cf. Equation (6.18)).
In recent years, relaxor based ferroelectric materials have become increasingly popular as a substrate material for epitaxially grown thin films (cf. Refs. [477, 478, 481]),
since they provide electrically tunable in-plane strains of up to 0.5 % [487]. However,
these substrates have several drawbacks, such as the need of high electric field to
achieve this strain level [481]. Furthermore, the commonly usedmaterials are based
on Pb-containing compounds (e.g. (1 − x) Pb(Mg1/3 Nb2/3 )O3 x [PbTiO3 ] (PMNPt)), which is problematic due to the possible Pb loss at high temperatures during
the epitaxial growth of the overlying magnetostrictive constituent. Alternatively, in
spite of the small converse linear piezoelectric effect, BaTiO3 is still widely used as
the ferroelectric material in composite hybrids (cf. Refs. [20, 424, 447]). Although,
the strain achieved by the converse linear piezoelectric effect in BaTiO3 is around
two orders of magnitude smaller than for PMN-Pt [488], BaTiO3 can provide large
strains up to 1% due to ferroelastic domain switching.
In case of the magnetostrictive layer, different ferromagnetic material systems,
which offer a large variety of magnetostriction constants, were used in this thesis
for multiferroic hybrid structures. On the one hand, crystalline hybrid structures
were fabricated using the well known ferrimagnet Fe3 O4 [380] as well as the double
perovskite ferromagnet Sr2 CrReO6 . The latter exhibits a high Curie temperature
well above room temperature [489], strong magnetoelastic effects [490], and is expected to have a high spin polarization at the Fermi level [491]. On the other hand,
polycrystalline Ni and Fe50 Co50 thin films were implemented in composite hybrid
structures.
In the following, the physical properties of these materials are discussed in the
context of strain-mediated multiferroic hybrid systems.
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7.1 BaTiO3 as the ferroelectric material
BaTiO3 is one of the most widely studied ferroelectric material and was long regarded
as prototypic displacive ferroelectric perovskite.1 Below the Curie temperature Tc of
393 K [493], BaTiO3 undergoes successive transitions to three different ferroelectric
phases as the temperature is lowered [494–496]. Each transition is accompanied by
a change of the crystallographic symmetry and the dielectric properties (Fig. 7.1)
[497].
In the paraelectric state above 393 K, BaTiO3 crystallizes in the ideal centrosymmetric cubic perovskite structure with P m3̄m symmetry. As the temperature is lowered, BaTiO3 becomes ferroelectric and a finite spontaneous polarization Ps , which
is depicted in Fig. 7.1, emerges at 393 K. In this first ferroelectric phase, BaTiO3
has a tetragonal (T) structure (P 4mm symmetry) with polar axes along the original
cubic h100ipc directions. Since there are six equivalent h100ipc axes, the polar axis
can be parallel to any of these axes, which results in ferroelastic and ferroelectric
domain structures. The three ferroelastic domains sketched in Fig. 7.1(c) can be
denoted as: c-domains with the spontaneous electric polarization ±Ps aligned along
[001], a1 -domains with ±Ps k [100], and a2 -domains with ±Ps k [010]. Within the
ferroelectric state, the lattice symmetry is further reduced to orthorhombic (O) with
crystal symmetry Amm2 (below 278 K). It is convenient to treat the orthorhombic
unit cell described by the lattice constants a, b, and c in a pseudo-cubic notation, i.e.,
as a distortion of the parent cubic cell stable above 393 K. This distortion consists in
an elongation of one of the face diagonals of the original cube. Therefore the polar
axes are h110ipc , which corresponds to the c-directions in the orthorhombic notation.
As a result the unit cells shown in Fig. 7.1 are monoclinic with lattice parameters am ,
cm , and αm . The relation between the primitive orthorhombic unit cell (a, b, c) and
the pseudo-monoclinic unit cell (am , cm , αm ) is given by a = am , b = 2cm sin(αm /2),
and c = 2cm cos(αm /2). The monoclinic angle of αm = 90.14◦ − 90.15◦ changes only
slightly in the temperature range between 174.5 K and 281.2 K [496]. Since twelve
equivalent h110ic directions are present in the orthorhombic phase, six ferroelastic
domains can be distinguished (see Fig. 7.1(c)). A third phase transition occurs at
around 183 K accompanied by a symmetry change of BaTiO3 to rhombohedral (R)
(with crystal symmetry R3c). Within this third ferroelectric phase the polar axes
are h111ipc with respect to the pseudo-cubic notation leading to a stretch of the
original cubic cell along one of the body diagonals, which results in an almost temperature independent rhombohedral angle of αr = 89.80◦ − 89.83◦ [496]. As there
are eight equivalent h111ipc axes, four ferroelastic domains exist (see Fig. 4.11 for
comparison).
All three phase transitions are of first order causing an abrupt change of the
dielectric constants, ferroelectric polarization, and the lattice constants accompanied
by a thermal hysteresis (see Fig. 7.1). By employing the Keve-Abrahams notation,
the sequence of the BaTiO3 phase changes can be summarized as follows [260]:
PPP(m3m) → Fc Fc P(4mm) → Fc Fc P(mm2) → Fc Fc P(3m). The first symbol refers
to the dielectric state, the second to the elastic state, and the third to the magnetic
1

A detailed description of BaTiO3 can be found in Refs. [492] and [260].
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Figure 7.1: Phase diagram of BaTiO3 : (a) lattice constants a, b, and c, (b) dielectric
constants εa and εc as well as spontaneous polarization Ps , and (c) possible ferroelastic
domains of BaTiO3 as a function of temperature [496, 497]. The phase transition
temperatures are indicated schematically by gray dashed lines. The orthorhombic
phase (ao , bo , and co ) is displayed in a pseudo-monoclinic setting (a, b, and αm =
90.14◦ −90.15◦ ) (see (a)). The two different branches of the dielectric constant observed
in the rhombohedral phase can be attributed to domain clamping [492] (see (b)). The
measurement of the spontaneous polarization Ps was carried out along the pseudo-cubic
[100] direction [497]. To account
for
√ the different direction of Ps , the experimental
√
results were multiplied by 2 and 3 in the orthorhombic and rhombohedral phase,
respectively. Newer measurements (blue dashed line) on BaTiO3 single crystals with
better qualities reveal a first order transition at the Curie temperature Tc (see (b)).
The different Curie temperatures can be attributed to different Ti concentration in
BaTiO3 [493]. (c) The notation of the possible ferroelastic domains are according to
Ref. [274, 498, 499].
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state of the crystal. BaTiO3 is therefore, paraelectric, paraelastic, and paramagnetic
in the high temperature cubic PPP-phase with a point group of (m3m). However,
the nonmagnetic, ferroelectric, and ferroelastic low temperature phases of BaTiO3
can be denoted by Fc Fc P. The subscript c describes the coupling of the ferroelectric
and ferroelastic order parameter.
Early theories suggested that the phase transitions are classical examples of displacive soft mode type transitions [500]. More recent experiments have reopened the
question of the origin of ferroelectricity in BaTiO3 [501]. While neutron scattering
[502] studies confirm the displacive model, x-ray absorption fine structure experiments (XAFS) [503] and the observation of diffuse x-ray scattering [504] seem to
contradict this theory and point to an order-disorder type 8-site model [505]. In
contrast, nuclear magnetic resonance (NMR) studies observed a coexistence of both
displacive and order-disorder components [506]. The displacive model is based on
the assumption that the soft mode becomes unstable on cooling through Tc as its
frequency goes to zero. As a consequence, the lattice stabilizes with an off-centered
Ti atom. On the other hand, an order-disorder transition is characterized by local
atomic configurations which do not necessarily share the symmetry elements of the
macroscopic crystal. In BaTiO3 , a local rhombohedral distortion with eight equivalent h111i displacements (8-site model) was found in all BaTiO3 phases. In the
rhombohedral phase only one of the eight h111i displacements is occupied. As the
temperature increases, hopping processes average out one of the cubic components
leading to a [110] orthorhombic average periodic structure. In the same way, additional hopping barriers are overcome at the orthorhombic to tetragonal transition
producing a [100] tetragonal structure. At the Curie temperature all sites were occupied and the local displacements average to zero. The difficulties to reveal the
nature of the phase transition of BaTiO3 might also arise from the different time
scales of different experimental methods such as NMR and XAFS [506]. Theoretical
calculations based on “ab initio” effective Hamiltonian numerical simulations suggest
that the long standing problem of the displacive versus the order-disorder character might only be a measurement problem and the instantaneous mechanism of the
phase transition in BaTiO3 corresponds to a mechanism very similar to the 8-site
model [507, 508]. However earlier calculations found the transitions to be intermediate between order-disorder and displacive character [509, 510]. Both calculations
are based on an effective Hamiltonian developed by Zhong, Vanderbilt, Rabe and
Waghmare [509–512].
In this part of the thesis, the ferroelectric as well as ferroelastic properties of
BaTiO3 were calculated using molecular dynamics simulations based on this Hamiltonian [513]. The basic idea of this Hamiltonian is to decrease the number of degrees
of freedom from a 15-dimensional atomic displacement vector to a three dimensional
amplitude vector representing collective motions of the atoms in each unit cell [514].
A reasonable approximation for the study of phase transitions is to consider (i) local
modes u = u (R) that roughly represents the polar displacements of the atoms, and
(ii) homogeneous ηH and inhomogeneous ηI strains, where the inhomogeneous strain
can be expressed as a function of the local acoustic displacement vector w = w (R).
This corresponds to the assumption that only the lower part of the phonon spec-
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trum is relevant for the phase transition. Since BaTiO3 exhibits 5 atoms in the
primitive unit cell, 3 acoustic and 12 optical normal mode coordinates should be
considered. But at low energy, only the lowest optical modes (soft modes) and longwavelength acoustic phonons significantly contribute to the phonon density of states
[260]. Following Zhong et al. [510] and Takeshi et al. [514], the effective Hamiltonian
can be written as a function of u and the inhomogeneous and homogeneous strain
η = ηH + ηI :
Heff ({u} , η) = V self ({u}) + V dpl ({u}) + V short ({u}) + V elastic (ηH , ηI )
X
+ V coup ({u}, η) − Z ∗
E · u (R) .

(7.1)

R

Heff ({u} , η) consists of a self energy V self ({u}), a long range dipole-dipole interaction V dpl ({u}), a short range interaction between soft modes V short ({u}), an
elastic energy V elastic (ηH , ηI ), an interaction between the local modes and the local
strains V coup ({u}, η), and finally an electric field E is taken
Pinto account through
its vector product with each dipole moment V E (u) = Z ∗ R E · u (R) with the
Born effective charge Z ∗ associated with the soft mode. Z ∗ can be obtained as
∗
∗
+ ξO1 ZO∗ + ξO2 ZO∗ + ξO3 ZO∗ from the eigenvector of the soft
+ ξTi ZTi
Z ∗ = ξBa ZBa
mode, once the Born effective charges for the ions are known [509]. Note that the
braces {} denote a set of u in a simulation supercell. Furthermore the homogeneous
strain components ηH,I are expressed in matrix notation (e.g. ηH,1 = 11 , ηH,4 = 223 ).
The local mode self energy V self ({u}) is the summation of the energy of an isolated
local mode E(ui ) at the position Ri :
V self ({u}) =

X
i

E(ui ) =

X

κ2 u2i + αu4i + γ u2ix u2iy + u2iy u2iz + u2iz u2ix



,

(7.2)

i

where ui is the absolute value of |ui |: ui = |ui | and κ2 , α, and γ are expansion coefficients. V self ({u}) contains anharmonic as well as harmonic contributions. Since the
reference structure is cubic, only even-order terms can contribute [510]. Higher-order
terms in V self ({u}) do not significantly improve the description of the double-well
potentials associated with the ferroelectric instabilities and are therefore neglected
[515].
In the long range interaction between local modes V dpl ({u}), only dipole-dipole
interactions are considered, since higher order terms tend to be of short range, which
is included in the short range contribution V short ({u}). V dpl ({u}) can be expressed
as



Z ∗2 X ui · uj − 3 R̂ij · ui R̂ij · uj
.
(7.3)
V dpl ({u}) =
ε∞ i<j
|Rij |3
Here, ε∞ denotes the optical dielectric constant of the material, Rij = Ri − Rj ,
and R̂ij = Rij /|Rij |. |Rij |, which appears in Eq. (7.3) in the denominator, should
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be strain dependent. Since strain induced dipole-dipole interactions are of higher
order, this effect can be neglected [510].
The next term in the potential energy represents the short range interaction
V
({u}). This contribution is caused by short range repulsion and electronic
hybridization between two adjacent local modes and two isolated local modes. Up
to the third nearest neighbor, V short ({u}) can be written as
short

V short ({u}) =

1 XX
Jij,αβ uiα ujβ ,
2 i6=j αβ

(7.4)

where Jij,αβ is the short range interaction matrix, which depends on Rij and should
decay rapidly with increasing |Rij |. Jij,αβ can be classified into seven independent
interaction parameters, which were calculated in Ref. [510] for a cubic lattice. α and
β denote the Cartesian directions α, β = (x, y, z). Higher-order terms in V short ({u})
represent anharmonic couplings between neighboring local modes and provide a
correction to the local-anharmonicity approximations in V self ({u}). However, Tinte
et al. found that these terms are small and can thus be neglected [515].
The elastic energy V elastic (ηH , ηI ) is further divided into homogeneous V elastic,homo (ηH )
and inhomogeneous V elastic,inho (ηI ) parts. V elastic,homo (ηH ) is simply given by the elastic energy calculated for cubic symmetry:

1
V elastic,homo (ηH ) = N · a30 · cij ηH,i ηH,j
2

1
2
2
2
= N · a30 · c11 ηH,1
+ ηH,2
+ ηH,3
2
+N · a30 · c12 (ηH,2 ηH,3 + ηH,3 ηH,1 + ηH,1 ηH,2 )

1
2
2
2
+ ηH,5
+ ηH,6
+ N · a30 · c44 ηH,4
,
2

(7.5)

where c11 , c12 , and c44 are components of the elastic stiffness matrix cij and N is
the number of primitive unit cells in the super-cell used for the calculation. The inhomogeneous elastic energy V elastic,inho , which corresponds to bond stretching, bond
correlation, and bond bending [510], can be expressed as a function of the local
acoustic displacement vector w (Ri ) of the unit cell at the position R. Two different
invariants have to be fulfilled by the elastic strain energies. First, V elastic,inho must
be invariant under an arbitrary displacement of the lattice as a whole. This ensures that V elastic,inho can depend only on the differences between nuclear positions.
Furthermore, V elastic,inho must also be invariant under a rigid rotation [516]. Hence,
V elastic,inho can be expressed as an expansion in scalar products of differences between
w (Ri ):
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V elastic,inho ({w}) =
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Xn
γ11 [wx (Ri ) − wx (Ri ± x)]2
i

+ γ12 [wx (Ri ) − wx (Ri ± x)] [wy (Ri ) − wy (Ri ± y)]

(7.6)

+ γ44 [wx (Ri ) − wx (Ri ± y) + wy (Ri ) − wy (Ri ± x)]2
o
+ cyclic permutations ,
where x = ax̂, y = aŷ, and z = aẑ. Furthermore ± indicates that multiple
terms have to be summed. The coefficients γ are related to the elastic constants
by γ11 = a30 · c11 /4, γ12 = a30 · c12 /8, and γ44 = a30 · c44 /8. The average differential
displacements can be expressed as a function of inhomogeneous strain ηI : ηI,1 (Ri ) =
∆wxx /4, ηI,2 (Ri ) = ∆wyy /4, ηI,3 (Ri ) = ∆wzz /4, ηI,4 (Ri ) = (∆wyz + ∆wzy ) /4,
ηI,5 (Ri ) = (∆wxz + ∆wzx ) /4, and ηI,6 (Ri ) = (∆wxy + ∆wyx ) /4 [510]. Therefore,
the elastic energy V elastic (ηH , ηI ) is a function of homogeneous ηH and inhomogeneous
ηI strains.
The coupling between the elastic deformations and the local modes is described
in the limit of lowest order by an electrostrictive term [260]
V coup ({u}, η) =

1 XX
Blαβ ηl (Ri ) uα (Ri ) uβ (Ri )
2 i lαβ

(7.7)

with the coupling coefficients Blαβ . Using a cubic symmetry, there are only three
independent coupling constants (B1xx , B1yy , and B4yz ) defined in Ref. [510]. Equation (7.7) contains both homogeneous ηH and inhomogeneous ηI strains and can
therefore be separated in a homogeneous V coup,homo ({u}, ηH,i ) and inhomogeneous
V coup,inh ({u}, ηI,i ) coupling.
With Eqs. (7.2)-(7.7) the effective Hamiltonian is defined. On the basis of this
effective Hamiltonian the physical properties of BaTiO3 can be simulated by computing the ground-state of the system using density functional theory (DFT) and
performing ab initio molecular dynamics (MD) simulations exploiting the results of
the DFT calculations, i.e., combining MD and DFT [517]. Using DFT within the
local density approximation (LDA) the parameters specifying the effective Hamiltonian were determined by Zhong and coworkers [509, 510]. These parameters can be
employed to perform MD calculations. Within MD calculations the validity of classical mechanics to describe ionic motion is assumed. Therefore the time evolution
of the displacements u and w can be calculated by solving the classical equation of
motion:
∂Heff ({u} , η)
d2 ui
=
−
= f dipole,i
dt2
∂ui
d2 wi
∂Heff ({u} , η)
∗
Macoustic
=
−
= f acoustic,i ,
dt2
∂wi
∗
Mdipole

(7.8)

∗
∗
where Mdipole
and Macoustic
are the effective masses for the local soft modes and
acoustic modes [514]. The calculation of the forces is done in reciprocal space using
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Figure 7.2: (a), (b) Average homogeneous strains ηH,i = ηi with i = 1, ..., 6 as a function
of temperature TMD simulated during cooling down using a 16 × 16 × 16 supercell. A
pressure of −5 GPa was applied to overcome the underestimation of the phase transition temperatures. For comparison, open symbols represent experimental data from
Ref. [495] (open squares), Ref. [496] (open circles), and Ref. [519] (open triangles).
Since the temperatures of the experiment and the simulation slightly varies, the experimental data are plotted versus Texp. . The strains were calculated relative to the lattice
constant of 0.3948 nm, which is derived from local-density approximation simulations.

fast Fourier transformation [512, 514], since the effective Hamiltonian (Eq. (7.1)) and
in particular the long range dipole-dipole interaction V dpl ({u}) is computationally
demanding. The forces in real space are then obtained by the inverse fast Fourier
transformation. The MD calculations are performed by using the open source code
FERAM developed by Takeshi Nishimatsu [513]. During the calculation the temperature is kept constant within each temperature step in the canonical ensemble
using the Nosé-Poincaré thermostat [518]. The homogeneous strain components ηH,i
with i = 1, ..., 6 are derived by solving

∂  elastic,homo
V
(ηH,i ) + V coup,homo ({u}, ηH,i ) = 0
∂ηH,i

(7.9)

at each time step according to {u} [514]. Furthermore, the local acoustic displacement w (R) is not treated as described in Eq. (7.8). w (R) is instead determined by
minimizing V elastic,inh (ηI,i ) + V coup,inh ({u}, ηI,i ). Note that ηI,i is a function of w (R).
It is worth noting that MD calculations combined with DFT allow to compute the
dynamics of polarization as well as structural properties, but not the electronic states
[5].
The physical properties of BaTiO3 were calculated using a 16 × 16 × 16 supercell. Furthermore, the system was thermalized within 60000 time steps, and the
properties were averaged over 60000 calculations. Since the LDA calculated lattice
constants are typically 1% too small, which leads to large errors in the zero-pressure
transition temperatures, a negative pressure of −5 GPa was exerted to overcome this
underestimation of phase transition temperatures [510]. Figures 7.2(a) and (b) show
the average homogeneous strains ηH,i = ηi with i = 1, ..., 6 of BaTiO3 as a function of
temperature TMD simulated during cooling from 420 K. The strains are calculated
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Figure 7.3: Simulations (full symbols) and experimental results (open symbols) of
BaTiO3 P (E)-loops in the (a) tetragonal and (b) orthorhombic phase with the electric field aligned along the out-of-plane direction. The simulations were performed at
temperatures of TMD = 261 K and TMD = 246 K using the same parameters as for the
simulation in Fig. 7.2. In particular, electrode effects were neglected. These quasistatic P (E)-loops are compared with hysteresis loops measured at Texp. = 300 K and
Texp. = 270 K using the static hysteresis mode on an unpoled BaTiO3 single crystal
with 1 mm thickness.

relative to the equilibrium cubic lattice structure derived using LDA simulations
(a = 0.3948 nm). Thus the obtained strains are non-zero throughout the temperature range. To compare the theoretical results with experimental data, literature values published by different groups are included in Figs. 7.2(a) and (b) [495, 496, 519].
Obviously, the MD calculations reveal the correct sequence of phase transitions.
Moreover the difference between theoretical calculated homogeneous strains and the
experimental data is acceptable up to a temperature of Texp. = 300 K. However, in
spite of the negative pressure applied to the calculations the transition temperatures
are still underestimated. Therefore, the temperature scales of the MD calculation
TMD and the experiment Texp. do not coincide (see Fig. 7.2). The underestimation
of the phase transition as well as the increased discrepancies for Texp. > 300 K can
mainly be attributed to the poor description of thermal expansion effects in the effective Hamiltonian (Eq. (7.1)) and to the errors in first-principles calculations using
LDA [515]. The former can be partially corrected using a T -dependent pressure (e.g.
p = −0.005 GPa/K · T [520]), while the latter can be improved by employing a more
accurate generalized-gradient approximation for solids developed by Wu and Cohen
[521]. Recently, Nishimatsu and coworkers showed that a clear advancement of the
cubic to tetragonal transition temperature in BaTiO3 can be obtained by utilizing
both methods [520]. However, the other ferroelectric transition temperatures are
marginally improved. Therefore, further corrections in the description of the effective Hamiltonian as well as on the parameter set derived by DFT will have to be
made in the future. In particular, lattice anharmonicity and phonon-strain coupling,
which is essential for describing thermal expansion, have to be taken into account
more precisely. In the course of this thesis, we will employ the results obtained by
MD simulation described above using the parameter set derived by Zhong et al.
using LDA calculations [509, 510] and using a constant pressure of −5 GPa.
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By utilizing the described effective Hamiltonian and the molecular dynamics
simulation method, not only the strain state of BaTiO3 single crystals and thin
films can be calculated, but also the electric field dependence of the polarization
P (E). Figure 7.3 shows the results of molecular dynamics simulations carried out
at TMD = 261 K and TMD = 246 K, i.e., in the tetragonal and orthorhombic phases
of BaTiO3 , using the same parameters as for the simulation in Fig. 7.2. Therefore,
the P (E)-loops are simulated in a quasi-static method. While these P (E)-loops
have almost ideal saturation polarizations (see Fig. 7.1), steps and plateaus are observable in case of TMD = 261 K. This might be attributed to neglected electrodes,
which leads to large depolarization fields [514].2 However, in P (E)-loops measured
at Texp. = 300 K and Texp. = 270 K using the static hysteresis mode (cf. Section 2.2.1)
on an unpoled BaTiO3 single crystal with 1 mm thickness, much lower saturation
polarization values were obtained. Since a large saturation polarization value is a
hallmark for the quality of BaTiO3 single crystals [498] (cf. Fig. 7.1(b)), the BaTiO3
single crystals used in this thesis are not of high quality. However, the simulated
and measured coercive fields are almost identical in the tetragonal phase, while a
deviation of nearly a factor of two is observed in the orthorhombic phase. The overestimation of the coercive electric fields is well known for theoretical simulations
based on effective Hamiltonians [522, 523] and can mainly be attributed to defectmediated nucleation of domains mainly at ferroelectric interfaces, which is not taken
into account in the theoretical simulations [514]. From the theoretical point of view,
figure 7.3 reveals that an electric field of around E = 4 MV/m is needed to reach
the saturation state in both phases.
Figure 7.2 discloses large changes of the strain components ηi with i = 1, ..., 6
at the phase transitions. Therefore, using BaTiO3 as a ferroelectric material in
ferromagnetic/ferroelectric heterostructures different strain states can be achieved
by simply varying the temperature. Moreover, BaTiO3 displays large piezoelectric
strains of around 1% associated with ferroelastic domain switching in the tetragonal and orthorhombic phases. Therefore, the magnetic properties of ferromagnetic
thin films grown on top of BaTiO3 can also be altered by employing the converse
piezoelectric effect at constant temperature. As discussed in Sec. 6.2.2, the converse
piezoelectric effect consists of two parts in ferroelastic materials. One part arises
from the multi-domain state of BaTiO3 and the other from the converse linear piezoelectric effect (see Eq. (6.16)). Assuming an electric field along the pseudo-cubic
[001]pc -direction (E3 6= 0 and E1,2 = 0), the strain components can be calculated in
the tetragonal phase with symmetry 4mm: η1,2 = d31 E3 , η3 = d33 E3 , and ηi = 0 for
i = 4, 5, 6. The maximum in-plane strains η1,2 generated by the linear piezoelectric
effect can be estimated using the highest reported value for d31 = −103.3 pm/V
[488] in the literature3 and an experimental reasonable electric field of 500 kV/m.
Thus, the converse linear piezoelectric effect induces an in-plane strain of about
η1,2 = −0.005%. This value can be increased by polarization rotation, i.e., measur2

A detailed discussion on the simulation of ferroelectric properties with and without electrodes
can be found in Section 9.1.1.
3
The reported piezoelectric coefficient d31 values range from −33.4 pm/V [524] to −103.3 pm/V
[488]. This large discrepancy can be mainly attributed to imperfect poling [525].
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ing the piezoelectric response along a direction different from the polar axis [484].
Within this method, it is possible to enhance the linear piezoelectric coefficient by
around 60% close to the [111] direction at room temperature in the 4mm symmetry
[526]. Taking the orthorhombic and rhombohedral phases into account, the maximum in-plane strain due to the converse linear piezoelectric effect is estimated to
be smaller than η1,2 < −2 × 10−4 for an electric field of 500 kV/m applied along the
[001]pc -direction [527]. This value is about two orders of magnitudes smaller than
strains arising from ferroelastic domain switching. Thus, manipulations of the magnetization induced by electric fields via magnetoelastic effects in FM/BaTiO3 hybrid
structures is mainly caused by ferroelastic domain effects rather than the converse
linear piezoelectric effect in the temperature range from 396 K to 183 K, i.e., in the
tetragonal and orthorhombic phases of BaTiO3 . Therefore, to achieve large magnetoelastic effects in FM/BaTiO3 hybrid structures a ferroelastic multi-domain state
is essential.
In general, in the absence of external electric fields, a ferroelectric material minimizes its free energy by forming different domains [260]. Assuming a single ferroelectric domain, a finite spontaneous polarization creates surface charges, which produce an electric field Ed oriented oppositely to the spontaneous polarization. The
electrostatic energy associated with this depolarizing field Ed may be minimized by
forming different domains with oppositely oriented polarization. Additionally, the
surface charges can be compensated by electric conduction through the crystal or
by charges from the surrounding material such as electrodes connected to an electric circuit. Furthermore, the splitting of a ferroelectric crystal into a multi-domain
state also occurs due to the reduction of the mechanical stress fields and therefore
the elastic energy [528]. Since the domain walls themselves carry energy, the resulting domain configuration will be such that the sum of the domain wall energy,
crystal surface energy, and elastic and electric fields energy is minimal [260].4
The type of domain walls depends also on the symmetry of the crystal [531].5
For example, cooling down a BaTiO3 crystal from the paraelectric cubic phase to
the tetragonal phase at room temperature, the emerging c, a1 , and a2 domains are
separated by 180◦ or by 90◦ domain walls. As can be seen in Fig. 7.4(a), 180◦
domain walls reduce the effects of the depolarizing electric field, but the formation
of these domains do not alter the elastic energy. Therefore, 180◦ domain walls
are pure ferroelectric walls, separating antiparallel polarizations. In contrast, 90◦
domain walls, which separate regions exhibiting polarizations aligned perpendicular
to each other, also minimize the elastic energy. Thus, 90◦ domain walls are both
ferroelectric and ferroelastic walls. Since domain walls can only exist if the two
domains meet without infinite stresses or cracks in the bulk of an infinite crystal,
the spontaneous strain of neighboring domains must be equal in the plane of the
domain wall. This is called mechanical compatibility [260]. Due to the difference
in a and c lattice constants in the tetragonal phase of BaTiO3 (see Fig. 7.1), the
4

A detailed calculation of the ferroelectric domain walls in BaTiO3 based on the phenomenological
Landau-Ginzburg-Devonshire theory can be found in Refs. [529, 530].
5
The domain structure also depends on extrinsic effects such as defects or the history of the
crystal preparation.
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Figure 7.4: Domain walls in the (a) tetragonal, (b) orthorhombic, and (c) rhombohedral
phases of BaTiO3 . For simplicity, not all possible types of domain walls are shown in
each phase. The blue arrows depict the polarization vector P.

mechanical compatibility leads to wedge-shaped 90◦ domain walls (see Fig. 7.4(a))
[532]. Across a 90◦ domain wall, the angle of the polarization of adjacent domains
differs from 90◦ by 2 · arctan = c/a ≈ 0.57◦ . This difference leads to an increase of
the depolarization energy, since ∇ · P is finite at the domain boundary, which acts as
the source for a depolarization field [260]. As the wedge shaped angle is small, the
increase of the depolarization energy can be neglected compared to the reduction of
the elastic energy due to wedge shaped domain boundaries. The second condition
for the stability of a 90◦ domain wall is that no charge is accumulated on the wall,
since this would lead to ∇ · P 6= 0. This requires a “head-to-tail” arrangement of the
polarizations of the adjacent domains in ideal non-conducting ferroelectrics. The
thickness of wedge-shaped 90◦ domain walls is more than one magnitude larger than
for 180◦ domain walls.6 While 180◦ domain boundaries are very thin (0.5 − 2 nm),
the energy of the domain wall (10 mJ/m2 ) is more than twice as large as the energy
of 90◦ domain walls [260], indicating a higher mobility of 90◦ domain walls. By
repeating the domain sequence displayed in Fig. 7.4(a), different domain patterns
can be formed, such as laminar and square-net structures [534].
6

Large discrepancies exist in the literature for theoretically and experimentally determined
BaTiO3 90◦ domain wall widths (see Ref. [533] and references therein).
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Below the second and third phase transitions, BaTiO3 crystals become highly
twinned [534, 535]. In the orthorhombic phase, in principle, three different mechanically compatible domain walls exist: 60◦ , 90◦ , and 180◦ walls [492]. In Fig. 7.4(b)
only the 60◦ and 90◦ domain walls are shown for simplicity. 90◦ domain walls are
parallel to pseudo-cubic {001}pc planes, which is equivalent to the orthorhombic
{110}o planes, resulting in a twin structure with an angle of 2αm − 180◦ ≈ 0.3◦ .
As can be seen in Fig. 7.4(b), no surface distortion is found at orthorhombic 90◦
domain walls. In contrast, 60◦ domain walls alter the pseudocubic (001) surface,
forming 60◦ wedges. These domain walls are parallel to pseudo-cubic {011}pc planes
({111}o planes), resulting in twinning on {011}pc planes. The angle between the
planes across the domain boundary is 90◦ − 2 arctan (cm /am ) ≈ 0.4◦ . Furthermore,
180◦ walls separate domains with antiparallel electric polarizations similar to the
tetragonal phase. While the width of 90◦ and 180◦ domain walls is around 0.7 nm,
which is similar to 180◦ domain boundaries in the tetragonal phase, 60◦ walls exhibit
a higher thickness of around 3 nm. In the rhombohedral phase, 71◦ , 109◦ , and 180◦
domain walls exist (cf. Section 4.4.1). As an example, Fig. 7.4(c) shows the twin
structure due to 109◦ walls. In this phase the domain walls are pseudocubic {100}pc
planes [492].
Figures 7.4 and 7.1(c) schematically show that the three ferroelectric phases of
BaTiO3 , which can be simply addressed by varying the temperature, exhibit different ferroelastic domains. All these electrically addressable ferroelastic domains
impose different strain states in the overlying ferromagnetic thin film, which can
alter the magnetization due to magnetoelastic effects. Therefore, using BaTiO3 as
ferroelectric layer in multiferroic composite structures, large converse magnetoelectric effects are expected due to ferroelastic domain switching.

7.2 Crystalline ferromagnetic materials for
FM/BaTiO3 hybrid structures
Various ferromagnetic materials (FM) exhibiting different magnetostriction constants were used for FM/BaTiO3 hybrid structures in this thesis. In particular, crystalline ferromagnetic materials fabricated using pulsed laser deposition and polycrystalline ferromagnets deposited by electron beam evaporation on BaTiO3 substrates
are utilized for magnetoelectric composite systems (cf. 2.1).

7.2.1 Magnetite (Fe3 O4 )
Magnetite, Fe3 O4 , is known since ancient times. It was discovered 2500 years ago,
but it still attracts significant attention due to its interesting magnetic and electronic
properties [131]. Fe3 O4 has a ferrimagnetic ordering with a transition temperature of
850 K [380], which is caused by the interaction of Fe3+ and Fe2+ occupying different
sites in the Fe3 O4 inverse spinel lattice AB2 O4 [536, 537]. While A denotes the
tetrahedral sites occupied by only one oxidation state (Fe3+ ), a mixed oxidation
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Figure 7.5: (a) Inverse spinel lattice AB2 O4 of Fe3 O4 in the cubic F d3̄m symmetry: The
tetrahedrally coordinated A sites and octahedrally coordinated B sites are depicted as
dark green and light green spheres, respectively. The A sites are occupied by Fe3+ ,
while Fe2+ and Fe3+ are present on the B sites. One tetrahedron and one octahedron
are exemplary highlighted. (b) Layer-by-layer structure and A- and B-site termination
of Fe3 O4 . The crystal structure of Fe3 O4 is built up by four stoichiometric sub-units (1
and 2, 3 and 4, 5 and 6, 7 and 8). Fe3 O4 thin films can have two differently terminated
surfaces. While Fe(A)-terminated surfaces (1, 3, 5, and 7) contain Fe cations on
tetrahedron A-sites, FeO2 (B)-terminated surfaces (2, 4, 6, and 8) have Fe cations on
octahedron B sites

state (Fe3+ and Fe2+ ) is present at the octahedrally coordinated B sites. Both sites
are schematically shown in Fig. 7.5(a).
The oxygen mediated exchange interaction between the iron 3d cations leads to
moments on the A-site (Fe3+ ), which are parallel to each other and antiparallel to all
moments on the B-site (Fe3+ and Fe2+ ). Thus, the trivalent moments compensate
each other out and the saturation magnetization is given by the divalent Fe2+ resulting in 4 µB /f.u.. The saturation magnetization of 4 µB /f.u. derived within this simple ionic picture is confirmed by recent experiments using spin-dependent Compton
scattering [538]. Not only the strong magnetic behavior well above room temperature, but also a high negative spin polarization up to 80 %,7 which was confirmed by
theoretical calculations [541, 542] and different experiments [543, 544], makes Fe3 O4
a promising candidate for applications in the field of spintronics [545, 546].
Moreover, a pronounced magnetostriction can be observed in Fe3 O4 . In Fig. 7.6(a)
the magnetostriction constants measured by Arai and coworkers along the [100] and
[111] direction are shown as a function of temperature [547]. The temperature dependence can be fitted in the temperature range of 170 K to 300 K using first-order
polynomials.8 Therefore, the described physical properties as well as the good epitaxial growth of Fe3 O4 thin films on perovskite substrates [548] makes Fe3 O4 a
suitable compound for crystalline FM/BaTiO3 hybrid structures. To calculate the
magnetoelastic response in Fe3 O4 /BaTiO3 hybrids, the knowledge of the magnetoe7

The measured spin polarization of Fe3 O4 depends strongly on the surface orientation and surface
states ([539, 540] and references therein).
8
λ100 (T ) = −8.92 × 10−7 − 4.5 × 10−8 · T ; λ111 (T ) = 25.93 × 10−6 + 1.8 × 10−7 · T
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Figure 7.6: (a) Temperature dependence of the magnetostriction constants λ100 and
λ111 for bulk Fe3 O4 after Arai et al. [547]. Both constants are fitted using first-order
polynomials (red dashed lines). The fits are valid for temperatures above 170 K (black
dashed line). (b) Magnetic moment m and the switchable polarization P reveal a
multiferroic state of Fe3 O4 below 38 K. The magnetic moment was measured in a
magnetic field of 0.01 T after zero field cooling and the PUND (positive-up-negativedown) method [153] was employed to measure the switching polarization ∆P = 2Pr .
The Verwey transition at around 115 K and the onset of the switchable polarization
are marked by vertical dashed lines. Furthermore, the assumed evolution of the crystal
symmetry (F d3̄m-P 2/c-Cc) is shown. The data were taken from Alexe et al. [131].

lastic coupling Bi is essential (see Eq. (6.4)). In the bulk limit, the magnetoelastic
stresses Bi can be calculated using Eq. (6.5). For this purpose, the elastic behavior described by Schwenk et al. for temperatures larger than 150 K is used in the
following [549].9
However, in spite of the extensive research, there are still conflicting reports concerning the behavior of Fe3 O4 at low temperatures [550, 551]. Fe3 O4 undergoes a
first order phase transition (Verwey transition) at TV ≈ 120 K [552] accompanied
by a structural transition from a face centered cubic structure F d3̄m with lattice
constant a = 0.83941 nm [553, 554] (see Fig. 7.5(a)) to a monoclinic structure.10
The change of the physical properties below TV , such as electrical conductivity
[559], magnetism [560], thermal expansion [561] and specific heat [562, 563], might
be caused by a charge ordering of the Fe2+ and Fe3+ ions, which was first proposed by Verwey [564]. The presence [550, 565–569] or absence [551, 570–572] of
charge ordering in Fe3 O4 as well as the detailed charge ordering pattern are a matter of intense theoretical and experimental research in recent years [132, 573]. As
pointed out in Section 3.1, charge ordering can induce ferroelectricity by a noncentrosymmetric Fe2+ /Fe3+ ordered pattern and can therefore lead to multiferroicity in
Fe3 O4 . Indeed, ferroelectric switching was observed in Fe3 O4 below around 38 K (see
Fig. 7.6(b))[131]. The difference between the onset of switching polarization and the
Verwey temperature was explained by a change of the P 2/c monoclinic symmetry,
9
10

c11 − c12 = 9.8 × 1010 N/m2 − 1.2 × 107 1/K · T ; c44 = 6.4 × 1010 N/m2 · (T − 66 K) / (T − 56 K)
Up to now, the crystal structure at T < TV is still not completely understood. Newer measurements suggest a triclinic [555] or monoclinic structure with either P 2/c [556] or Cc [557]
symmetry, which is also found to be the ground state from theoretical calculations [558].
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which prohibits ferroelectricity, to a Cc monoclinic symmetry allowing spontaneous
polarization at 38 K. This transition might be accompanied by a transfer from a
full charge order pattern to a mixed-charge order state [131, 132]. Furthermore, a
local magnetoelectric effect was recently detected in Fe3 O4 using nonreciprocal x-ray
scattering [574] as well as a magnetically addressable polarization [575]. Therefore,
Fe3 O4 seems to be not only the oldest magnetic material but also the first magnetoelectric multiferroic compound known to mankind. Until today, in our Fe3 O4 thin
films fabricated on MgO substrates, we could not clearly detect charge ordering using resonant x-ray diffraction techniques confirming the results found by the group
of J. Garcia [551] and the recent critical statements by S.D. Matteo et al. [576, 577].
Furthermore, no clear indication of ferroelectricity in Fe3 O4 thin films grown on TiN
buffered MgO substrates was found. Here, one crucial parameter seems to be the
choice of the bottom and top electrode material [131, 578]. However, resonant x-ray
diffraction experiments as well as dielectric measurements will be continued in the
near future.
In the scope of this thesis, Fe3 O4 is only regarded as a “single-ferroic” ferromagnetic material in FM/BaTiO3 hybrids exhibiting a pronounced magnetoelastic effect. Fe3 O4 /BaTiO3 hybrids were recently investigated by different groups,
mainly by exploiting the phase transitions of BaTiO3 [579–582]. In these studies,
large discontinuities of the magnetic behavior were observed at the temperatures corresponding to the phase transition of BaTiO3 . However, Vaz and coworkers suggest
that the quantitative explanation of this behavior is more complex than a simple
elastic coupling via epitaxy [424]. Therefore, additional contributions than the pure
elastic approach discussed in Section 6.2.2 might be taken into account to describe
the behavior of FM/BaTiO3 hybrids.
The applied strain also alters the electronic structure in Fe3 O4 . Theoretical calculations reveal that strain reduces the calculated band gap of the majority spin band
and destroys the half-metallic state at high in-plane strains of −1.3% and 2.1% [542].
The loss of the half metallic behavior can be related to charge imbalance effects at
the interface of Fe3 O4 and BaTiO3 [583]. By incorporating oxygen vacancies into
the structure, the half-metallic ground state is recovered [432, 583]. Therefore, oxygen vacancies are one of the candidates among the native defects for restoring the
halfmetallicity near the interface of Fe3 O4 /BaTiO3 hybrid systems. Moreover, an
enhancement of the magnetoelectric coupling was found at the interface for oxygen
deficient Fe3 O4 /BaTiO3 hybrids [432].
The Fe3 O4 /BaTiO3 hybrid structures investigated in this thesis were fabricated
using pulsed laser deposition monitored by an in-situ high pressure RHEED system (cf. Section 2.1.2). In contrast to Fe3 O4 thin films grown on lattice matched
MgO (001) substrates with a lattice mismatch of −0.3%, slightly different growth
parameters of Fe3 O4 thin films fabricated on BaTiO3 (001) were found to be ideal.
While a substrate temperature of 593 K was used for the growth of Fe3 O4 thin films
on MgO substrates, the optimum substrate temperature was found to be 733 K for
the deposition of Fe3 O4 on BaTiO3 , i.e., in the cubic phase of BaTiO3 . The increase
of the substrate temperature maintains a flat surface of the BaTiO3 substrate, and
Fe3 O4 thin films with acceptable crystalline quality as well as good physical prop-
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Figure 7.7: Intensity evolution of the RHEED (0 0) spot monitored during the fabrication
of a 64 nm thick Fe3 O4 thin film on a BaTiO3 substrate. The intensity was integrated
within the red rectangle around the (0 0) spot marked in the RHEED patterns, which
are shown in the upper part of the figure. The growth process can be divided into
three main steps: highly disordered growth (A) - three dimensional growth mode (B)
- layer-by-layer growth mode (C). The time at which the RHEED patterns shown in
the inset are recorded is marked by (I)-(IV).

erties, such as high saturation magnetizations and pronounced Verwey transitions,
are obtained. The remaining growth parameters are identical to the well established
growth of Fe3 O4 on MgO [584]. The thin films were deposited in an atmosphere
of pure argon with a pressure of 1.6 × 10−3 mbar, a laser fluence at the target of
3.1 J/cm2 and a repetition rate of 2 Hz.
The growth process is illustrated in Fig. 7.7 on the basis of the intensity evolution
of the RHEED (0 0) spot, which was recorded during the growth of a 64 nm thick
Fe3 O4 thin film on BaTiO3 . The RHEED pattern of the BaTiO3 substrate (I)
shown in the upper part of Fig. 7.7 reveals three spots, which belong to the first
Laue circle and can be indexed with (1̄ 1), (0 0), and (1 1̄) (cf. Fig. 4.3). At the
beginning of the deposition, the high intensity of the (0 0) spot drastically decreases.
At around 25 s (II), the deposition was stopped. The almost vanished intensity of
the RHEED reflections indicates a highly disordered and nearly amorphous growth
mode. This behavior is mainly caused by the high lattice mismatch of Fe3 O4 and
BaTiO3 of 4.7% at the growth temperature.11 Due to this large compressive strain,
the critical thickness of pseudomorphic growth is small and hence the Fe3 O4 thin
film relaxes by creating a high density of dislocations in the early stage of the
growth. Further deposition leads to a three dimensional crystalline growth indicated
by a checkerboard RHEED pattern (cf. RHEED patter (III) in Fig. 7.7). This
three dimensional growth mode fades into a two dimensional growth mode with
increasing intensity and RHEED oscillations emerge. In the last stage of the growth
process (t > 3000 s), a real two dimensional layer-by-layer growth mode can be
11

The thermal expansion coefficient αFe3 O4 = 15.26 × 10−6 1/K of Fe3 O4 [585] and the unit cell
parameters published by Shebanov [496] were used for the calculation of the lattice mismatch.
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Figure 7.8: Atomic force microscopy images of a 64 nm thick Fe3 O4 thin film deposited
on a BaTiO3 substrate. The experiments were carried out at room temperature by
Denny Köhler, Technische Universität Dresden. The large area displayed in (a) and
the line scan shown in (b) reveal a step-like terrace structure, which is caused by a
ferroelastic a-c domain structure in the BaTiO3 substrate. (c) The scan of a smaller
area reveals small droplets on the surface of Fe3 O4 .

obtained. In this stage, one unit cell of Fe3 O4 indicated by four RHEED oscillations
(cf. RHEED patter (IV) in Fig. 7.5) was deposited followed by a growth interruption
of 30 s allowing the film surface to relax. At the end of the growth (cf. (IV) of
Fig. 7.7 (IV)), the RHEED pattern is streaky but shows no indication of transmission
spots indicating a smooth surface in contrast to the RHEED pattern recorded at
(III). As the lattice constant of Fe3 O4 is about twice as large as the lattice constant
of BaTiO3 at 733 K, the RHEED pattern reveals stripes at positions half the spacing
of the diffraction spots for BaTiO3 . In total, the growth of Fe3 O4 on BaTiO3 can
be divided into three main steps. First an almost amorphous growth was observed
at the beginning of the deposition (A). Then a three dimensional growth mode was
detected (B), which evolves into a two dimensional one and finally, a true layer-bylayer growth mode was achieved (C).
This layer-by-layer growth mode should result in a low surface roughness. Atomic
force microscopy (AFM) measurements by Denny Köhler, Technische Universität
Dresden, shown in Fig. 7.8 reveal a step-like terrace structure, which can be attributed to a ferroelastic a-c domain structure in the BaTiO3 substrate (Fig. 7.4(a)),
since the AFM measurements were carried out at room temperature in the tetragonal phase of BaTiO3 . However, within one terrace, a surface roughness between
2.5 nmRMS and 0.8 nmRMS depending on the scanned area were observed. The larger
surface roughness is caused by small droplets visible in Fig. 7.8(c). However, the
AFM measurements indicate that Fe3 O4 /BaTiO3 hybrids can be fabricated exhibiting a low surface roughness.
However, the highly disordered growth at the beginning of the deposition, which
is mainly caused by the high lattice mismatch, certainly influences the structural
properties of Fe3 O4 thin films on BaTiO3 substrates. In Fig. 7.9(a), x-ray diffraction
measurements around the Fe3 O4 (004) reflection of a Fe3 O4 thin film grown on a
BaTiO3 substrate are shown. The reciprocal space map and the q-scans depicted in
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Figure 7.9: X-ray diffraction measurements on Fe3 O4 thin films grown on (a) BaTiO3
(BTO) and (b) MgO substrates. The splitting of the BaTiO3 substrate reflection into
BaTiO3 (002) and BaTiO3 (020)/BaTiO3 (200) indicate the presence of a ferroelastic
multi-domain state (c- and a-domains) in the BaTiO3 substrate. The reciprocal lattice
units (rlu) are calculated with respect to BaTiO3 (001), i.e., the c-domains of BaTiO3 .
This definition of the reciprocal lattice units will be used in reciprocal space maps of
FM/BaTiO3 hybrid structures throughout this thesis.

the upper and left part of the figure reveal a crystalline growth of the Fe3 O4 thin
film. However, the qH00 -scan along the [100] direction at qL = 1.899 rlu discloses a
large mosaicity in the out-of-plane direction. This is confirmed by the full width
at half maximum (FWHM) of around 0.65◦ of the rocking curve of the Fe3 O4 (004)
reflection. This high mosaic spread can be mainly attributed to two effects: the
large lattice mismatch of Fe3 O4 thin films grown on BaTiO3 substrates and the
ferroelastic multi-domain nature of BaTiO3 . The effect of the former is illustrated by
comparing the structural data of a Fe3 O4 thin film grown on a BaTiO3 substrate (see
Fig. 7.9(a)) with results of x-ray diffraction measurements around the Fe3 O4 (004)
reflection of a Fe3 O4 thin film grown on a lattice matched MgO substrate displayed
in Fig. 7.9(b). The mesh scan and the qH00 -scan along the [100] direction at qL =
2.009 rlu reveal a much smaller mosaic spread compared to Fe3 O4 thin films grown
on BaTiO3 substrates. This result can be explained by the generation of a high
density of dislocations during the process of strain relaxation. The second reason
for the low crystalline quality can be found in the ferroelectric nature of the BaTiO3
substrate. Crossing the ferroelectric transition temperature of around 393 K while
cooling the sample from the growth temperature to room temperature, the large
strain of more than 1% between c- and a-domains in the tetragonal phase of BaTiO3
causes crystalline defects, which increase the measured mosaicity. Furthermore the
measurements in Fig. 7.9 are performed without an electric field applied to the
BaTiO3 substrate. Figure 7.9(a) reveals a splitting of the BaTiO3 (002) reflection
into two distinct spots at around qL = 2.0 rlu and qL ≈ 2.02 rlu, which correspond
to c- and a-domains, respectively. These domains impose different stains into the
Fe3 O4 thin film leading to a widening of the rocking curve. However, by applying
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Figure 7.10: (a) Low-magnification and (b) high resolution transmission electron microscopy TEM images of a 50 nm thick Fe3 O4 thin film grown on a BaTiO3 substrate.
The interface is marked by white triangles. An anti-phase boundary (APB) is located
between the red dashed lines. Furthermore, discontinuities at the interface is indicated
by white dashed lines. The measurements were performed by Sven-Martin Hühne,
Universität Bonn.

an electric field of 400 kV/m along the out-of-plane direction, a ferroelastic single
domain state consisting of nearly 100% c-domains can be achieved. X-ray diffraction
experiments under this condition reveal a reduction of the FWHM of the rocking
curve around the Fe3 O4 (004) reflection by around 0.05◦ , which is strongly dependent
on the ferroelastic domain configuration of the sample. Furthermore, the room
temperature in-plane and out-of-plane lattice constants of (0.8296 ± 0.0008) nm and
(0.8492 ± 0.0005) nm indicate a strained Fe3 O4 thin film exhibiting a compressive
in-plane strain of −1.2% and a tensile out-of-plane strain of +1.2% with respect
to the bulk values. This is in contrast to x-ray diffraction measurements published
recently [580, 582]. However, the measurements presented in Refs. [580, 582] were
performed without any electric field applied to the sample, i.e., in a ferroelastic
multi-domain state. The in-plane and out-of-plane strain yields a Poisson ratio of
0.33, which is in agreement with Ref. [549]. Assuming Fe3 O4 thin films, which are
fully clamped to the BaTiO3 substrate, a remaining in-plane strain of −0.8% at the
growth temperature can be calculated by employing the thermal expansion of Fe3 O4
[585] and the phase diagram of BaTiO3 [496]. This implies, that Fe3 O4 thin films
relax only partially during the deposition.
This relaxation should result in the formation of dislocations and so-called antiphase boundaries (APB). APB are a disruption of cation chains in a continuous
oxygen lattice, resulting from two symmetry breakings. First, the lattice constant of
BaTiO3 at the growth temperature (aBaTiO3 = 0.4031 nm) is nearly half that of Fe3 O4
(aFe3 O4 = 0.8445 nm) leading to a disruption of the translation symmetry and second,
the symmetry of BaTiO3 in the cubic phase (P m3m) is higher than the symmetry
of Fe3 O4 (F d3m) [586]. As a result, BaTiO3 unit cells rotated by 90◦ around an axis
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Figure 7.11: Magnetic properties of Fe3 O4 thin films fabricated on a BaTiO3 (001)
(BTO) (black full symbols) and a MgO (001) (gray open symbols) substrate. (a) Magnetization as a function of the applied magnetic field measured at 300 K reveal a high
density of anti-phase boundaries in case of Fe3 O4 /MgO thin films. The magnetic saturation process of the antiferromagnetically coupled anti-phase boundaries
(APB) is
p
fitted by using the function (1 − b/H 0.5 ) (red line) with b = 423 A/m. (b) Normalized remanent magnetization (symbols) as well as the derivative of the magnetization
(lines) as a function of temperature are shown around the Verwey transition. The
transition temperatures of both thin films are indicated by dashed lines. The data
were taken in zero applied field with increasing temperature after field cooling in 7 T.

perpendicular to the interface fall onto themselves, but Fe3 O4 does not (see Fig. 7.5
and Fig. 7.1). Furthermore, recently, it was shown that in systems exhibiting large
lattice mismatch, partial dislocations can form APB [587]. Therefore, APB can
not only be considered as natural growth defects but also as an additional strainrelaxation mechanism, which can be observed by transmission electron microscopy
(TEM) (cf. Section 2.1.4). In Figs. 7.10(a) and (b), cross-sectional low-magnification
and high resolution TEM images recorded by Sven-Martin Hühne, Universität Bonn,
of a 50 nm thick Fe3 O4 thin film grown on a BaTiO3 substrate are shown. The lowmagnification TEM image reveals a continuous and homogeneous Fe3 O4 thin film
with no grain boundaries. However, using higher magnification, different defects are
visible in the Fe3 O4 thin film (see Fig. 7.10(b)). First, the interface of BaTiO3 and
Fe3 O4 is not continuous confirming the partial release of the compressive strain at
the interface. Furthermore, APBs are observed within the Fe3 O4 thin film. These
APBs strongly influence not only the structural properties, but also the electronic
and magnetic behavior of Fe3 O4 thin films [588–590].12
The magnetic behavior of Fe3 O4 thin films grown on a lattice matched MgO as
well as on a BaTiO3 substrate is shown in Fig. 7.11. The magnetic field dependent magnetization M (H) hysteresis loops (see Fig. 7.11(a)) measured at 300 K
reveal a high saturation magnetizations up to Ms = 438 kA/m, which corresponds
to 3.5 µB /f.u.. A slightly lower Ms of 3.1 µB /f.u. is observed for Fe3 O4 thin films
fabricated on BaTiO3 substrates. The difference between these values and the bulk
value of 4.1 µB /f.u. is generally explained due to the presence of APBs [588]. APBs
12

More details on the characterization of anti-phase boundaries in epitaxial magnetite films can
be found in Ref. [591].
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exhibit a strong antiferromagnetic coupling, which leads to high saturation fields
up to 30 T [592]. Furthermore, the magnetization is found to follow the function
(1 − b/H n ), where b is a parameter depending on the density of APBs and n is equal
to 0.5 [590]. Using this function, the magnetic behavior of Fe3 O4 thin films grown
on MgO can be nicely fitted (red line in Fig. 7.11(a)), corroborating the presence
of APBs in this thin film. In contrast, the magnetic behavior of Fe3 O4 thin films
grown on BaTiO3 reveals a square shaped hysteresis with a much lower saturation
field (see Fig. 7.11(a)). This surprising result might be explained by the disordered
growth in the first stage of the fabrication process leading to a disconnection of the
Fe3 O4 thin film with the surface structure of the BaTiO3 substrate, which results
in a lower amount of APBs. If the defects (dislocations), which are created in the
first monolayer, are not mobile at room temperature, they cannot reduce the strain
in the Fe3 O4 thin film created by the ferroelectric BaTiO3 substrate. Therefore, the
disconnection of the Fe3 O4 thin film and the BaTiO3 surface does not decouple the
ferromagnetic layer and the ferroelectric substrate in case of elastic strain.
The stoichiometry of Fe3 O4 thin films is another important issue, since oxygen
non-stoichiometry strongly influences the electric and magnetic properties [550, 564].
The degree of non-stoichiometry can be investigated by measuring the Verwey transition TV , since this transition is a hallmark of the quality of Fe3 O4 thin films. It was
shown that TV in Fe3(1−δ) O4 diminishes with increasing δ [564, 593].13 Moreover,
beyond a critical value of δc = 0.0039 a change from a first-order to a second-order
phase transition takes place. For δ < δc , TV decreases linearly with increasing δ from
121 K to about 108 K. At δc , a discontinuous drop of roughly 8 K can be observed.
Further increase of the non-stoichiometry δ again leads to a linear dependence of
TV with δ. Finally, the transition is lost at δ = 3δc . Beyond this point, Fe3 O4
is unstable and one enters the Fe2 O3 region [594]. In Fig. 7.11(b), the normalized
remanent magnetization as well as the derivative of the magnetization of Fe3 O4 thin
films fabricated on BaTiO3 and on MgO substrates as a function of temperature
measured after field cooled in an external magnetic field of µ0 H = 7 T are shown.
Verwey transitions are observed in both thin films. This indicates that Fe3 O4 thin
films grown on MgO as well as on BaTiO3 substrates have the correct phase and
other iron oxides such as maghemite, which has the same crystallographic structure
as magnetite, can be excluded. However, while the Verwey transition of Fe3 O4 thin
films fabricated on MgO takes place at (118 ± 1) K, which is close to the ideal value
of 121 K, Fe3 O4 thin films grown on BaTiO3 exhibit a lower transition temperature
of (114 ± 2) K. Furthermore, the transition is much broader than the transition
observed in Fe3 O4 thin films fabricated on MgO. Assuming only non-stoichiometric
effects, both transition temperatures can be translated in δMgO = 0.0009 in case
of the Fe3 O4 /MgO thin film and δBTO = 0.0021 for the Fe3 O4 /BaTiO3 sample,
respectively. Both values are lower than the critical thickness δc . This indicates
that the broadening of the transition in Fe3 O4 /BaTiO3 thin films does not primarily originate from non-stoichiometric effects, but might be due to inhomogeneous
13

Each oxide compound is named by the stoichiometric formula (e.g. Fe3 O4 , BiFeO3 , ...) throughout this thesis. Since in oxide materials, oxygen defects are always present, these formulas
inherently contain non-stoichiometric effects (e.g. Fe3(1−δ) O4 , BiFeO3±δ , ...).
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stress fields in the Fe3 O4 layer, caused by rhombohedral ferroelastic domains in
BaTiO3 present in this temperature range [595]. It is well known that hydrostatic
pressure also decreases the Verwey transition [596] and falls off rapidly above a pressure of 8 GPa [595, 597]. At this value a quantum critical behavior was suggested.
Recently, a novel pressure-induced magnetic transition was additionally observed
between 10 GPa and 12 GPa [598], but this is still controversially discussed [599].
Taking into account stress effects due to epitaxial strain, the calculated degrees of
non-stoichiometry δMgO and δBTO can be regarded as upper bound.
To summarize, Fe3 O4 /BaTiO3 hybrid structures can be fabricated in a layerby-layer growth mode at the last stage of the growth process, which results in a
low surface roughness. These hybrids exhibit acceptable crystalline quality and
satisfying magnetic properties with low oxygen non-stoichiometry.

7.2.2 The ferromagnet Sr2 CrReO6
The search for new ferromagnetic materials exhibiting a high spin polarization together with a high Curie temperature well above room temperature represents an
important challenge in the field of spin electronics [546]. Such materials are highly
desirable for utilization as electrodes for spin valves, magnetic tunnel junctions and
logic devices. In this class of materials, ferromagnetic double perovskites A2 BB 0 O6
(with A an alkaline earth element, B a magnetic transition metal ion, and B 0 a nonmagnetic ion) are suitable candidates [600, 601]. Moreover, in combination with
BaTiO3 as a perovskite ferroelectric material, ferromagnetic double perovskites are
ideal candidates for epitaxial FM/BaTiO3 hybrid structures with good crystalline
and interfacial qualities.14
The crystalline structure of double perovskites A2 BB 0 O6 exhibiting the cubic
F m3m symmetry is depicted in Fig. 7.12(a). The structure reveals a large distance
between the magnetic B ions, which at first glance makes high magnetic transition
temperatures TC up to 725 K surprising [603]. However, to explain the high TC values, Sarma and coworkers proposed a generalized double exchange or kinetic energy
driven model, which was extended to other materials by Kanamori and Terakura
[604–606]. In this model, the hybridization of the B 0 -d-t2g and B-d-t2g states plays
the key role in stabilizing ferromagnetism at high temperatures. The mechanism is
sketched in Fig. 7.12(b) for the case of Sr2 CrReO6 . In this compound, the exchange
splitting JH,Cr of the Cr3+ -3d-levels in spin-up and spin-down states is much larger
than the crystal field splitting ∆Cr into eg and t2g states. Furthermore, all three t2g
orbitals are fully occupied in the ionic picture. In contrast , at the Re5+ site, the
crystal field splitting ∆Re is large, whereas the exchange splitting JH,Re is vanishingly
small. This situation is displayed by solid curves in Fig. 7.12(b) in the absence of
hopping interactions. Note that, strictly speaking, the Re 5d-O 2p hybridized states
should be considered instead of the Re5+ 5d states only. Now permitting a finite
coupling between Cr and Re, hybridization takes place between states with the same
symmetry and spin (denoted by dashed arrows in Fig. 7.12(b)). As the majority
14

For more details on ferromagnetic double perovskites see Ref. [490].
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Figure 7.12: (a) Crystal structure of a double perovskite A2 BB 0 O6 exhibiting the cubic
F m3m symmetry (Glazer notation: a0 a0 a0 ). One oxygen octahedron is highlighted.
The dimensions of a tetragonal unit cell with I4/m symmetry is marked in green. (b)
Schematic illustration of the Sarma-Fang-Kanamori-Terakura model for Sr2 CrReO6 .
Owing to the large crystal-field splitting of Re (2−3 eV [602]), only the Re 5d-t2g bands
are shown.

spin bands at the magnetic site are occupied (Cr t2g,↑ ), kinetic energy gain can only
be obtained by hopping of the minority spin electrons from the nonmagnetic site
(Re t2g,↓ ) into the empty minority spin bands of the magnetic ion (Cr t2g,↓ ). This
hopping interaction not only leads to an admixture of the states and therefore results in a band broadening, but also to a shift of the energy levels. In particular,
the Re t2g,↑ spin-up states are pushed up, whereas the Re t2g,↓ states are lowered in
energy, leading to an induced magnetic moment and a finite spin polarization (up to
100%) at the Fermi level. The kinetic energy driven mechanism results in an antiferromagnetic coupling between the delocalized Re 5d and localized Cr 3d electrons.
This model works only if the bandwidth is smaller than the exchange splitting ∆
and if the Fermi energy lies in the t2g band of the non-magnetic ion B 0 .
The above described model can be experimentally verified by investigating the
induced magnetic moment at the original non-magnetic B 0 site. For this purpose,
we performed x-ray magnetic circular dichroism (XMCD) measurements at the European Synchrotron Radiation Facility (ESRF) at beam line ID12 on different ferromagnetic double perovskites (A2 CrWO6 with A = Ca, Sr and Sr2 CrReO6 ). Using
this technique, the measurement of spin ms and orbital ml magnetic moments is
possible exploiting magneto-optical sum rules. Furthermore, since XMCD is an
element selective technique, the moments on the B 0 site can be obtained. The measurements were carried out on polycrystalline samples fabricated using an oxygengetter-controlled technique to ensure stoichiometric compounds [607], which was
established during this PhD thesis. More details on the XMCD technique and on
the sample preparation can be found in the PhD thesis of Petra Majewski [608] and
the diploma thesis of Oliver Sanganas [49].
The XMCD measurements indeed reveal a negative effective spin moment −ms
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Figure 7.13: (a) Negative effective spin moment −ms and (b) ratio between orbital
and spin contribution |ml /ms | as a function of the Curie temperature TC for different
ferromagnetic double perovskites [609, 610]. Data measured on the double perovskite
AA0 FeReO6 by other groups are also included in figures (a) and (b): open square
symbols AA0 FeReO6 with AA0 = Ba2 , BaSr, Sr2 , SrCa, Ca2 [611], open circle symbols
A2 FeReO6 with A = Ba, Sr, Ca [612].

on the W site in A2 CrWO6 (A = Ca, Sr) as well as on the Re site in the ferromagnetic double-perovskite Sr2 CrReO6 confirming the model suggested by Sarma
and Fang [609, 610]. Recently, Vaitheeswaran et al. argued that this Re moment
is induced and not intrinsic. However, a small but finite intrinsic spin moment at
the Re5+ of ms = 0.013 µB /f.u. was observed performing XMCD measurements using the double perovskite Sr2 ScReO6 with B = Sc being non-magnetic [612]. Since
this intrinsic moment is negligibly small in comparison with the induced moment,
the B 0 ion can still be denoted as non-magnetic. In Fig. 7.13(a), the effective spin
moment −ms is plotted versus the Curie temperature TC of each compound. From
this figure, a dependence of the macroscopic magnetic transition temperature TC
and the local magnetic moment −ms can be suggested. A large effective spin moment −ms at the original non-magnetic site should lead to a strengthening of the
magnetic interaction. This dependence was also observed in the double perovskite
system AA0 FeReO6 with AA0 = Ba2 , BaSr, Sr2 , SrCa, Ca2 by Sikora and coworkers
[611] (see inset of Fig. 7.13(a)). However, since the absolute values of ms and ml
depend strongly on the number of 5d holes as well as on the white line intensity
[608, 611], different experimental data derived by different groups on different compounds can hardly be compared. In contrast, the ratio between orbital and spin
contribution |ml /ms | is an independent quantity. Focusing on ferromagnetic double
perovskite compounds containing Re, which are the most promising in terms of high
TC , Fig. 7.13(b) reveals a linear dependence of |ml /ms | on TC . Surprisingly, the compound Ca2 FeReO6 fits nicely into this scaling law. Among the ferromagnetic double
perovskites, Ca2 FeReO6 which exhibits a highly monoclinically distorted crystal
structure [613], is regarded as exceptional compound [612], since it does not confirm
the accepted rule that a high Curie temperature is associated with an ideal cubic
double perovskites structure [614]. Therefore, in spite of the strong influence of hybridization and site occupation on the TC [615], these findings qualitatively support
the model of ferromagnetism mediated by itinerant minority spin carriers.
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Figure 7.14: (a) Magnetostriction λ|| − λ⊥ as a function of the applied magnetic field of
Sr2 CrReO6 . The data were recorded with decreasing the magnetic field strength from
+12 T to −12 T. (b) Saturation magnetostriction λs = 2/3 · (λ|| − λ) as a function of
temperature. Data were taken from Serrate et al. [490, 616].

Figure 7.13(b) reveals that the orbital moment ml of Re is not quenched due to
the crystal field. Therefore, a significant spin-orbit coupling of about 0.3 eV exists in
the Sr2 CrReO6 double perovskite leading to a splitting of the t2g energy levels [491].
As a consequence, a new ground state occurs with a finite orbital moment [602].
The finite spin-orbit coupling leads to a break-down of the half-metallic behavior in
Sr2 CrReO6 . However, the spin polarization was calculated to be 86% using density
functional calculations including spin-orbit coupling, which is still considerably high
[491].
As a consequence of the unquenched Re orbital moment, giant magnetostriction
effects were observed in polycrystalline Sr2 Fe1−x Crx ReO6 samples [616]. The magnetostriction constant of Sr2 CrReO6 as a function of the magnetic field strength
(λ|| − λ⊥ ) is shown in Fig. 7.14(a). The data were taken from Serrate and coworkers
[616]. Clearly, a high magnetostriction is visible, reflecting nicely the large orbital
moment in the Re atom in Sr2 CrReO6 . Furthermore, Fig. 7.14(a) reveals that the
magnetostriction does not saturate even at high magnetic fields of 12 T. Therefore, the saturation magnetostriction λs calculated at 12 T (see Fig. 7.14(b)) should
be considered as approximation. However, λs is three times larger than the value
measured for polycrystalline CoFe2 O4 but is less than half of Sr2 FeReO6 .15
On the theoretical side, recently, the first order magnetoelastic coupling coefficients Bi were calculated ab initio within the framework of the density-functional
theory for Sr2 CrReO6 by M. Komelj [617]. The calculations reveal that the magnetoelastic behavior of Sr2 CrReO6 is almost cubic-like, although the double-perovskite
Sr2 CrReO6 exhibits a tetragonal I4/m symmetry. Therefore, calculations of the
magnetoelastic effects of Sr2 CrReO6 on the basis of Eq. (6.4) with B1 = 70 MJ/m3
are justified. Since it was found that the magnetoelastic response is dominant along
the direction of the external magnetic field [617], no other components of the magnetoelastic coupling tensor Bijkl are considered in the following calculations of mag15

The up turn of the magnetostriction below 150 K can be attributed to an enhancement of the
magnetocrystalline anisotropy at low temperatures [616].
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Figure 7.15: Cross-sectional (a) low-magnification and (b) high resolution transmission
electron microscopy TEM images of a 76 nm thick Sr2 CrReO6 thin film fabricated on
a BaTiO3 substrate. The interface is marked by the white triangles. Furthermore, the
Re-Cr columns are indicated by white dashed lines. The measurements were performed
by Sven-Martin Hühne, Universität Bonn.

netoelastic effects.
In total, Sr2 CrReO6 is a suitable compound for the realization of extrinsic multiferroic hybrid structures exhibiting a giant magnetostrictive behavior as well as
a high Curie temperature of 635 K [489], well above room temperature. Moreover,
from the viewpoint of applications in the field of spintronics a high spin polarization
is desirable, which is fulfilled by Sr2 CrReO6 .
To realize Sr2 CrReO6 /BaTiO3 hybrid structures, the growth process for Sr2 CrReO6
thin films had to be optimized. First, the deposition on non-ferroelectric substrates
of SrTiO3 was established to obtain reference samples. Only few reports are available in the literature for the growth of Sr2 CrReO6 thin films on SrTiO3 substrates
[618–620] demonstrating the complicated growth process of high quality Sr2 CrReO6
thin films. Since the magnetic properties of ferromagnetic double perovskites are
strongly influenced by antisite defects [621], i.e., the occupation of B (B 0 ) sites with
B 0 (B) ions, not only a low mosaicity of Sr2 CrReO6 thin films but also a high degree
of sublattice order is essential. A substrate temperature of TS = 973 K and an oxygen pressure of 6.6 × 10−4 mbar as well as a laser fluence on the target of 2.0 J/cm2
and a repetition rate of 2 Hz during the laser ablation were found to be optimal.16
A detailed study on the growth process of Sr2 CrReO6 as well as the physical properties of Sr2 CrReO6 thin films can be found in the diploma thesis of Franz Czeschka
[623]. The same parameters were used for the growth of Sr2 CrReO6 /BaTiO3 hybrid
structures.
Sr2 CrReO6 thin films grow on BaTiO3 substrates in a homogeneous way with no
indications of columnar or textured structures, as evident from the cross-sectional
low-magnification transmission electron microscopy (TEM) image shown in
16

Oxygen seems to be essential to achieve a low density of antisite defects [622].
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Figure 7.16: High resolution x-ray diffraction of a 31 nm thick Sr2 CrReO6 (SCRO)
thin film grown on a BaTiO3 (001) (BTO) substrate ((a), (c), (e)) as well as a
76 nm thick Sr2 CrReO6 thin film deposited on SrTiO3 (001) (STO) ((b), (d)). In
(a), (b), and (c), reciprocal space maps around Sr2 CrReO6 (004) and Sr2 CrReO6 (116)
are shown, respectively. The Cr/Re sublattice order of Sr2 CrReO6 /SrTiO3 (d) and
Sr2 CrReO6 /BaTiO3 (e) can be inferred from the intensity ratio I(101) /I(404) of the
Sr2 CrReO6 (101) and Sr2 CrReO6 (404) reflections.

Fig. 7.15(a) recorded on a 76 nm thick Sr2 CrReO6 thin film. Furthermore the
high resolution TEM image reveal a well-defined interface between Sr2 CrReO6 and
BaTiO3 and a well ordered growth of Sr2 CrReO6 (see Fig. 7.15(b)). The lattice image contrast in the Sr2 CrReO6 thin films is clearly dominated by the Re-Cr columns,
i.e., the B and B 0 atoms in the double perovskite A2 BB 0 O6 structure, leading to
an arrangement marked by white dashed lines in Fig. 7.15(b). On the contrary, the
image contrast in the BaTiO3 substrate is predominantly caused by the Ba atoms
(A atoms in the perovskite ABO3 lattice). Therefore, a gradual shift of the dots
by half of the lattice parameter is observed at the interface proving the continuity
of the A and B/B 0 site positions. Hence, Sr2 CrReO6 grows on BaTiO3 with an
undisturbed transition of the oxygen sublattices.
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The structural properties of Sr2 CrReO6 thin films fabricated on BaTiO3 (001) and
SrTiO3 (001) substrates are summarized in Fig. 7.16. A tetragonal I4/m symmetry
is observed for both types of substrates from in-plane φ-scans, which are not shown
here [623]. The reciprocal space maps around Sr2 CrReO6 (004) reveal a crystalline
growth of Sr2 CrReO6 for both substrates (see Figs. 7.16(a) and (b)). However, a
large difference of the crystalline quality can be observed by recording qH00 -scans,
which are depicted in the upper panel of Figs. 7.16(a) and (b). In case of Sr2 CrReO6
grown on SrTiO3 substrates, the small full width at half maximum (FWHM) of
0.05◦ of the rocking curve of the Sr2 CrReO6 (004) reflections indicate a good epitaxial growth of Sr2 CrReO6 . In contrast, Sr2 CrReO6 thin films fabricated on BaTiO3
substrates exhibit a considerable mosaic spread expressed by a large FWHM of 0.6◦ .
Similar to Fe3 O4 /BaTiO3 hybrid structures, this high mosaic spread can be mainly
attributed to a considerable lattice mismatch of Sr2 CrReO6 thin films on BaTiO3
substrates and the multi-domain state of the BaTiO3 substrate during the measurement. The lattice mismatch of Sr2 CrReO6 thin films grown on SrTiO3 substrates
is only 0.6% at 973 K, while it is −2.6% for thin films grown on BaTiO3 [489].17
Therefore, the lattice mismatch is lower than for Fe3 O4 /BaTiO3 hybrid structures,
but still high enough to cause a high density of dislocations and a low critical thickness for pseudomorphic growth. Indeed, the critical thickness of Sr2 CrReO6 thin
films on BaTiO3 substrates is much lower than 76 nm [623]. The reciprocal space
map around the asymmetric (103) BaTiO3 reflection shown in Fig. 7.16(c) reveals
a distinct shift of the Sr2 CrReO6 (116) film peak with respect to the corresponding BaTiO3 substrate reflections. Therefore the 76 nm thick Sr2 CrReO6 thin film is
partially relaxed with lattice parameters of a = 0.561 nm and c = 0.788 nm. Another reason for the high mosaic spread can be found in the multi-domain state
of the BaTiO3 substrate. The reciprocal space map around the Sr2 CrReO6 (004)
reflection reveals a splitting of the BaTiO3 (002) peak into three reflections, which
unambiguously disclose the presence of c- and a-domains in the BaTiO3 substrate.
Therefore, a ferroelastic multi-domain state is present in the sample, which broadens
the FWHM (cf. Section 7.2.1).
However, Sr2 CrReO6 thin films grown on SrTiO3 as well as on BaTiO3 substrates
exhibit an ordered network of Cr and Re ions along the pseudo-cubic [111]pc direction. The Cr/Re sublattice order can be inferred from the intensity ratio of
I(101) /I(404) (see Figs. 7.16(c) and (d)), since the superstructure (101) reflection has
only a finite intensity in the presence of a finite amount of ordering. Using the
software PowderCell, the concentration of the antisite defects, i.e., the imperfection
created by interchanging Cr and Re ionic positions, as a function of the intensity
ratio I(101) /I(404) can be simulated [608]. Depending on the sample a sublattice
order of 20 % to 30 % was observed in Sr2 CrReO6 independent of the substrate
used. Therefore, the BaTiO3 substrate has only minor influence on the antisite
defects. Here, 50 % antisite disorder characterizes a fully disordered “double perovskite” ABO3 -AB 0 O3 alloy. Recently, Chakraverty et al. reported a new way to
control the B-site ordering in Sr2 CrReO6 thin films using the pulsed laser interval
17

A thermal expansion of 2 × 10−5 1/K [624] for Sr2 CrReO6 was used to calculate the lattice
constant at the growth temperature.
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Figure 7.17: Magnetic behavior of Sr2 CrReO6 thin films fabricated on BaTiO3 (001)
(BTO) (black full symbols) with a thickness of 70 nm and on SrTiO3 (001) (STO)
(31 nm) (gray open symbols) substrates. (a) Magnetization versus magnetic field measured at 300 K reveal similar magnetization values at 7 T but quite different coercive
fields of both thin films. (b) The temperature dependence of the magnetization discloses a low Curie temperature in case of the Sr2 CrReO6 /BaTiO3 hybrid structure.
The transition is marked by dashed lines. For comparison, the M (T ) curve of the
polycrystalline target material (p-SCRO) is also depicted in Fig. (b) (black open symbols). The available maximum temperature for magnetic measurements of thin films
is limited to 390 K due to experimental restrictions.

technique (cf. Section 4.2.2) [620]. However, they reached a sublattice ordering of
not less than 20 % in good agreement with our samples, which were fabricated with
the standard continuous growth mode.
Antisite defects drastically influence various physical properties of ferromagnetic
double perovskites, e.g. changing the band structure [625] and affecting the electronic, magnetic, and spin transport properties [626]. In particular, the magnetic
properties are highly dependent on the number of antisite defects. For instance,
the saturation magnetization is reduced in the presence of antisite defects. This
experimentally observed reduction mainly arises from an antiferromagnetic coupling
of B-O-B bonds in ferromagnetic double perovskites A2 BB 0 O6 [627]. Figure 7.17(a)
shows the magnetic hysteresis at 300 K for Sr2 CrReO6 thin films grown on either
SrTiO3 or BaTiO3 substrates. The S-shaped M (H) hysteresis curves reveal that the
saturation field µ0 Hsat is not reached at 7 T. This is in accordance with high-field
magnetization measurements, where a saturation field of around 20 T is observed
[628].18 The magnetic hardness accompanied by a strong magnetic anisotropy is
thought to be caused by the strong spin-orbit coupling of Re ions in Re-based double perovskites [490]. However, the difference in coercive fields of around 0.64 mT of
Sr2 CrReO6 thin films fabricated on BaTiO3 and SrTiO3 substrates reveal the sensitivity of the magnetic anisotropy of Sr2 CrReO6 to additional contributions such as
magnetoelasticity.
Figure 7.17(a) discloses saturation magnetization values of around Ms ≈ 22 kA/m,
which corresponds to 0.6 µB /f.u., of Sr2 CrReO6 thin films deposited on BaTiO3 as
18

The term “saturation magnetization”, as used herein, denotes the magnetization at a magnetic
field of 7 T. The difference between Msat and M (7 T) is of the order of 0.1 µB /f.u. [628].
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well as on SrTiO3 substrates. This confirms the results from the x-ray diffraction
measurements, which reveal a similar number of antisite defects in both cases. Theoretical calculations including spin-orbit coupling predicted Ms = 1.28 µB /f.u. for a
perfect sublattice order [491]. Assuming that Ms decreases about linearly with increasing antisite disorder [621], the measured saturation magnetization Ms translates
into an amount of antisite defects of less than 26%. This is in good agreement with
the measured value, since the calculation is valid only for 0 K. However, this simple model implies a vanishing magnetization for fully disordered double perovskites,
but this is not observed experimentally (e.g. Ref. [608]). Recent x-ray diffraction as
well as x-ray absorption fine structure experiments on the ferromagnetic double perovskite Sr2 FeMoO6 reveal the presence of a high degree of local order even in samples
with an absence of any long range sublattice order [629]. These findings may indicate
that the antisite defects are not randomly distributed over the whole sample, but segregated locally forming anti-phase boundaries [630]. Anti-phase boundaries are located in between two ordered double perovskite domains and are therefore driven by
an imperfection of the sublattice ordering. However, in double perovskite thin films
fabricated on perovskite substrates such as SrTiO3 and BaTiO3 , anti-phase boundaries can also be regarded as natural growth defects similar to Fe3 O4 thin films on
BaTiO3 substrates (cf. Section 7.2.1). In our Sr2 CrReO6 thin films on BaTiO3 substrates, the high resolution TEM image shown in Fig. 7.15(b) reveals that the square
dot array does not change crossing the interface between Sr2 CrReO6 and BaTiO3 .
This suggests that close to the interface the image contrast is not dominated by
the heavy Re atoms. Therefore, a high density of antisite defects might be located
at the thin film/substrate interface. The above mentioned anti-phase boundaries
are expected to affect the coercive field, since it was shown recently that magnetic
domain walls are mostly pinned to anti-phase boundaries in ferromagnetic double
perovskites [631]. However, the large increase of the coercive field of Sr2 CrReO6
thin films grown on BaTiO3 substrates (µ0 HcBTO = (0.90 ± 0.03) T) compared to
Sr2 CrReO6 thin films fabricated on SrTiO3 substrates (µ0 HcSTO = (0.26 ± 0.02) T)
visible in Fig. 7.17(a), might not be explained by anti-phase boundaries, because of
the similar amount of antisite defects. Since the measurements are carried out at
300 K, i.e., in the tetragonal phase of BaTiO3 , the difference in the coercive field
rather reflects a change of the magnetic anisotropy of the Sr2 CrReO6 thin film as a
function of the BaTiO3 strain state. Furthermore, the lower crystalline quality leads
to pinning effects of magnetic domains, which enhance the coercive field.
In contrast to the minor differences in the saturation magnetizations, the Curie
temperature TC clearly deviates in the two samples. The magnetization as a function of temperature is shown in Fig. 7.17(b). While Sr2 CrReO6 thin films grown
on SrTiO3 have transition temperatures well above 390 K, the Curie temperature
of Sr2 CrReO6 thin films fabricated on BaTiO3 substrates is expected to be around
400 K. Unfortunately, the available maximum temperature for magnetic measurements of thin films is limited to 390 K due to experimental restrictions. The M (T )
curve of the polycrystalline target material is also depicted in Fig. 7.17(b) for comparison, revealing a Curie temperature of 625 K. Since both Sr2 CrReO6 thin films
were fabricated under nominally identical conditions, the observed low Curie tem-
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Figure 7.18: (a) Magnetostriction constants and (b) elastic stiffness constants for Ni
and Fe50 Co50 (FeCo) alloy as a function of temperature. λ̄ denotes the isotropic
polycrystalline magnetostrictive strain. The data were taken from Ref. [635–637]. In
the temperature range of interest (150 K < T < 400 K), the magnetostrictive behavior
and the elastic constants can be fitted by straight lines (red dashed lines).

perature can mainly be attributed to the different strain state in the Sr2 CrReO6
thin film fabricated on BaTiO3 substrate [312].
In summary, Sr2 CrReO6 /BaTiO3 hybrids were successfully fabricated with high
structural and physical qualities. The difference in the magnetic properties compared
to Sr2 CrReO6 /SrTiO3 thin films suggests that the magnetization of Sr2 CrReO6 is
indeed highly sensitive to strain-related effects.

7.3 Polycrystalline ferromagnetic materials for
FM/BaTiO3 hybrid systems
For the realization of FM/BaTiO3 hybrid structures, not only epitaxial systems,
but also polycrystalline ferromagnetic thin films were used. These thin films with a
thickness ranging from 50 nm to 100 nm are deposited on BaTiO3 substrates using
electron beam evaporation described in Section 2.1. To prevent oxidation of these
ferromagnetic thin films, a 5 nm Au layer was deposited in-situ on top. Two different
ferromagnetic materials exhibiting different magnetostrictive behavior were studied
for FM/BaTiO3 hybrid structures.

7.3.1 Ni as ferromagnetic material
Along with iron and cobalt, nickel is one of the three elemental metals that are
ferromagnetic at room temperature. The 3d-transition itinerant ferromagnet exhibits a Curie temperature of TC = 627 K [632] and a saturation magnetization of
Ms = 493 kA/m [633]. Ni crystallizes in the face centered cubic (fcc) structure with
a lattice constant of aNi = 0.3524 nm [634].
The temperature dependence of the magnetostriction constant λ̄Ni as well as the
Ni
Ni
elastic stiffness constants (cNi
11 − c12 ) and c44 of polycrystalline Ni are displayed in
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Fig. 7.18. The magnetostriction constant of Ni is negative throughout the temperature range and the absolute value is comparable to Fe3 O4 . Due to the negative
magnetostriction constant of Ni, a compressive strain will result in a reduction of
the magnetic energy in the direction of the strain. In the temperature range of
interest (150 K < T < 400 K), the magnetostrictive behavior λ̄Ni (T ) as well as the
19
Ni
Ni
These
elastic constants (cNi
11 − c12 ) (T ) and c44 (T ) can be fitted by straight lines.
Ni
functions are used to calculate the magnetoelastic stress components B1 and B2Ni
using Eq. (6.5). For the case of isotropic magnetostriction, B1Ni and B2Ni results
in B1Ni = 5 MJ/m3 and B2Ni = 13 MJ/m3 at room temperature. As discussed in
Sec. 6.2.1, these values deviate in thin films due to possible strain dependence of
Bifilm . Tian and coworkers derived the following strain relation of Bieff for Ni thin
films [471]:
B1eff = (1.3 ± 1.0) MJ/m3 + (273 ± 197) MJ/m3 × k
B2eff = (6.6 ± 1.0) MJ/m3 − (408 ± 107) MJ/m3 × k .

(7.10)

Using Eq. (7.10), the effective Bieff values can be calculated to B1eff = (4 ± 3) MJ/m3
and B2eff = (2.5 ± 2) MJ/m3 by assuming an average in-plane strain of k = 0.01.
By comparing the effective Bieff values with the non-isotropic bulk magnetoelastic
stress components, a deviation in B2bulk is observed, while for B1bulk no conclusion
can be drawn due to the large experimental uncertainty. Thus, by calculating the
magnetoelastic stress components B1bulk and B2bulk using Eq. (6.5), a difference mainly
in B2bulk is expected due to the neglected strain dependence of Bi . As mentioned
in Section 6.2.1, a correction factor k is incorporated in Eq. (6.4) to account for
the deviation of Bifilm and Bibulk as well as possible non-ideal elastic coupling effects
between thin film and substrate.

7.3.2 Fe50 Co50 (FeCo) as ferromagnetic material
Iron-cobalt compounds (Fe1−x Cox ) exhibit the highest saturation magnetization of
all known magnetic alloys [638]. Although the maximum saturation magnetization
is obtained for x = 0.35, the highest magnetostriction constant along the [100]
−6
direction is achieved for x ≈ 0.5 (λFeCo
100 ≈ 150 × 10 ) [639]. Therefore, the alloy
Fe50 Co50 (FeCo) is another candidate as ferromagnetic constituent in FM/BaTiO3
hybrid structures. FeCo has a high Curie temperature of TC ≈ 1200 K [640] as well
as a large saturation magnetization of Ms = 1950 kA/m [380]. At room temperature,
it crystallizes in the body centered cubic (bcc) structure [641] with a lattice constant
of aFeCo = 0.2849 nm [640].
The temperature dependence of the magnetostriction constant of single crystalline FeCo measured along the cubic [100] direction is shown in Fig. 7.18(a)
[637]. In contrast to Ni, the magnetostriction constant of FeCo is positive. Therefore, a tensile strain reduces the magnetic energy in the direction of strain. Due
19 Ni
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to the lack of experimental data, the same temperature dependence of λFeCo
100 and
FeCo
λFeCo
was
assumed
to
calculated
the
isotropic
magnetostriction
constant
λ̄
(T ) =
111
2 FeCo
3 FeCo
α(T − 300 K) + 5 λ100 (300 K) + 5 λ111 (300 K), using the magnetostriction strains
FeCo
λFeCo
100 (300 K) and λ111 (300 K) measured by Hall et al. [639]. α is derived from the
linear regression in Fig. 7.18(a).20 Furthermore, the difference of the elastic stiffness
as a function of temperature is displayed in Fig. 7.18(b)
and cFeCo
constants cFeCo
12
11
21
is reported in the litera[637]. To our knowledge, no experimental data for cFeCo
44
FeCo
ture. For our purpose, the calculated value c44 = 158 × 1011 N/m2 [642] and the
same temperature dependence of cFeCo
− cFeCo
were used to derive cFeCo
11
12
44 (T ). With
the knowledge of these values, the magnetoelastic coupling constants BiFeCo can be
obtained in the bulk limit.

7.4 Summary
In the case of multiferroic composite structures with strain-mediated coupling, large
magnetoelectric effects are expected when combining piezoelectric materials with
strong piezoelectric responses with magnetostrictive compounds exhibiting large
magnetoelastic effects. These requirements are normally fulfilled by ferroelastic and
ferromagnetic materials, respectively.
In this thesis, BaTiO3 was chosen as the piezoelectric material, as it provides large
strain effects due to electrically addressable ferroelastic domain switching. Moreover,
BaTiO3 crystals exhibit different ferroelastic phases, which allows to investigate the
physical properties of the overlying magnetostrictive thin film under different strain
states by simply varying the temperature. To describe these effects in a quantitative
way, the strain state of BaTiO3 as a function of temperature and/or electric field
was calculated on the basis of an effective Hamiltonian (cf. Eq. (7.1)). The method
described in this chapter enables an ab initio like calculation of the strain tensor
of BaTiO3 even at finite temperatures, since it combines density functional theory and molecular dynamics simulations. The BaTiO3 strain tensor thus obtained
is the starting point for the simulation of magnetization changes in the overlying
ferromagnetic thin film (cf. Section 6.2).
Various ferromagnetic material systems offering different magnetoelastic behavior were applied for the strain-mediated composite structures. In particular, Fe3 O4
and Sr2 CrReO6 thin films were used for epitaxial composite structures and polycrystalline Ni as well as Fe50 Co50 thin films for non-epitaxial ones. Fe3 O4 is known
since ancient times. However, up to now, the low temperature behavior is still
discussed controversially. Since an electrically controllable finite polarization was
observed below around 40 K, Fe3 O4 seems to be not only the oldest magnetic material but also the first magnetoelectric material known to mankind. In this part
of the thesis, Fe3 O4 is treated as “single-ferroic” ferromagnetic material. To realize multiferroic composite hybrid structures, Fe3 O4 thin films were deposited onto
In total, λ̄(T ) can be expressed as λ̄FeCo (T ) = 78 × 10−6 + 0.095 × 10−6 (T − 300 K) for polycrystalline FeCo.
21
The linear fit in Fig. 7.18(b) yields cFeCo
− cFeCo
= 1.25 × 1011 N/m2 − 2.73 × 107 N/(m2 K) · T .
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BaTiO3 substrates. As evident from the time evolution of the intensity recorded
at the (0 0) RHEED reflection, the growth of Fe3 O4 can be divided into an almost
amorphous growth at the beginning, which evolves into a three-dimensional crystalline deposition. At the end, a two-dimensional layer-by-layer growth mode is
achieved. This growth behavior is mainly caused by the high lattice mismatch of
Fe3 O4 and BaTiO3 of 4.7% and certainly influences the physical properties of these
thin films. While a low surface roughness of around 0.8 nmRMS was detected, a much
larger mosaic spread was observed in Fe3 O4 /BaTiO3 structures compared to Fe3 O4
thin films deposited on lattice matched MgO substrates. However, the magnetic
properties revealed a distinct Verwey transition, which is a hallmark for the correct
iron-oxygen phase, as well as a high saturation magnetization close to the theoretical value. Therefore, we achieved to fabricate Fe3 O4 /BaTiO3 hybrid structures
with acceptable crystalline quality and satisfying physical properties.
In addition to Fe3 O4 , the ferromagnetic double perovskite Sr2 CrReO6 was used
as a material system for epitaxial composite structures based on BaTiO3 . As
Sr2 CrReO6 combines a high Curie temperature of around 635 K, which is caused
by a generalized double exchange model, and a predicted large spin polarization at
the Fermi level, this compound is an ideal candidate for new materials in the field
of spin-electronic devices. In the course of this thesis, Sr2 CrReO6 thin films were
fabricated on SrTiO3 substrates as well as for the first time on BaTiO3 . Since the
physical properties of Sr2 CrReO6 are strongly dependent on anti-site defects, i.e.,
the imperfection created by interchanging Cr and Re in the Sr2 CrReO6 lattice, much
efforts were devoted to realize Sr2 CrReO6 thin films exhibiting a highly ordered network of Cr and Re ions accompanied with excellent magnetic properties. However,
in analogy to Fe3 O4 /BaTiO3 hybrids, the crystalline quality of Sr2 CrReO6 thin films
on BaTiO3 is much lower than for Sr2 CrReO6 thin films deposited on lattice matched
SrTiO3 substrates due to the high lattice mismatch of −2.6%.
Besides crystalline multiferroic composite structures, non-epitaxial hybrids were
fabricated using polycrystalline Ni and Fe50 Co50 thin films.
In the following, these material systems are investigated with respect to strainmediated magnetoelectric effects.

Chapter 8
FM/BaTiO3 multiferroic composite
hybrid systems
Strain-mediated multiferroic composite hybrid structures based on BaTiO3 as a ferroelastic substrate material offer a wide range of opportunities to tune the magnetic
properties of a ferromagnetic (FM) thin film layer. A free-standing FM/BaTiO3
bilayer should allow for large magnetoelectric effects, since, in principle, the strain
imposed by the BaTiO3 substrate is transferred to the ferromagnetic layer without
constraints (cf. Fig. 6.2). Moreover, by employing the different ferroelastic phases
of BaTiO3 , the physical properties of one and the same ferromagnetic layer under different strain conditions can be studied by simply varying the temperature.
However, as the following chapter will demonstrate, the physical properties of ferromagnetic thin films in FM/BaTiO3 are highly dependent on the ferroelastic domain
configuration of BaTiO3 . Therefore, the control of ferroelastic domains in BaTiO3
is a prerequisite for a quantitative discussion of such strain-mediated multiferroic
composite systems. For instance, biasing electric fields can be used to alter and control the coupled ferroelectric/ferroelastic domain pattern in BaTiO3 . Furthermore,
the number of ferroelastic domain variants can be reduced by applying electric fields
along a nonpolar axis. By using miscut BaTiO3 substrates, the formation of specific domains is preferred in each ferroelectric/ferroelastic phase of BaTiO3 . As it
was demonstrated in the previous chapter, the strain tensor of BaTiO3 can be well
calculated for temperatures lower than Texp. = 300 K by using molecular dynamic
simulations. This allows to simulate the temperature dependence and electric field
dependence of the magnetic behavior of FM/BaTiO3 hybrid structures in an ab
initio manner.
In this chapter, we present a detailed investigation on the temperature and electric
field dependence of the magnetization of FM/BaTiO3 hybrid structures.

8.1 FM/BaTiO3 without ferroelastic domain control
As discussed in Section 7.1, BaTiO3 exhibits different ferroelectric/ferroelastic phases,
which allow to study the physical properties of a thin film clamped on BaTiO3 substrates under different strain states [447]. In particular, the phase transitions between different ferroelectric phases in BaTiO3 impose large strain changes into the
overlying ferromagnetic thin film. In other words, elastic deformations of the lattice
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Figure 8.1: X-ray diffraction measurements as a function of temperature of a 76 nm
thick Sr2 CrReO6 film deposited on a (001) oriented BaTiO3 substrate. (a) q00L line
scans around the Sr2 CrReO6 (004) reflection are shown. The reciprocal lattice units
(rlu) are calculated with respect to the BaTiO3 (002) reflection at 440 K. The slight
reduction of the intensity below 300 K is caused by the use of the low temperature
sample stage described in Section 2.1.3. (b) Lattice constants a (full circles) and c
(full squares) of Sr2 CrReO6 (blue) and BaTiO3 (black) as a function of temperature
reveal distinct changes at the phase transitions. The evolution of the out-of-plane
Sr2 CrReO6 lattice constant cSCRO was calculated for T ≤ 300 K, by using the average
Poisson ratio ν SCRO = 0.22 and (i) the measured out-of-plane constant cBTO of the
BaTiO3 substrate (red dashed line) as well as (ii) the calculated strain tensor of BaTiO3
from molecular dynamics simulations (green dashed line). Both agree well with the
experimental data. For the molecular dynamics simulation, the temperature axis was
shifted to coincide with the experimental data.

of epitaxially grown thin films are expected as a function of temperature, which
should alter their physical properties.

8.1.1 Elastic deformation of Sr2 CrReO6 /BaTiO3 hybrid
structures
The elastic deformation of epitaxial FM/BaTiO3 hybrids was investigated as a function of temperature by x-ray diffraction measurements (XRD) using the home-made
temperature stage described in Section 2.1.3.
Figure 8.1 shows XRD measurements of a Sr2 CrReO6 /BaTiO3 hybrid structure
at different temperatures between 180 K and 440 K. The q00L line scans around the
Sr2 CrReO6 (004) reflection reveal distinct changes of the Sr2 CrReO6 (004) peak positions when crossing the phase transitions of BaTiO3 (see Fig. 8.1(a)). From the
q00L values of both the BaTiO3 substrate reflection as well as the Sr2 CrReO6 (004)
peak position, the out-of-plane lattice constant cSCRO can be calculated assuming a
tetragonal symmetry of Sr2 CrReO6 in the whole temperature range. The in-plane
lattice constant of Sr2 CrReO6 was derived by measuring the Sr2 CrReO6 (116) reflection. The lattice parameters of the BaTiO3 substrate aBTO and cBTO nicely follow
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the bulk behavior shown in Fig. 7.1(a). From the change of the in-plane constants
aBTO and aSCRO crossing the cubic-tetragonal phase transition, a nearly ideal elastic
coupling between the BaTiO3 substrate and the Sr2 CrReO6 thin film can be observed, since both lattice parameters change by about −0.2%. Therefore, in spite
of the partial relaxation of the Sr2 CrReO6 thin film during deposition, the change
in the lattice parameter of the ferroelectric substrate is almost perfectly transferred
into the overlying Sr2 CrReO6 thin film. Furthermore, considering the change of the
in-plane aSCRO (aBTO ) and out-of-plane cSCRO (cBTO ) lattice constants of Sr2 CrReO6
(BaTiO3 ) in the cubic and tetragonal phase of BaTiO3 , an average Poisson ratio of
ν SCRO = 0.22 and ν BTO = 0.30 can be calculated. The value for BaTiO3 is close
to ν = 0.29 reported by Don Berlincourt and coworkers [643]. Neglecting a temperature dependence of the Poisson ratio and shear strains in the orthorhombic and
rhombohedral phase, the relative change of the out-of-plane lattice constant cSCRO
of Sr2 CrReO6 for temperatures lower than 300 K can be calculated employing the
out-of-plane constant cBTO of the BaTiO3 substrate as well as the average Poisson
ratios ν SCRO and ν BTO (see red dashed line in Fig. 8.1(b)). In spite of the above
assumptions and neglecting ferroelectric domains, the temperature behavior of the
Sr2 CrReO6 lattice can be well simulated, which further proves a good elastic coupling
of the ferroelectric BaTiO3 substrate and the Sr2 CrReO6 thin film. Furthermore,
by using ab initio calculations on the basis of molecular dynamics simulations of the
strain tensor of BaTiO3 (see Fig. 7.2), the temperature evolution of the out-of-plane
lattice constant cSCRO can be calculated (green dashed line in Fig. 8.1(b)).1 Clearly
the elastic deformation of ferromagnetic thin films in FM/BaTiO3 hybrids can be
derived within ab initio calculations. This confirms that the low temperature evolution of the elastic deformation can be well described by the molecular dynamics
simulation presented in Section 7.1.

8.1.2 Modification of the physical properties of FM/BaTiO3
hybrid structures
Figure 8.1 reveals abrupt changes of the lattice constants of Sr2 CrReO6 at the phase
transitions of BaTiO3 . Therefore, whenever the BaTiO3 substrate undergoes a structural phase transition, the associated change of the lattice parameters should have a
substantial effect on the electronic and magnetic properties of a ferromagnetic thin
film clamped to its surface.
Modification of the physical properties of Sr2 CrReO6 /BaTiO3 hybrids
Fig. 8.2(a) shows the temperature dependence of the longitudinal resistance R(T )
of a 70 nm thick Sr2 CrReO6 thin film grown on BaTiO3 measured at zero external magnetic field µ0 H = 0 T. The Sr2 CrReO6 thin film was patterned into a
375 µm long and 50 µm wide Hall bar and the resistance was recorded in a standard
four-point measurement. Upon cooling the Sr2 CrReO6 /BaTiO3 hybrid structure
1

For the molecular dynamics simulation, the temperature axis was shifted to coincide with the
experimental data.
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Figure 8.2: (a) Temperature dependence of the longitudinal resistance R(T ) of a 70 nm
thick Sr2 CrReO6 film grown on BaTiO3 measured at an external magnetic field of
µ0 H = 0 T (full symbols) and µ0 H = 14 T applied out of the film plane (dashed lines)
while cooling (blue curve) and heating (red curve) of the Sr2 CrReO6 /BaTiO3 hybrid
structure. (b) Temperature evolution of the magnetization projection M along an external magnetic field µ0 H = 1 T. The magnetic field was applied in the Sr2 CrReO6
film plane. Due to the first order nature of the structural transitions of the BaTiO3
substrate, thermal hysteresis are observed in the temperature dependence of the resistance and the magnetization.

from 320 K (blue curve), the resistance increases slightly until it suddenly drops
at the tetragonal-orthorhombic phase transition of BaTiO3 at around 285 K. Between 285 K and 191 K the resistance again increases continuously until it jumps
to higher values at 191 K, i.e., at the temperature at which the BaTiO3 substrate
becomes rhombohedral. Below 191 K, the resistance increases continuously again.
The temperature dependent resistance measured during heating of the sample (red
curve) almost reproduces the described behavior. In particular, the difference in the
resistance for heating and cooling is negligibly small in the temperature range of
the tetragonal and rhombohedral phase of the BaTiO3 substrate. This proves that
cracking of the BaTiO3 substrate and thus of the Sr2 CrReO6 thin film due to the
large changes in strain does not explain the abrupt jumps observed in the resistance.
The same measurement was also carried out at µ0 H = 14 T orthogonal to the film
plane (cf. dashed lines in Fig. 8.2(a)). Interestingly, only the resistance values in
the orthorhombic phase depend strongly on the magnetic field as well as on heating
or cooling of the sample. This can be attributed to different ratios of ferroelastic o12 , o23 , and o13 orthorhombic domains in the BaTiO3 substrate depending on
whether the previous phase was rhombohedral or tetragonal (see Fig. 7.1) [644]. The
resistance jumps evident in Fig. 8.2(a) are as large as 5.0 % at the rhombohedralorthorhombic phase transition and 4.2 % at the orthorhombic-tetragonal phase transition of the BaTiO3 substrate.
The change of electrical resistance as a function of the applied stress or transferred
strain in FM/BaTiO3 hybrids is commonly known as piezoresistance effect [645, 646].
Following Parker et al. [647], the electric resistance R is given by R = ρ · l/A, where
ρ denotes the resistivity of Sr2 CrReO6 , l the length of the Hall bar, and A the crosssectional area. If the BaTiO3 substrate undergoes a structural phase transition, the
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change in resistance ∆R/R of the Hall bar in the elastic limit is
∆R
∆ρ ∆A ∆l
∆l ∆ρ
=
−
+
= (1 + 2ν)
+
,
R
ρ
A
l
l
ρ

(8.1)

where ν denotes the Poisson ratio of an isotropic material. By using the strain
component along the direction of the Hall bar xx , Eq. (8.1) can be expressed as
γ=

1 ∆R
1 ∆ρ
= (1 + 2ν) +
= (1 + 2ν) + ρ .
R xx
ρ xx

(8.2)

γ is commonly termed as gauge factor and ρ as the strain coefficient of resistivity. Equations (8.2) and (8.1) indicate that the change in resistance is due to two
different effects. The term (1 + 2ν) represents a purely geometrical effect, which
corresponds to an increase (decrease) in length, and a decrease (increase) in the
cross-sectional area for xx > 0 (xx < 0). The second term ρ is caused by physical
effects, since it describes changes in the resistivity of the material as a function of
strain. Using the average Poisson ratio ν SCRO = 0.22 of Sr2 CrReO6 , the geometrical
term (1 + 2ν) yields 1.44. Since the maximum negative strain can be estimated
to be xx = −0.011 due to a1 → o23 ferroelastic domain transitions of BaTiO3
at the orthorhombic-tetragonal phase transition (see Fig. 7.2 and Fig. 7.1), pure
= 1.6%, cannot explain the large regeometric effects, which are smaller than ∆R
R
sistance jumps shown in Fig. 8.2(a) [447]. Therefore, ρ plays an important role in
Sr2 CrReO6 . Some possible mechanisms for the piezoresistivity term are discussed in
Refs. [646–649], such as the alteration in the electron-scattering probability and the
modification of the electronic structure. Furthermore, in thin films with thickness
smaller than the mean free path of the electrons, the gauge factor increases sharply
and is strongly affected by the surface morphology [650]. While for non-magnetic
metals the strain-resistance curve is linear and mainly dominated by geometric effects, the zero-field strain-resistance curve for magnetic materials is highly non-linear
due to domain-rotation and the anisotropic magnetoresistance effects [647, 651, 652].
For ferromagnetic materials with positive magnetostriction, such as Sr2 CrReO6 , an
applied tensile strain causes magnetic domain reorientation such that the direction
of the magnetization is parallel to the strain direction and a change in R is observed. However, since Fig. 8.2(a) reveals that the largest variation of the resistivity
is observed at an external magnetic field of µ0 H = 14 T, where the magnetization is
nearly saturated [628], these effects are not the main reason for the resistivity variation at the phase transitions. On the other hand, similar to the class of manganites
[653], ferromagnetic double perovskites are highly sensitive to distortions of the crystal and thus to changes in the orbital overlap [614]. Therefore, the strength of the
magnetic and electronic interaction in Sr2 CrReO6 is expected to be dependent on the
length and angle of the Cr-O-Re bonds. We therefore mainly attribute the observed
changes in the temperature dependent resistance to strain induced modifications of
the orbital overlap in Sr2 CrReO6 .
Since the ferromagnetic interaction in Sr2 CrReO6 is mediated by minority spin
electrons (see Sec. 7.2.2), the strain induced changes of the orbital overlap should also
affect the hopping integral and thus the magnetic properties. Fig. 8.2(b) displays
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Figure 8.3: (a)-(d) Magnetic hysteresis M (H) measured at different temperatures
(290 K, 270 K, and 180 K) and orientations of the external magnetic field. The magnetic field was aligned along the pseudo-cubic [100]pc , [110]pc , and [001]pc directions
of Sr2 CrReO6 . (a) shows M (H) loops at different temperatures with the external field
applied along the pseudo-cubic Sr2 CrReO6 [100]pc direction and (b)-(d) the projection
of the magnetization M along the external magnetic field H measured under different
orientations of µ0 H.

the evolution of the magnetization M as a function of temperature T during cooling
(blue curve) and heating (red curve) in an external magnetic field of µ0 H = 1 T
applied along the pseudo-cubic [100]pc in-plane direction of Sr2 CrReO6 . Just as
ρxx (T ), the projection M of the magnetization along the external magnetic field
µ0 H abruptly changes its magnitude at the phase transitions of BaTiO3 . These
modifications can be caused by strain induced changes of the magnetic interaction
as well as variations of the magnetic anisotropy. The former alters the saturation
magnetization Ms , while the latter mainly changes the shape of magnetic hysteresis
loops M (H). Since the Sr2 CrReO6 thin film is not magnetically saturated at an
external field of µ0 H = 1 T, the difference of the initial and final magnetization
values at 310 K can be attributed to changes of the magnetic domain structure due
to magnetoelastic effects [654].
To distinguish between the variation of the magnetic anisotropy and the magnetic interaction caused by imposed strain effects, the magnetic field dependence of
the magnetization M (H) was measured at different temperatures, i.e., in the three
different ferroelastic phases of the BaTiO3 substrate. The evolution of the magnetization projection M along the pseudo-cubic [100]pc direction of the Sr2 CrReO6 thin
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films recorded in the tetragonal (T = 290 K), orthorhombic (T = 270 K), and rhombohedral phase (T = 180 K) of BaTiO3 are shown in Fig. 8.3(a). The M (H) loops
look very similar except for the absolute value of the magnetization at a magnetic
field of µ0 H = 7 T, which is denoted in the following as saturation magnetization
(see footnote on page 186). The saturation magnetization reaches its maximum at
T = 180 K, while a lower saturation magnetization is observed at T = 290 K and at
T = 270 K. This further suggests a weakening of the magnetic interaction due to
imposed strain effects mainly in the temperature range of the orthorhombic phase of
BaTiO3 . However, the shape of the magnetic hysteresis loops indicate no significant
changes of the magnetic anisotropy along this direction. To investigate the magnetic
anisotropy in more detail, the projections of the magnetization along three different
orientations were measured. Figures 8.3(b)-(d) display M (H) loops for the external
magnetic field applied along the pseudo-cubic [100]pc , [110]pc , and [001]pc directions
of the Sr2 CrReO6 thin film recorded in three different ferroelastic phases of BaTiO3 .
Clearly, large differences in the shape of the M (H) loops are visible. In particular,
at T = 270 K, a huge difference in the coercive fields of around 0.9 T can be observed
for external magnetic fields applied in-plane. In contrast, in the tetragonal phase
of BaTiO3 at 290 K (see Fig. 8.3(b)), the measurements along [100]pc and [110]pc
reveal a negligible in-plane anisotropy of the Sr2 CrReO6 thin film. A similar dependence is visible in the rhombohedral phase measured at T = 180 K (see Fig. 8.3(d)).
Since the possible four ferroelastic BaTiO3 -domains in the rhombohedral phase (see
Fig. 7.1) are present with equal probability without any external field applied, the
strain imposed into the Sr2 CrReO6 thin film is isotropic in the plane. Therefore,
Sr2 CrReO6 thin films fabricated on BaTiO3 seem to have no in-plane crystalline
anisotropy. This is in contrast to Sr2 CrReO6 thin films deposited on SrTiO3 substrates, where a complicated magnetic anisotropy was found (see the diploma thesis
of Franz Czeschka [623] for more details). Furthermore, in the rhombohedral phase
of the BaTiO3 substrate, the out-of-plane hysteresis loop (H k [001]pc ) agrees well
with the in-plane measurements. This suggests that the magnetic behavior of the
Sr2 CrReO6 is isotropic, with no evidence of shape anisotropy. Thus, the magnetoelastic energy contribution balances out the anisotropy caused by demagnetization
fields. However, since the saturation magnetization of Sr2 CrReO6 (Ms ≈ 22 kA/m)
is low compared to normal magnetic materials like Fe3 O4 or Ni and on the other
hand the magnetoelastic coupling is strong, a small isotropic strain of less than
11 = 22 = 0.0022% is enough to overcome the demagnetization energy. Using the
vanishing magnetic anisotropy of Sr2 CrReO6 in the rhombohedral phase of BaTiO3
as a new starting point, the tremendous in-plane anisotropy measured at T = 270 K
in the orthorhombic phase of BaTiO3 , which becomes apparent by large difference
in the coercive fields of the in-plane M (H) loops (cf. Fig. 8.3(c)), can be explained
by the presence of different ferroelastic domains in the BaTiO3 substrate.
Figure 8.4 shows the results of M (H)-simulations along [100]pc , [110]pc , and [001]pc
of Sr2 CrReO6 thin films on top of different ferroelastic BaTiO3 -domains by minimizing the modified thermodynamic potential g̃ (m) (cf. Section 6.2.1) with respect to the
direction of the magnetization assuming a magnetic single domain state in a StonerWohlfarth type of approach. The strain tensors of the ferromagnetic thin film SCRO
ij
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Figure 8.4: M (H)-simulations along [100]pc , [110]pc , and [001]pc of Sr2 CrReO6 thin
films on top of different ferroelastic BaTiO3 -domains in the (a) tetragonal and (b)
orthorhombic phase by minimizing the modified thermodynamic potential g̃ (m) with
respect to the direction of the magnetization mi assuming a magnetic single domain
state in a Stoner-Wohlfarth type of approach. The M (H) loops along [100]pc and
[110]pc are indistinguishable in case of c- as well as o12 -domains. To account for the
finite coercive field for the simulation of c- as well as o12 -domains, an energy barrier of
∆E/Ms = 900 mT was used to describe pinning and domain wall formation energies
(see Appendix B).

were calculated using the results of molecular dynamics simulations (cf. Fig. 7.2) as
well as the average Poisson ratio of 0.22 (cf. Fig. 8.1). The calculations yield the
following strain tensors in the orthorhombic phase for different ferroelastic domains


SCRO
r→o12




−0.019
0
0
−0.012
0
0
 ; SCRO

.
0
−0.019
0
0
−0.019
0
=
r→o13 =
0
0
+0.009
0
0
+0.011
(8.3)

The components of the strain tensors are calculated with respect to the rhombohedral phase and shear strains were neglected (12 = 13 = 23 = 0). Furthermore, the
strain tensor SCRO
r→o23 for the ferroelastic domain transition r → o23 can be obtained
by interchanging the strain components SCRO
and SCRO
in SCRO
11
22
r→o13 . In the same way,
the strain tensors for different ferroelastic domains in the tetragonal symmetry are
derived as follows:
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SCRO
r→c




−0.018
0
0
−0.008
0
0

 ; SCRO
.
0
−0.018
0
0
−0.018
0
=
r→a1 =
0
0
+0.010
0
0
+0.010
(8.4)

SCRO
Again, for SCRO
and SCRO
in SCRO
r→a2 , the strain components 11
22
r→a1 were interchanged.
For the magnetoelastic calculation, the magnetoelastic coupling strength was weaken
by a factor of k = 0.1 (cf. Section 6.2.3), which describes an incomplete elastic strain
coupling of the Sr2 CrReO6 thin film on the BaTiO3 substrate. Moreover, the process
of the magnetization reversal was simulated by assuming a pinning and domain wall
formation energy of ∆E/Ms = 900 mT.2 Since the M (H) simulations depicted in
Fig. 8.4 are based on numerous assumptions, the M (H) loops should be considered
as predictions of the magnetic properties of Sr2 CrReO6 thin films under different
strain states imposed by the BaTiO3 substrate.
Figure 8.4 reveals that the isotropic in-plane anisotropy measured in the tetragonal
phase at T = 290 K suggests a minor concentration of BaTiO3 a-domains in this
BaTiO3 substrate. Since a1 (a2 )-domains force the Sr2 CrReO6 thin film to elongate
along the [100]pc ([010]pc ) direction, the magnetic energy increases in the [100]pc
([010]pc ) direction and decreases along the [010]pc ([100]pc ) direction due to the
positive value of Bi (cf. Section 7.2.2). a1 (a2 )-domains would therefore induce an
easy direction of the magnetization along [010]pc ([100]pc ). In contrast, the magnetic
behavior of Sr2 CrReO6 thin film on top of c-domains is isotropic. Thus, Figure 8.3(b)
and Fig. 8.4(a) suggest that the BaTiO3 substrate is dominated by ferroelastic cdomains in the tetragonal phase. The finite coercive field measured in the tetragonal
phase is evidence of pinning effects (see Appendix B). In the [001]pc direction, no
magnetic saturation is observed. Therefore, removing the diamagnetic contribution
by subtracting a straight line (cf. Section 2.3.1) does not seem to be the correct way,
since the magnetic response of the Sr2 CrReO6 thin film is also affected. This might
explain the low saturation magnetization visible in Figure 8.3(b) along [001]pc . In
the orthorhombic phase, the difference of the coercive fields measured along [100]pc
and [110]pc at T = 270 K might be explained by Sr2 CrReO6 thin film areas, which
are clamped to BaTiO3 o23 -domains (cf. Fig. 8.3(c) and Fig. 8.4(b)). However,
since no electric field nor any elastic stress was applied on the Sr2 CrReO6 /BaTiO3
hybrid during the measurement, a ferroelastic multi-domain state is expected in each
phase of the BaTiO3 substrate. Therefore, the measured overall magnetization is the
summation of the volume normalized magnetic moments stemming from Sr2 CrReO6
thin film regions on top of different ferroelastic domains, i.e., the weighted sum
over the M (H) hysteresis loops displayed in Fig. 8.4. Thus, even if we assume a
magnetic single domain state in each region, different ferroelastic domains present in
the BaTiO3 substrate produce a magnetically heterogeneous state in the overlying
ferromagnetic thin film due to magnetoelastic effects. To explain the magnetic field
dependence of the magnetization shown in Fig. 8.3 in a quantitative manner, the
knowledge of the ferroelastic domain pattern is essential.
2

For more details on the simulation of magnetic hysteresis loops, see see Appendix B.
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Figure 8.5: Ferromagnetic resonance (FMR) measurements on a Fe3 O4 /BaTiO3 hybrid:
(a) X-band FMR spectra as a function of temperature with the external static magnetic
field H0 applied along the pseudo-cubic [100]pc direction of Fe3 O4 , (b) temperature
dependence of ferromagnetic resonance fields µ0 Hres derived from FMR measurements
with H 0 k [100]pc and H 0 k [010]pc as well as the FMR line width µ0 ∆Hpp (T ) for
H 0 k [100]pc .

Magnetoelastic effects in Fe3 O4 /BaTiO3 hybrid structures
Not only in Sr2 CrReO6 thin films deposited on BaTiO3 but also in Fe3 O4 /BaTiO3
hybrids, a change of the magnetic anisotropy is observable. In Fig. 8.5, temperature
dependent ferromagnetic resonance (FMR) measurements with the external static
magnetic field applied along the pseudo-cubic [100]pc and [010]pc in-plane directions
of Fe3 O4 are shown. The FMR measurements were carried out at a microwave frequency of 9.3 GHz using a Bruker ESP 300 spin resonance spectrometer described
in Section 2.3.2. Furthermore, a nitrogen cryostat was used to vary the temperature
of the Fe3 O4 /BaTiO3 hybrid. The measurement series displayed in Fig. 8.5 was
performed while decreasing the temperature from 333 K to 153 K. This temperature interval encloses all three ferroelastic BaTiO3 phases. Each single spectrum
shows one broad line around 100 mT, which can be identified as a ferromagnetic resonance of Fe3 O4 . Several electron paramagnetic spin resonance (EPR) lines caused
by mainly Mn, Fe, and Co impurities in the BaTiO3 substrate are further observed
[655]. To investigate the change of the magnetic in-plane anisotropy of the Fe3 O4
thin film with respect to the different ferroelastic phases of BaTiO3 , the FMR resonance fields µ0 Hres are extracted by fitting the spectra with the first derivative of
a Lorentzian line. The FMR resonance fields µ0 Hres are shown in Fig. 8.5(b) as a
function of temperature for two different orientations of the external static magnetic
field. Discontinuous shifts of µ0 Hres at the phase transitions of BaTiO3 can be clearly
observed. By comparing the resonance fields of both orientations, large changes of
the in-plane magnetic anisotropy in Fe3 O4 /BaTiO3 hybrids become evident. While
the FMR resonance fields obtained by aligning the external magnetic field along
[100]pc and [010]pc coincide below 185 K, i.e., in the rhombohedral phase of BaTiO3 ,
a clear difference is observed in the orthorhombic and tetragonal phase. This indicates the presence of an additional uniaxial magnetic anisotropy due to magnetoelastic effects caused by orthorhombic o13 - and o23 -domains as well as tetragonal
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a1 - and a2 -domains. By analyzing the line width of the ferromagnetic resonance
µ0 ∆Hpp , a distinct temperature dependence is observed (see Fig. 8.5(b)). The line
width is considerably reduced in the orthorhombic phase of the BaTiO3 substrate.
However, the absolute value of µ0 ∆Hpp is around three times larger than for Fe3 O4
thin films grown on lattice matched MgO substrates [656]. This can be explained by
expressing the line width as a sum over the intrinsic damping of the magnetization
(homogeneous contribution) and extrinsic effects caused by inhomogeneities of the
sample. The inhomogeneous contributions arise from sample imperfections, such as
mosaic structures and defects. Since the mosaic spread is much higher in Fe3 O4
thin films grown on BaTiO3 substrates than on lattice matched MgO substrates,
the enhancement of the line width can be mainly attributed to crystalline defects.
Furthermore, the line width is also highly sensitive to internal stresses [657, 658].
In the orthorhombic phase, the BaTiO3 substrate is expected to be highly twinned
[535]. Surprisingly, the line width is smaller in the orthorhombic phase compared to
the rhombohedral and tetragonal phases. However, no detailed conclusion can be
drawn on this matter without the detailed knowledge of the domain configuration
in the BaTiO3 substrate. Different ferroelastic domains present in the BaTiO3 substrate at a given temperature induce different amounts of strain into the Fe3 O4 thin
film, which leads to different FMR lines overlapping each other. However, the large
line width of the ferromagnetic resonance in Fe3 O4 /BaTiO3 hybrid samples prevents
a separation of these individual FMR lines. Therefore, the ferromagnetic resonance
fields µ0 Hres displayed in Fig. 8.5(b) can be interpreted as indicator for an averaged
magnetic anisotropy in the Fe3 O4 thin film. To resolve this issue, a full control of
the ferroelastic domain configuration is mandatory.
BaTiO3 based hybrid structure using polycrystalline ferromagnetic thin
films
In FM/BaTiO3 hybrids using polycrystalline ferromagnetic thin films, the situation is even more complicated. In these samples, the ferromagnetic thin film was
deposited at room temperature on the BaTiO3 substrate. At this temperature,
the BaTiO3 substrates exhibit a certain ferroelastic domain structure on which the
ferromagnetic thin film is deposited in an unstrained state. The detailed domain
structure of the BaTiO3 substrate during the fabrication process is unknown, since
no external fields can be applied during the deposition. Therefore, the starting point
for the description of strain-mediated changes of the magnetization in FM/BaTiO3
hybrids is also unknown. However, changes of the magnetic anisotropy can be observed in polycrystalline ferromagnetic thin films deposited on BaTiO3 substrates.
As an example, Figure 8.6 shows the result of angle-dependent magnetoresistance
(ADMR) measurements carried out in Ni/BaTiO3 hybrids at 300 K (see Figs. 8.6(a)
and (b)), i.e., in the tetragonal phase of BaTiO3 , and in the orthorhombic phase
at 270 K (see Figs. 8.6(c) and (d)). For these measurements, a 50 nm thick Ni thin
film was patterned into Hall bars with the current direction j along the pseudo-cubic
[010]pc direction of the BaTiO3 substrate. The resistivities along the direction of the
current density ρxx as well as perpendicular to the current density ρxy were recorded
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Figure 8.6: Longitudinal resistivity ρxx and transverse resistivity ρxy of a 50 nm thick
Ni thin film on a BaTiO3 substrate measured at (a), (b) 300 K and (c), (d) 270 K for
external magnetic field strengths of 1000 mT and 100 mT. The external magnetic field
was rotated within the film plane, i.e., in the pseudo-cubic (001)pc plane of the BaTiO3
substrate. 0◦ is equal to the pseudo-cubic [010]pc -direction of the BaTiO3 substrate.

at a fixed external magnetic field strength via angle-dependent magnetoresistance
measurements, where the magnetic field is rotated in the (001)pc plane of the BaTiO3
substrate. At sufficiently high magnetic field strength of µ0 H = 1000 mT, the magnetization follows the magnetic field and the resistivity tensor depends only on the
crystal symmetry of the ferromagnetic material. In case of a polycrystalline ferromagnetic materials, the resistivity does not depend on the direction of the current
density j relative to the crystal axis (cf. Section 2.3.3). By lowering the magnetic
field strength, the magnetic anisotropy becomes significant. For small magnetic
fields, the magnetization tends to remain oriented close to a magnetic easy axis. ρxx
and ρxy therefore are constant over a broad range of external magnetic field orientations nearby a magnetic easy axis. The difference in shape of the angle-dependent
resistivity ρxx and ρxy recorded at 300 K and 270 K with an external magnetic field
of µ0 H = 100 mT clearly confirms changes of the magnetic anisotropy by crossing
the phase transition of the BaTiO3 substrate from the tetragonal to the orthorhombic symmetry. These changes are mainly explained by different ferroelastic domains
present in the BaTiO3 substrate.
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Figure 8.7: Schematic illustration of angle-dependent transverse magnetoresistance ρxy
for polycrystalline Ni simulated for an external magnetic field of µ0 H = 100 mT and a
resistivity parameter ρ2 of 1 nΩ. The magnetoelastic coupling is attenuated by a factor
of k = 0.1. (a) ρxy at 300 K calculated for tetragonal c-, a1 -, and a2 -domains of the
BaTiO3 substrate. The BaTiO3 substrate was assumed to consist of only c-domains
during the deposition of the Ni thin film. (b)-(d) ρxy simulated for different ferroelastic
domain transformations while crossing the phase transition from the tetragonal phase
to the orthorhombic phase. The calculation was carried out for T = 270 K. 0◦ is equal
to the pseudo-cubic [010]pc -direction of the BaTiO3 substrate.

To illustrate the effect of different ferroelastic domains in the BaTiO3 substrate on
ADMR measurements, Figure 8.7 shows simulations of the angle-dependent transverse magnetoresistance ρxy for a polycrystalline Ni thin film. The simulation was
carried out according to the method described in Section 2.3.3 using an external
magnetic field of µ0 H = 100 mT as well as a resistivity parameter ρ2 of 1 nΩ.
Without any external fields applied, the BaTiO3 substrate exhibits a ferroelastic
multi-domain state. In particular at 300 K, the BaTiO3 substrate can consist of
ferroelastic c-, a1 -, and a2 -domains (see Fig. 7.1). Assuming that the Ni thin film is
deposited on top of c-domains, the following strain tensors of the Ni thin film can
be calculated for different ferroelastic domains present in the tetragonal symmetry
of the BaTiO3 substrate (cf. Section 7.1):
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0 −0.006
0
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The in-plane strain components are derived from molecular dynamics simulations
(cf. Fig. 7.2). Using these strain tensors, the orientation of the magnetization can be
calculated using the magnetoelastic energy density umagel (cf. Eq. (6.4)). A reduction
of the magnetoelastic coupling by k = 0.1 with respect to a ideal clamping of the Ni
thin film on the BaTiO3 was used. The results of the ADMR simulations assuming c, a1 -, and a2 -domains in the BaTiO3 substrate are depicted in Fig. 8.7(a). A distinct
difference in ρxy is observable for all three ferroelastic domains. Upon crossing the
phase transition from tetragonal to orthorhombic, each of the tetragonal domains can
transform into different orthorhombic ones. Figures 8.7(b)-(d) display the transverse
magnetoresistance ρxy simulated for all possible transformations on the basis of the
strain tensors3


Ni
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0.006 0.001
0
0.006
0
0
 ; Ni
 0
.
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0
=  0.001 0.006
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The strain tensor Ni
c→o23 can be derived by interchanging the 11 and 22 compoNi
Ni
Ni
Ni
Ni
nents of c→o13 . Furthermore, Ni
a1 →o12 , a1 →o13 , and a1 →o23 as well as a2 →o12 , a2 →o13 ,
Ni
and a2 →o23 can be obtained in an analogous manner. Depending on the domain
types present in the BaTiO3 substrate at 300 K (tetragonal phase) and at 270 K
(orthorhombic phase), different shapes of the transverse magnetoresistance ρxy are
visible as a function of the in-plane angle. However, the measured transverse resistivity is a parallel or series connection of these different transverse magnetoresistance
traces, which makes a quantitative simulation of the experimental results virtually
impossible. Again, to obtain results, which can be directly compared to theory, a
control of the ferroelastic domain configuration of the BaTiO3 substrate is essential.
In summary, by employing different techniques, it was shown that physical properties such as lattice constants, resistance and magnetization of ferromagnetic thin
films fabricated on top of ferroelastic BaTiO3 substrate can clearly be modified by
simply varying the temperature. In particular, the out of plane lattice constant of
Sr2 CrReO6 nicely follows the lattice constant of the BaTiO3 substrate proving a
nearly perfect elastic coupling between the Sr2 CrReO6 thin film and the BaTiO3
substrate in this sample. This is further demonstrated by distinct steps in the
temperature dependence of the magnetization and the resistance. A finite strainmediated coupling between the magnetization and the ferroelastic BaTiO3 substrate
is not limited to Sr2 CrReO6 /BaTiO3 hybrid structures, but could also be observed
3

The probability of the transformation of tetragonal c-domains into orthorhombic o12 -domains
is small, since the ferroelectric polarization has to switch by 90 ◦ during the c → o12 -domain
transition.
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in ferromagnetic resonance measurements carried out on epitaxial Fe3 O4 thin films
as well as in angle-dependent magnetotransport measurements in polycrystalline Ni
thin films deposited on BaTiO3 substrates

8.2 Ferroelastic domain control in BaTiO3
substrates
As has become clear in the previous section, the physical properties of ferromagnetic
thin films in FM/BaTiO3 hybrid structures are highly dependent on the ferroelastic
domain configuration present in the BaTiO3 substrates. Therefore, a ferroelastic
domain control in each phase of the BaTiO3 is essential for a quantitative analysis of the experimental results. Ferroelastic domain control leads to a well-defined
strain state in the BaTiO3 substrate. Changes of this strain state cause modifications of the magnetic anisotropy in the clamped ferromagnetic thin film, which
can be described by magnetoelastic theory. Different methods can be used to realize domain engineering in ferroelectric and ferroelastic materials, e.g. by applying
electric and elastic fields, inserting charged point defects or structural defects, or
creating disorder in an ordered system using physical means other than chemical
doping [659–662]. One of the simplest ways to obtain ferroelastic crystals with preferred domain configuration is to pole the crystal in an electric field applied along a
specific direction. The poling procedure applied here consists of heating the sample
to 450 K (well above the ferroelectric Curie temperature Tc of BaTiO3 ) and cooling
it back to room temperature using a cooling rate of 2 K/min in an electric field of
400 kV/m applied along the out-of-plane direction. To be able to apply an electric
field of sufficient magnitude across the hybrid structure, the BaTiO3 substrate was
polished down to a thickness of 500 µm from the back followed by the deposition of
a Au electrode on the backside of the substrate. Both steps were carried out after
the fabrication of the overlying ferromagnetic thin film.
When the BaTiO3 substrate crosses the phase transition from the non-polar paraelectric to the polar ferroelectric phase without any external field applied, the reduction of the symmetry leads to the formation of three different ferroelastic variants
(see Fig. 7.1), so that the energy density is minimized. The resulting domain configuration can be investigated by using x-ray diffraction (Fig. 8.8(a)). The reciprocal
space map around the BaTiO3 (002) reflection of a Fe3 O4 /BaTiO3 hybrid structure
recorded at 300 K after the deposition of Fe3 O4 reveals several a- and c-domains,
which are tilted in different directions. In contrast, cooling down the sample in an
electric field, a subset of ferroelastic variants will be selected which are energetically
favored by the applied electric field. In Fig. 8.8(b) the same reciprocal mesh scan
recorded after poling the BaTiO3 substrate is displayed. A change of the preferred
ferroelastic domain type can be observed. While the BaTiO3 substrate used in this
thesis mainly consist of a-domains after the deposition, (cf. Fig. 8.8(a)), during the
poling procedure, c-domains are primarily formed, such that a BaTiO3 single crystal with preferred c-domains can be obtained. Therefore, poling should evoke a
ferroelastic single domain state along the poling direction [85]. Furthermore, the
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Figure 8.8: Room temperature x-ray diffraction diagrams of a Fe3 O4 /BaTiO3 hybrid
structure recorded (a) before and (b) after the poling procedure described in the text.
a-domains are denoted by BaTiO3 (200)/(020) and c-domains by BaTiO3 (002), respectively.

magnetoelectric response was enhanced by carrying out electric field poling procedures in laminate magnetoelectric composites [663]. The change of the preferred
ferroelastic domain configuration in the BaTiO3 substrate also influences the structural properties of the overlying ferromagnetic thin film due to elastic coupling. By
comparing Figs. 8.8(a) and (b), an increase of the out-of-plane lattice constant of
Fe3 O4 of about 0.003 nm after applying the poling procedure is observed.
However, poling does not completely suppress a1 -/a2 -domains. Rather, a ferroelastic multi-domain state with tilted a1 -/a2 -domains and c-domains can still be detected in poled BaTiO3 crystals. To further simplify the domain structure, BaTiO3
substrates exhibiting a certain miscut are used in the following. To investigate the
surface of these crystals with respect to the crystalline orientation of the c-domains,
the specular reflection was measured by performing rocking curves at a low detector
angle of 2θ = 0.4◦ (below the critical angle for total reflection) under different inplane orientations of the BaTiO3 substrate. A finite deviation ∆ω between the measured angle ωmax , where the rocking curve shows maximum intensity, from the ideal
angle 0.2◦ proves a certain miscut angle of the BaTiO3 substrate (see Fig. 8.9(a)).
To extract ωmax , each rocking curve was fitted with a Gaussian line. Figure 8.9(b)
reveals that ∆ωmax = ωmax − 0.2◦ follows a sine curve, from which a miscut angle
of 0.9◦ as well as an in-plane misalignment of 7◦ with respect to the ferroelastic
c-domains is derived. Other BaTiO3 substrates used in this work exhibit a miscut
angle between 0.8◦ and 1.0◦ .
The finite miscut has tremendous influence on the ferroelastic domain structure
of BaTiO3 . First, x-ray diffraction measurements recorded on these substrates after
performing the poling procedure described above reveal a-domains, which are tilted
in one particular direction. In Figs. 8.10(a) and (b) reciprocal space maps around the
BaTiO3 (002) reflection measured for two different in-plane orientations of the sam-
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Figure 8.9: (a) Investigation of the surface of BaTiO3 substrates exhibiting a certain
miscut angle. (a) Color-coded rocking curves (vertical axis) carried out at a low detector angle of 2θ = 0.4◦ for different in-plane orientations (horizontal axis). Before
the measurement series, the in-plane orientation of the sample was aligned along the
[100]pc direction of the BaTiO3 c-domains. To extract the angle of the maximum intensity ωmax , each rocking curve is fitted by a Gaussian line. (b) ∆ωmax = ωmax − 0.2◦
follows a sine curve (red line) from which an in-plane misalignment of 7◦ and a miscut
angle of 0.9◦ with respect to the ferroelastic c-domains can be derived.

ple are shown. While x-ray diffraction measurements in the qH00 -q00L -plane suggest
parallel scattering planes for both c- and a-domains, tilting of a-domains is clearly
detectable in the q0K0 -q00L -plane (cf. Fig. 8.10(b)). A careful analysis yields a tilt
angle of (0.58 ± 0.01)◦ , which is in good agreement with the angle across 90◦ -domain
walls displayed in Fig. 7.4(a). To get detailed information about the tilt direction,
qH00 -line scans were performed at q00L = 2 rlu and q00L = 2.021 rlu under different
in-plane orientations of the BaTiO3 substrate, i.e., different Φ-angles. The resulting
qH00 -q0K0 planes are displayed in Figs. 8.10(c) and (d). These measurements prove
that a-domains are mainly tilted in the [01̄0] direction with respect to c-domains in
these miscut BaTiO3 substrates.
The second consequence of miscut BaTiO3 crystals is the existence of only one type
of a-domains. Figure 8.11 shows x-ray diffraction measurements along the asymmetric BaTiO3 (204) reflection carried out under different in-plane orientations of the
BaTiO3 substrate. The reciprocal space maps reveal two reflections (cf. Figs. 8.11(a)
and (b)). One is caused by c-domains at q00L = 4.0 rlu and the other by a2 -type
domains. The second type of a-domains could not be detected, neither in the qH00 q00L -plane, nor in the q0K0 -q00L -plane. Therefore, only one type of a-domains are
present in miscut BaTiO3 substrates. Since reciprocal space maps are normally
recorded at fixed in-plane orientation of the sample, the in-plane angle of the sample with the maximum intensity of both reflections should be chosen. To identify
this orientation, reciprocal space maps with different Φ-angles around BaTiO3 (204)
and BaTiO3 (024) were recorded and the intensity of each mesh scan was integrated
for q00L ≤ 4.2 rlu and for q00L > 4.2 rlu, respectively (Figs. 8.11(c) and (d)). The former is an indication for c-domains and the latter for a-domains. Figures 8.11(c) and
(d) reveal a coincidence of the maximum integrated intensity of both domain types
only around BaTiO3 (024), i.e., in the q00L -q0K0 plane. Therefore, an estimation of
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Figure 8.10: X-ray diffraction measurements around the BaTiO3 (002) reflection measured for two different in-plane orientations: (a) qH00 -q00L -plane and (b) q0K0 -q00L plane. To get three dimensional information about the tilted a-domains, qH00 -line
scans were performed at (c) q00L = 2 rlu and (d) q00L = 2.021 rlu under different inplane angles. The color-coded intensities are depicted in qH00 -q0K0 planes for both q00L
values. The measurement ranges are marked by black circles.

the volume fraction of c- and a-domains by using x-ray diffraction should always be
done by mapping the q00L -q0K0 plane.
The absence of a1 -domains in miscut BaTiO3 substrates used for FM/BaTiO3 hybrid structures obviously changes the in-plane periodicity of the magnetic properties.
Since only a2 -domains are present in the BaTiO3 substrates, only one preferred direction of the magnetization is induced in a ferromagnetic thin film deposited on top
of c-domains due to the transformation of c-domains into a-domains in the underlying BaTiO3 substrate. This preferred direction can be investigated, for example,
by using ferromagnetic resonance (FMR) spectroscopy (Fig. 8.12(a)). The corresponding measurements were carried out in the tetragonal phase of the BaTiO3
substrate at room temperature on a Ni/BaTiO3 hybrid structure. Two different
ferromagnetic resonances are observed in all spectra confirming two ferromagnetic
regions with different magnetic anisotropies. One ferromagnetic resonance line can
be attributed to those parts of the Ni thin film on top of c-domains and the other
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Figure 8.11: X-ray diffraction measurements around the asymmetric (a) BaTiO3 (204)
and (b) BaTiO3 (024) reflections. Only reflections caused by c- and tilted a2 -domains
are visible. The expected positions of x-ray diffraction on tilted a2 -domains are marked
by dashed circles. To get three dimensional information about the tilted a2 -domains,
reciprocal space maps with different Φ-angles around BaTiO3 (204) and BaTiO3 (024)
were recorded. The intensity of each mesh scan is integrated for q00L ≤ 4.2 rlu (red
shaded area) and q00L > 4.2 rlu (blue shaded area) and plotted as a function of the
in-plane orientation around (c) BaTiO3 (204) and (d) BaTiO3 (024).

c
to regions on a-domains. The ferromagnetic resonance fields are labeled with Hres
a
in Fig. 8.12(b), respectively. The FMR spectra can be simulated by first
and Hres
derivatives of Lorentzian lines (cf. black dashed lines in Fig. 8.12(b)) using ferromagnetic resonance fields calculated from magnetoelastic theory. In this numerical
calculation, the magnetoelastic coupling had to be attenuated by k = (0.23 ± 0.02)
to fit the experimental data. Furthermore, a small uniaxial anisotropy with an anisotropy field of Kuniax /Ms = 2 mT, probably induced during the deposition of Ni,
is included into the simulation. The experimental results can only be described by
the assumption of one type of a-domains present in the BaTiO3 substrate. The
pronounced second ferromagnetic resonance for H0 k [010] at µ0 H res = 197 mT is
caused by the transformation of c-domains into a2 -domains. The tetragonal unit
cells of a2 -domains are oriented with their longer c-axis parallel to the BaTiO3 surface along the pseudo-cubic [010]pc direction, which is close to the y-direction of the
BaTiO3 crystal. Therefore, tensile strain is induced in the Ni thin film, which causes
a large uniaxial magnetic anisotropy due to converse magnetostriction shifting the
ferromagnetic resonance to higher magnetic fields compared to the [100]pc direction.
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Figure 8.12: (a) Ferromagnetic resonance (FMR) spectra for different in-plane orientations of a Ni/BaTiO3 hybrid structure measured in the tetragonal phase of BaTiO3
at room temperature. (b) The FMR spectra can be simulated by first derivatives
of Lorentzian lines (black dashed lines). The two ferromagnetic resonance fields are
c
a
labeled with Hres
and Hres
. The magnetoelastic coupling must be attenuated by
k = (0.23 ± 0.02) to obtain a good fit to the experimental data. Furthermore, a
uniaxial anisotropy (Kuniax /Ms = 2 mT) is included in the simulation.

This preferred y-direction observable in the FMR spectra confirms the results from
x-ray diffraction measurements displayed in Fig. 8.11.
In total, a reduction of the number of ferroelastic domain types were achieved by
using BaTiO3 substrates exhibiting a certain miscut angle. Figure 8.13 schematically
shows a BaTiO3 substrate with a possible ferroelastic domain configuration. Note
that x-ray diffraction measurements reveal that the crystalline orientation of the
ferroelastic domains does not coincide with the BaTiO3 substrate edges. Therefore,
the sample edges of BaTiO3 substrates are denoted as (x, y, z) and the crystallographic axes of the ferroelastic domains as h100ipc in the pseudo-cubic notation.
However, these BaTiO3 substrates, which are used in the following for FM/BaTiO3
hybrid structures, pave the way to study the manipulation of the magnetization in
FM/BaTiO3 systems in a more quantitative manner.

z

x

y

Figure 8.13: Schematic representation of the BaTiO3 substrate used for FM/BaTiO3
hybrid structures. The 90 ◦ domain walls are marked in blue.
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Figure 8.14: Molecular dynamics simulations based on the effective Hamiltonian described in Section 7.1 as a function of temperature TMD and electric field E. The
strain components ηi with i = 1...6 are calculated with respect to the lattice constant
of 0.3948 nm. The BaTiO3 phase diagram was simulated using a 16 × 16 × 16 supercell and each temperature was thermalized within 60000 steps and averaged over
60000 calculations. Moreover, the electric field was applied along the z-direction of the
BaTiO3 crystal.

8.3 FM/BaTiO3 hybrid structures with ferroelastic
domain control
As discussed above, crossing the ferroelastic phase transitions of BaTiO3 has substantial effects on the magnetic and electronic properties of the overlying ferromagnetic thin film. However, each BaTiO3 phase exhibits a certain number of
different ferroelastic domains, imposing different strain states in the ferromagnetic
thin film. Furthermore, the transition between the different domains is only partly
deterministic and reproducible at each phase transition. For the measurements discussed in the following, an electric field is therefore applied across the miscut BaTiO3
substrate along the z-direction to control the ferroelastic domain transformation at
each phase transition in the spirit of Section 8.2.

8.3.1 Calculation of the BatiO3 strain tensor under electric
fields
When an electric field is applied to a ferroelectric material the shape of the crystal
changes due to the converse piezoelectric effect. The change in shape of miscut
BaTiO3 substrates can be calculated using the method described in Section 7.1.
In this spirit, we performed molecular dynamics simulations for an electric field of
4 MV/m applied along the z-direction of the BaTiO3 substrate (cf. Fig. 8.13) and for
different temperatures. 4 MV/m is theoretically needed to ensure a single ferroelastic
state in each phase of BaTiO3 (cf. Fig. 7.3).
The resulting BaTiO3 phase diagram is shown in Fig. 8.14. For comparison, the
calculation for E = 0 MV/m is also included in the figure (cf. Fig. 7.2). The strain
components ηi were calculated by using the same parameters as described in Sec-
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Figure 8.15: Schematic illustration of the time evolution of the fabrication and temperature dependent measurements of FM/BaTiO3 hybrid structures using polycrystalline
FeCo and Ni thin films deposited at room temperature in the tetragonal phase of
BaTiO3 (I). The applied electric field of 400 kV/m along the z-direction and the use
of miscut BaTiO3 substrates does not only create (II) a nearly single domain state at
room temperature in the tetragonal phase (c-domains), but also select (III) particular
domains in the orthorhombic (o23 -domains) and rhombohedral (r3 -domains) phase of
BaTiO3 .

tion 7.1. Figure 8.14(a) reveals that the temperature range of the tetragonal phase
expands upon applying a finite electric field. Furthermore, the cubic to tetragonal
phase transition becomes diffuse and the transition temperature increases by about
40 K. At first glance, the influence of the applied electric field on the strain components of the orthorhombic and rhombohedral phase is minor. A slight change
of the transition temperatures can again be observed. However, a finite electric
field reduces the symmetry of the orthorhombic and rhombohedral phases. The
new symmetry can be identified to be monoclinic with P aligned along [0uv] where
u 6= v (MC phase) or along [uuv] with u < v (MA phase), respectively [664, 665].
In spite of these symmetry changes, both phases are consistently labeled by the
parent orthorhombic and rhombohedral phase throughout this thesis. Using the
strain components displayed in Fig. 8.14, the change of the magnetization as a function of temperature in FM/BaTiO3 hybrid structures can be calculated employing
magnetoelastic theory as described in Section 6.2.

8.3.2 Magnetization changes in FM/BaTiO3 hybrid structures
as a function of temperature
The temperature dependence of the magnetization in FM/BaTiO3 hybrid structures was investigated experimentally, for an applied electric field of 400 kV/m. For
FM/BaTiO3 hybrid structures using polycrystalline FeCo and Ni as ferromagnetic
materials, the time evolution of the fabrication and temperature dependent measurements can be described as follows (see Fig. 8.15). First, FeCo and Ni are deposited
on BaTiO3 at room temperature, i.e., in the tetragonal phase (cf. (I) in Fig. 8.15).
During the deposition, the BaTiO3 substrate exhibits an unknown multi-domain
dep
configuration with a certain concentration of c-domains (xdep
c ), a1 -domains (xa1 ),
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Figure 8.16: X-ray diffraction measurements around (a) BaTiO3 (002) and (b)
BaTiO3 (024) carried out at 300 K with an electric field of 400 kV/m applied along
the z-direction.

and a2 -domains (xdep
a2 ). After the deposition, the poling procedure described in Section 8.2 was carried out on the FM/BaTiO3 hybrids creating the particular domain
configuration sketched in Fig. 8.13. Afterwards the magnetization of FeCo/BaTiO3
and Ni/BaTiO3 was measured as a function of temperature in an electric field of
400 kV/m applied along the z-direction (cf. (III) in Fig. 8.15). At this electric field,
poled FM/BaTiO3 hybrid structures exhibit a single domain state at room temperature.
Figure 8.16 shows x-ray diffraction measurements around the BaTiO3 (002) and
BaTiO3 (024) reflections recorded at 300 K with an electric field of 400 kV/m applied
along the z-direction. In contrast to Figs. 8.10(b) and 8.11(b), almost no intensity
is observable at the Bragg positions of a-domains. This indicates that the BaTiO3
substrate transforms into an almost single ferroelastic domain state at an electric
field of 400 kV/m. By integrating the intensity above and below q00L = 2.01 rlu,
the remaining concentration of a-domains can be estimated to be less than 1 %.
The critical electric field of 400 kV/m is one order of magnitude smaller than the
value needed to ensure a single domain state from theoretical simulations and experiments carried out in an unpoled BaTiO3 crystal with a thickness of 1 mm (see
Fig. 7.3). Therefore, the use of poled miscut BaTiO3 substrates significantly reduces the electric field strength needed to achieve a ferroelastic single domain state
at room temperature.
However, the applied electric field and the use of miscut BaTiO3 substrates does
not only create a single domain state at room temperature, but also selects particular domains in the orthorhombic and rhombohedral phases of BaTiO3 , which
are energetically favored (cf. Fig. 8.15). Therefore, a controlled strain state can
be imposed in the ferromagnetic thin film at each ferroelastic phase of the BaTiO3
substrate.
In order to simulate the magnetic response of the ferromagnetic thin film clamped
to the BaTiO3 substrate on the basis of the calculated BaTiO3 strain components
(cf. Fig. 8.14) by utilizing magnetoelastic theory, the only unknown parameters are
dep
the volume fraction of the a-domains during deposition (xdep
a1 and xa2 ) and the
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Figure 8.17: (a) Magnetometry measurements of a 50 nm thick FeCo thin film deposited
on a BaTiO3 substrate, performed under different in-plane orientations φ of the external magnetic field. The measurements were carried out for different magnetic field
strength at 300 K with an electric field of 400 kV/m applied along the z-direction.
After magnetizing the FeCo/BaTiO3 structure along the x-direction (φ = 0◦ ) with
µ0 H = 1 T, the angular sweeps were recorded three times in both positive and negative direction of rotation in different magnetic fields. (b) Simulation of the angular
dependence of the magnetization by means of magnetoelastic theory. The best fit between experiment and simulation was found for assuming a concentration of a-domains
dep
during the deposition of xdep
a1 = 18% and xa2 = 40% as well as a reduction of the
magnetoelastic coupling strength of k = (0.42 ± 0.05) from an ideal elastic coupling
between thin film and substrate. An energy barrier of ∆E/Ms = 7.5 mT is used to
account for the difference in the up (full symbols/solid lines) and down sweep (open
symbols/dashed lines), which can be attributed to pinning effects (see Appendix B).

factor k describing the strength of the magnetoelastic coupling. These parameters
can be indirectly determined by measuring the magnetization of the FM/BaTiO3
hybrid structure under different in-plane orientations φ of the external magnetic
field. By applying an electric field of 400 kV/m along the z-direction during the
measurements, parts of the polycrystalline ferromagnetic thin film fabricated on
top of ferroelastic a-domains are strained, since these a-domains are transformed
to c-domains. The following strain tensors of the BaTiO3 substrate derived from
molecular dynamics simulations performed under E = 4 MV/m and E = 0 MV/m
are used for the description of the ferroelastic domain transformations:



−0.0002
0
0

0
−0.0002
0
cdep →c = 
0
0
0.0005


−0.0091
0
0
.
0
−0.0002
0
adep →c = 
1
0
0
0.0094

(8.5)

Strain components smaller than 10−4 are not displayed. The strain tensor adep →c
2
can be obtained by interchanging the 11 and 22 component of adep →c . The strained
1
regions of the ferromagnetic thin film cause an angular dependence of the magnetization, which is different for regions of the ferromagnetic thin film deposited on top
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of a1 - or a2 -domains. The angular dependence of the magnetization of a 50 nm thick
FeCo thin film deposited onto a BaTiO3 substrate recorded in different external
magnetic field strengths is shown in Fig. 8.17(a). The measurements were carried
out at 300 K with an electric field of 400 kV/m applied along the z-direction. Before
the measurements, the FeCo thin film was magnetized along the x-direction (φ = 0◦ )
using a magnetic field of 1 T. The angular sweeps were then recorded three times in
both positive and negative directions of rotation in an external magnetic field with
constant magnitude. The third back and forth scans are displayed in Fig. 8.17(a).
The in-plane angles in which the magnetization exhibits a minimum value mark the
direction of a magnetically hard direction. At these positions the measurements
carried out rotating the sample in positive and negative direction do not coincide.
The difference as a function of rotation direction can be attributed to an energy
barrier ∆E describing the energy required to nucleate and unpin domains (see Appendix B). Therefore, a finite energy barrier ∆E is needed to simulate the angular
dependent magnetization displayed in Fig. 8.17(a). The value of ∆E/Ms = 7.5 mT
is chosen such that the angles at which the incoherent switching takes place are
reproduced by the simulation shown in Fig. 8.17(b). Using magnetoelastic theory
on the basis of the ab initio calculated strain components of the BaTiO3 substrate
the best fit between experiment and simulation was found assuming a concentradep
tion of a-domains during the deposition of xdep
a1 = 18% and xa2 = 40%. We note
that the discontinuity observed at around φ = 200◦ gives evidence for the presence
of both a-domains. Furthermore, the k value, which describes the strength of the
magnetoelastic coupling was found to be k = (0.42 ± 0.05). Using these values,
the FeCo/BaTiO3 hybrid structure is entirely described in terms of magnetoelastic
effects and the temperature dependence of the magnetization can be simulated by
utilizing the phase diagram obtained from molecular dynamics (see Fig. 8.14). For
the simulation the ferroelastic domain evolution schematically shown in Fig. 8.15
(III) is assumed.
The experimental results and the simulation of the temperature dependent magnetization for different external magnetic field strengths applied along the x- and
y-direction of a FeCo/BaTiO3 hybrid structure are depicted in Fig. 8.18. The data
were recorded while decreasing the temperature from 300 K to 180 K after aligning
the magnetization into a well-defined state using an external magnetic field of 1 T.
The simulations with an external magnetic field H aligned along the y-direction
(see Figs. 8.18(c) and (d)) of the FeCo/BaTiO3 hybrid structure reproduce the
experimental results fairly well. Discrepancies can be observed for H k x displayed
in Figs. 8.18(a) and (b). Since all magnetoelastic simulations presented throughout
this chapter assume magnetic single domain states, the difference between simulation
and experiment at low magnetic field strengths might be attributed to the presence
of a magnetic multi-domain state in the ferromagnetic thin film. By comparing the
magnetic field orientation along the x- and y-direction, a strong in-plane magnetic
anisotropy is visible throughout the investigated temperature range. While the large
concentration of a2 -domains is responsible for the magnetic anisotropy observable in
the tetragonal phase of BaTiO3 (Texp. ≥ 280 K; TMD ≥ 245 K), the difference in the
magnetic behavior for H k x and H k y in the orthorhombic (188 K ≤ Texp. < 280 K;
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Figure 8.18: Experimental results ((a), (c)) and simulations ((b), (d)) for the magnetization as a function of temperature and external magnetic field strength of a
FeCo(50 nm)/BaTiO3 hybrid structure. The magnetic field was applied along the
((a) and (b)) x- and ((c) and (d)) y-direction. The temperature of the experiment
is denoted as Texp. , and the temperature axis of the simulation as TMD . The ferroelastic domain evolution c → o23 → r3 was assumed for the calculation. Furthermore,
the volume fraction of a-domains during the deposition was set to xdep
a1 = 18% and
=
40%,
and
an
attenuation
of
the
magnetoelastic
coupling
of
k
=
(0.42 ± 0.05)
xdep
a2
was used.

202 K ≤ TMD < 245 K) and rhombohedral phase (Texp. < 188 K; TMD < 202 K)
can mainly be attributed to o23 -domains and r3 -domains, respectively. Despite of
large magnetoelastic coupling constants λ100 and λ111 in FeCo the changes of the
magnetization projection at the phase transitions of BaTiO3 do not exceed 25%.
This is due to the low k value of only k = 0.42 in this particular FeCo/BaTiO3
sample. This low k value illustrates an imperfect elastic coupling of the FeCo and
the BaTiO3 substrate.
However, k values up to k = 0.80 can be achieved in Ni/BaTiO3 samples measured
shortly after the deposition. As an example, the results of temperature dependent
magnetization measurements and simulations recorded for different magnetic field
strengths of a Ni/BaTiO3 hybrid structure are displayed in Fig. 8.19. The external
magnetic field was applied along the y-direction. An excellent agreement between
dep
experiment and simulation was obtained for xdep
a1 = 13%, xa2 = 24%, and k =
(0.80 ± 0.05). Figure 8.19 reveals that changes of the magnetization across the
ferroelastic phase transitions of more than 80% can be realized in Ni/BaTiO3 hybrid
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Figure 8.19: Temperature dependent magnetization (a) measured and (b) simulated for
different magnetic field strengths of a 50 nm thick Ni thin film deposited on BaTiO3 .
The external magnetic field was applied along the y-direction. The simulations were
performed using the ferroelastic domain evolution c → o23 → r3 , as well as xdep
a1 = 13%,
xdep
a2 = 24%, and k = (0.80 ± 0.05).

structures. The reason for the difference in the k values for different samples has not
yet been conclusively resolved. One explanation might be the presence of fatigue
effects, which lead to a reduction of the strain transfer from the BaTiO3 substrate
into the ferromagnetic thin film.
In total, the temperature dependent magnetic behavior of FM/BaTiO3 hybrid
structures based on FeCo and Ni can be well simulated on the basis of magnetoelastic theory. In analogy to the previous sections, a proportional constant k has to
be included to account for a diminished coupling between the ferromagnetic thin
film and the BaTiO3 substrate. Furthermore, with the knowledge of the domain
configuration during the fabrication of these structures, predictions of the magnetic
behavior of FM/BaTiO3 hybrid structures based on ab initio calculations are possible. This new approach of combining ab initio strain calculations and magnetoelastic
theory pave the way to engineer new multiferroic composite hybrid structures.

8.4 Electric field control of magnetism in
FM/BaTiO3 hybrid structures
In the field of multiferroic composite structures, the electric field control of the magnetization is by far the most important functionality. In recent years, the discovery
of giant sharp and persistent converse magnetoelectric effects in FM/BaTiO3 multiferroic composite structures triggered an increase in research activity in this field
[20]. However, detailed studies on magnetization changes due to electric fields applied to the BaTiO3 substrate are scarce. In this section, the electric field control
of the magnetization in FM/BaTiO3 hybrid structures is discussed for two important cases. First, the control of the magnetization at room temperature, i.e., in
the tetragonal phase of the BaTiO3 substrate, is highly desirable for applications.
Furthermore, enhanced magnetoelectric effects are expected applying the electric

220

Chapter 8

(a)

η1

1.0

0.999

η6

0.00
-10000 -5000

0

E (kV/m)

1.000

M/Mpol

η1,2,6 (%)

1.5

-0.01

(b)

η2

5000

H || y
10000

-10000 -5000

µ0H=100mT
0

E (kV/m)

5000

10000

Figure 8.20: (a) Average homogeneous in-plane strain components ηi (i = 1, 2, 6) of
BaTiO3 as a function of the applied electric field E calculated employing molecular
dynamics simulations in the tetragonal phase at TMD = 261 K using the same parameters as for the simulations shown in Fig. 7.3. The strains are calculated relative to the
lattice constant 0.3948 nm, which is derived from local density approximation calculations. (b) Electric field dependence of the magnetization projection onto the external
magnetic field direction simulated for a Fe3 O4 /BaTiO3 hybrid structure on the basis of
the strain components ηi (i = 1, 2, 6) shown in (a). The magnetization is normalized
to the value Mpol for E = 10000 kV/m. The magnetic field was assumed to be aligned
along the y-direction (cf. Fig. 8.13) with a magnetic field strength of µ0 H = 100 mT.
Full symbols denote the down sweep from +10000 kV/m to −10000 kV/m and the up
sweep (−10000 kV/m → +10000 kV/m) is marked by open symbols.

field along non-polar directions, e.g., along the z-direction (cf. Fig. 8.13) in the
orthorhombic phase of BaTiO3 .

8.4.1 BaTiO3 in the tetragonal phase
The manipulation of the magnetization by electric fields at room temperature is one
of the most important tasks in today’s spintronic devices. Therefore, the converse
magnetoelectric response of FM/BaTiO3 hybrid structures measured at 300 K is
discussed in detail in the following.
Two region model of FM/BaTiO3 hybrid structures
The expected electric field dependence of the magnetization in the tetragonal phase
of BaTiO3 can be calculated by means of molecular dynamics simulations. Using the
same parameters as in Section 8.2, the molecular dynamics simulations yield average homogeneous in-plane strain components ηi (i = 1, 2, 6) of BaTiO3 as shown in
Fig. 8.20(a). Thus, the electric field dependence can be separated into two parts. At
high electric fields (E > |4000 kV/m|), a ferroelastic single domain state is present
and the strain dependence is only caused by the converse linear piezoelectric effect.
However, around zero electric field, ferroelastic domains are expected, which results
in large deviations of the average strain components. In particular, the in-plane
strain components η1 and η2 have different values, imposing tensile strain along
the y-direction into the overlying ferromagnetic thin film in FM/BaTiO3 hybrid
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Figure 8.21: Schematic illustration of the electric field control of the magnetization in
the tetragonal phase of BaTiO3 . The overlying ferromagnetic thin film is marked in
red. A ferroelastic/ferroelectric multi-domain state is expected at E = 0 kV/m with
ferroelastic 90◦ - and ferroelectric 180◦ -domain walls (marked in light blue) (cf. Fig. 7.4).
The ferroelectric polarization P is denoted by blue arrows.

structures. As expected, this tensile strain alters the magnetization of the ferromagnetic thin film. Using magnetoelastic theory, the change of the magnetization
projection along the external magnetic field of a Fe3 O4 /BaTiO3 hybrid structure
can be simulated on the basis of the in-plane strain components of BaTiO3 shown in
Fig. 8.20(a) (cf. Section 6.2.4). While no variation of the normalized magnetization
is visible for high electric fields, a small change of the magnetization is observed for
electric fields smaller than E < |4000 kV/m|, i.e., in the ferroelastic multi-domain
state of the BaTiO3 substrate (see Fig. 8.20(b)). Thus, in the absence of in-plane
shear strains (η6 = 0), ferroelastic domain switching, which imposes large strains into
the clamped ferromagnetic thin film, is essential to realize converse magnetoelectric
effects in FM/BaTiO3 hybrid structures.
Therefore, the converse magnetoelectric effect should be strongly dependent on the
ferroelastic multi-domain state in the BaTiO3 substrate. Figure 8.21 schematically
shows the ferroelastic domain evolution of a FM/BaTiO3 hybrid structure using
miscut BaTiO3 substrates. As evident from x-ray diffraction measurements shown in
Fig. 8.16, poled BaTiO3 substrates exhibit a single c-domain state imposing uniform
strain in the overlying ferromagnetic thin film, which was fabricated at temperatures
well above the ferroelectric Curie temperature of BaTiO3 , at high electric fields
(E > 400 kV/m) applied across the hybrid structure along the z-direction. Upon
decreasing the electric field the BaTiO3 substrate crosses from a ferroelastic single
domain state into a mixed a2 - and c-domain state. By reaching the coercive electric
field of the BaTiO3 , the number of a2 -domains attains its maximum value. Therefore,
two types of regions are created at low electric fields. One type consists of parts of the
ferromagnetic thin film on top of ferroelastic c-domains, while the other corresponds
to areas clamped to ferroelastic a2 -domains. Further decreasing the electric field
yields a single c-domain configuration again and the same strain state as for high
positive electric fields is achieved (see Fig. 8.20(a)).
The ferroelastic multi-domain state at low electric fields and the impact on the
overlying ferromagnetic thin film due to different imposed strains can be investigated
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Figure 8.22: (a) qL00 scans around the BaTiO3 (002) reflection recorded at different
electric fields applied across a Fe3 O4 /BaTiO3 structure. The measurements (full and
open symbols) were carried out at the BM28 beamline at the ESRF. The lines are
guides to the eye. (b), (c) The influence of different strain states on the Fe3 O4 (004)
reflection was investigated in more detail on a second Fe3 O4 /BaTiO3 sample. The
profile of the Fe3 O4 (004) reflection were fitted using Pearson VII peak functions (solid
black and red lines). (c) At E = 0 kV/m, two different peak functions are needed
to reproduce the experimental data (dashed red lines). The gray lines display the
difference between the experimental data (full symbols) and the peak profile fits (solid
lines) in (b) and (c).

by performing x-ray diffraction measurements on a crystalline FM/BaTiO3 hybrid
structure. For example, Fig. 8.22(a) shows qL00 scans around the BaTiO3 (002) reflection recorded at different electric fields applied across the Fe3 O4 /BaTiO3 structure. The measurements were carried out at the BM28 beamline at the ESRF using
synchrotron radiation. At E = 400 kV/m, the BaTiO3 substrate yields only one reflection at qL00 = 2.0 rlu (cf. full black symbols in Fig. 8.22(a)). Again, this confirms
that a single ferroelastic c-domain configuration can be obtained at this electric field
strength. By reducing the electric field to values close to the coercive field of BaTiO3 ,
a second reflection around qL00 ≈ 2.03 rlu emerges, which is caused by a2 -domains
in the BaTiO3 substrate (cf. full red symbols in Fig. 8.22(a)). Upon increasing the
electric field to the starting value of E = 400 kV/m, the first measurement is reproduced, i.e., a pure c-domain state is restored (cf. open black symbols in Fig. 8.22(a)).
The effect of the imposed strain on the Fe3 O4 thin film was investigated in more
detail around the Fe3 O4 (004) reflection on a second Fe3 O4 /BaTiO3 hybrid structure
(Figs. 8.22(b) and (c)). The profile of the Fe3 O4 (004) reflection obtained by applying
an electric field of E = 400 kV/m can be well fitted using a single Pearson VII peak
function [666] (see Fig. 8.22(b)). In contrast, at E = 0 kV/m the intensity of the reflection is reduced while a second peak occurs close to the first one (see Fig. 8.22(c)).
Two different peak functions are needed to reproduce this situation. While the position of the first profile is almost the same as for the measurement recorded at
E = 400 kV/m and can therefore be attributed to regions of the Fe3 O4 thin film on
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top of c-domains, the second profile is located at higher qL00 -values. The intensity of
the emerging second peak is caused by scattering of x-ray light on parts of the Fe3 O4
thin film clamped to a2 -domains. Thus, this result confirms the two region model
schematically shown in Fig. 8.21 around E = 0 kV/m. The induced out-of-plane
strain of the Fe3 O4 thin film of η3 = −(0.0053 ± 0.0003) can be calculated using the
difference in position of the two profiles ∆qL00 = (0.0102±0.0005) rlu. By employing
the Poisson ratio 0.33 [549], the in-plane strains η1 = 0 and η2 = (0.0107 ± 0.0006)
are obtained. This is in excellent agreement with the theoretical value of η2 = 0.0105
caused by the transformation of c-domains into a2 -domains. Therefore, in principle,
a perfect strain transmission from the BaTiO3 substrate into the ferromagnetic thin
film, i.e. k c = 1, is observed experimentally.
Due to the tensile strain imposed by the ferroelastic a2 -domains in the ferromagnetic thin film, the magnetization of those parts of the thin film, which are
clamped to these a2 -domains, changes. In contrast, in the following, it is assumed
that the magnetic properties of the ferromagnetic thin film on top of c-domain regions stay unaffected. Furthermore, any effects caused by ferroelastic 90◦ -domain
walls are neglected. Therefore, the mixed ferroelastic domain state at low electric fields induces a heterogeneous magnetic state in the ferromagnetic thin film.
However, it is further assumed that each type of region can still be described by a
magnetic single domain state exhibiting a well defined macroscopic magnetization.
Hence, the change of the total magnetization as a function of the applied electric
field M (E) should be an indirect measure of the emerging a2 -domains.
Magnetic response of FM/BaTiO3 hybrid structures as a function of the
applied electric field at 300 K
As discussed above, the magnetic response of FM/BaTiO3 hybrid structures as a
function of applied electric field M (E) is strongly dependent on the number of a2 domains. As an example, Figure 8.23(a) shows the projection of the magnetization
on the field direction as a function of the electric field M (E) of a 100 nm thick Ni
thin film deposited on a BaTiO3 substrate, taken at a constant magnetic field µ0 H
applied along the y-direction of the BaTiO3 substrate. Each M (E) loop is recorded
after saturating the magnetization at µ0 H = 1000 mT. Reversible changes of the
magnetization projection M up to 20 % are observed. Furthermore, the M (E) loops
exhibit a butterfly-like shape. This demonstrates that the variation of the magnetization is indeed caused by strain effects and resembles the simulated M (E) loops
shown in Fig. 8.20(a). Thus, other effects, such as electric field effects, can be neglected and the converse magnetoelectric effect displayed in Fig. 8.23(a) is purely
strain-mediated. At µ0 H = 0 mT, the M (E) curve recorded while decreasing the
electric field from 400 kV/m to −400 kV/m (down loop) does not reach its initial
value for saturating E field strengths with the corresponding M (E) curve measured
with increasing the electric field (up loop). This is clear evidence for irreversible magnetic domain effects induced by electric fields E. By increasing the external magnetic
field µ0 H, the irreversible magnetic domain effects are suppressed and the maximum
magnetization change 4M decreases roughly exponentially with increasing the ex-
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Figure 8.23: (a) Magnetization M as a function of the applied electric field E of a
100 nm Ni thin film deposited on a BaTiO3 substrate, measured at different magnetic
field strengths. The electric field is applied along the z-direction and the magnetic field
along the y-direction of the BaTiO3 substrate. The projection of the magnetization
on the external magnetic field direction M is normalized to the value M pol obtained at
E = 400 kV/m. The down loop (+400 kV/m → −400 kV/m) is marked by full symbols
and the up loop (−400 kV/m → +400 kV/m) by open symbols. The lines are guides
to the eye. (b) Comparison of the linear pseudo-magnetoelectric coupling coefficient
1
c α̃23 obtained from dc (black symbols) and ac (gray symbols) SQUID magnetometry
measurements at µ0 H = 0 mT. For clarity, only one direction of the electric field sweep
is displayed.

ternal magnetic field strength. The changes of the magnetization as a function of
the applied electric field is largest at µ0 H = 0 mT, reaching nearly 20 %, which
is in good agreement with previous measurements in La0.67 Sr0.33 MnO3 /BaTiO3 hybrid structures [20]. Of course, the maximum magnitude of the electric field induced
changes of M in FM/BaTiO3 hybrid structures is strongly dependent on the number
of a-domains and thus different samples can only quantitatively be compared.
On the basis of the magnetization changes 4M , a pseudo linear magnetoelectric
c
c
= µ0 ∆My /∆Ez
coupling coefficient α̃23,dc
can be estimated from the equation 1c α̃23,dc
(cf. Eq. (6.12)). However, using the ac option of a SQUID magnetometer (cf. Secc
tion 2.3.1), the linear magnetoelectric coupling coefficient 1c α̃23,ac
= µ0 ∂My /∂Ez
can directly be measured. In this case, an ac electric field with an amplitude of
Eac = 40 kV/m and a frequency of 10 Hz is superimposed on the dc electric field
c
c
E. 1c α̃23,dc
and 1c α̃23,ac
thus obtained are shown in Fig. 8.23(b) as a function of
the dc electric field E. Over the whole electric field range, both pseudo linear
magnetoelectric coupling coefficients are in quantitative agreement. The slight difference can be attributed to the large time constant involved in the accumulation
of a-domains in the BaTiO3 substrate. However, a maximum coupling constant
of around 1c α̃23 ≈ 0.4 × 10−9 s/m is observed, which is around one order of magnitude lower than in (LaSr)MnO3 /BaTiO3 hybrid structures [20, 667]. This can
mainly be attributed to the strain dependence of the magnetic Curie temperature
in (LaSr)MnO3 , which has larger effects on room temperature magnetization measurements than for Ni/BaTiO3 hybrid structures, since the Curie temperature of
(LaSr)MnO3 is around 350 K. However, the measured pseudo converse magnetoelectric coupling coefficient is in good agreement with multilayer capacitors based
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Figure 8.24: Variation of the magnetization M as a function of the applied electric field E
for (a) Fe3 O4 /BaTiO3 and (b) Sr2 CrReO6 /BaTiO3 hybrid structures (black symbols).
The projection of the magnetization on the external magnetic field direction M is again
normalized using the value M pol measured at E = 400 kV/m. The simultaneously
measured dielectric current I across the BaTiO3 substrate (red line) reveals sharp
peaks, which can be identified by displacement currents of BaTiO3 at the coercive
electric fields.

on BaTiO3 using Ni as electrode material [668].
c
As discussed in Section 6.2.2, the magnetoelectric effect αij
of composite hyc
brid structures can be obtained by scaling the pseudo magnetoelectric effect α̃ij
by
m
p
m
d /(d + d ), which accounts for the finite thickness of the piezoelectric layer dp
(BaTiO3 ) and the magnetostrictive thin film dm (Ni). In case of the Ni/BaTiO3
hybrid structure, dm /(dp + dm ) yields 2 × 10−4 and the maximum converse linear
magnetoelectric effect is found to be 1c α23 ≈ 0.8 × 10−13 s/m, which is around one
order of magnitude lower than the magnetoelectric effect of the prototype magnetoelectric intrinsic material Cr2 O3 [104]. Therefore, the magnitude of the converse
linear magnetoelectric effect in composite hybrid structures is comparable or even
less than in intrinsic magnetoelectric materials due to the unfavorable thickness ratio. However, the observed magnetoelectric effect is robust at room temperature,
which has not been established for intrinsic magnetoelectric materials up to now.

A finite variation of the magnetization as a function of the applied electric field
is also obtained in epitaxial FM/BaTiO3 hybrid structures. Figures 8.24(a) and (b)
show M (E) curves measured in Fe3 O4 /BaTiO3 and Sr2 CrReO6 /BaTiO3 hybrids.
In both systems a behavior similar to Ni/BaTiO3 is obtained . Again, the largest
change of the magnetization is observed around the electric coercive fields of BaTiO3 ,
which are marked by the displacement currents. (cf. red curves in Figs. 8.24(a) and
(b)). In Sr2 CrReO6 /BaTiO3 hybrids, a pronounced strain-mediated converse magnetoelectric effect can be obtained even at an external magnetic field strength of
µ0 H = 7 T. Unfortunately, the strong dependence of magnetization changes in
FM/BaTiO3 hybrids on the ferroelastic domain configuration of the BaTiO3 substrate prevent a definite conclusion on the optimal choice for the magnetic material
in multiferroic composite structures.
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Figure 8.25: X-ray diffraction of a Fe3 O4 /BaTiO3 hybrid structure around BaTiO3 (002)
with different electric fields E applied across the BaTiO3 substrate. The alignment
was carried out at the beginning of the measurement series at E = 400 kV/m.
(a) As an example, the reciprocal space mapping of the q00L -q0K0 plane at E =
0 kV/m is shown. Ferroelastic c-domains (BaTiO3 (002)) as well as tilted a-domains
(BaTiO3 (200)/(020)) are clearly observable. To obtain the volume fraction of the cdomains xc = Iq00L ≤2.01 rlu /Itotal with Itotal = Iq00L ≤2.01 rlu + Iq00L >2.01 rlu as a function
of the applied electric field E, the intensity for q00L ≤ 2.01 rlu (red shaded area) and
for q00L > 2.01 rlu (blue shaded area) is integrated. (b) xc (E) derived by mapping
the q00L -q0K0 plane (black symbols) and the q00L -qH00 plane (gray symbols), respectively. The red error bar depicts the maximum uncertainty, which includes the finite
penetration depth of the x-rays.

Simulation of converse magnetoelectric effects at 300 K in a Fe3 O4 /BaTiO3
hybrid structure
To simulate the magnetic response of a Fe3 O4 /BaTiO3 hybrid structure as a function
of the applied electric field using the two region model, first of all the electric field
dependence of the ferroelastic domain configuration in the BaTiO3 substrate has
to be obtained. Different methods are established to reveal the ferroelastic domain
configuration [260]. Since c- and a2 -domains exhibit different unit cell dimensions
as well as a change in the polarization direction, the Bragg angle and the intensity
of the respective Bragg reflection is affected. Therefore, the indirect observation of
domain changes under the influence of electric fields can be undertaken by means
of x-ray diffraction [669, 670]. In principle, when an electric field is applied, the
BaTiO3 substrate is strained due to two main effects, pure linear piezoelectric response, which slightly affects the lattice dimensions, and domain switching. In first
order, the linear piezoelectric response can be neglected (cf. Section 8.2). Therefore,
we only concentrate on domain switching. Starting from the critical field strength
needed for creating a single domain state by reducing the electric field, 180◦ and
90◦ domain switching can occur (cf. Fig. 8.21), which can be detected using x-ray
diffraction techniques. Since reorientation of the polarization by 90◦ causes a change
of the Bragg angle, 90◦ domain switching can easily be observed by x-ray diffraction
[669, 671, 672]. In contrast, 180◦ domain switching, which does not affect the ferroelastic domain configuration, but contribute to x-ray diffraction measurements under
applied electric field, necessitates x-ray scattering due to anomalous dispersion. In
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the kinematical approximation the diffracted intensity of a Bragg reflection is given
by Eq. 2.1 (cf. Section 2.1.3). In case of BaTiO3 , the most significant contribution of
00
the anomalous dispersion to the scattered intensity comes from fBa
. The intensity
can therefore be approximated by [672]
002
002 0
I(hkl) ∝ |Ff 00 =0 |2 + fBa
+ 2fBa
fTi (−1)h+k+l sin (2π · l · ∆z(Ti))
002 0
fO (−1)h+k sin (2π · l · ∆z(O1))
+ 2fBa


002 0
fO (−1)h+l + (−1)k+l sin (2π · l · ∆z(O2)) ,
+ 2fBa

(8.6)

where |Ff 00 =0 |2 denotes the scattering amplitude in the absence of anomalous dispersion and ∆z(Ti) = 0.00135 nm, ∆z(O1) = −0.00245 nm, ∆z(O2) = −0.0015 nm the
displacements of the Ti and O atom at the different sites in the space group P 4mm.
fO0 is the atomic form factor and therefore the Fourier transform of the electron
density around the O atom. For photon energies far from any absorption edges of
the atoms, the total scattering amplitude fj of the atom j is in good approximation
equal to fO0 . However, close to an absorption edge, resonance effects become significant and the scattering amplitude for Ba is written as the normal atomic form factor
0
00
plus a complex anomalous dispersion term fBa
+ ıfBa
. Using Cu Kα radiation of
a standard x-ray tube with wavelength 0.15406 nm and energy 8.05 keV, the energy
of the L1 -edge of Ba (5.989 keV) is slightly lower. Since Eq. (8.6) depends on ∆z, a
change of the polarization by 180◦ causes a change in intensity by 2 − 5% depending
on the BaTiO3 hkl reflection [672]. Reeuwijk and coworkers indeed found intensity
changes due to anomalous scattering in 100 nm thick BaTiO3 films using Cu Kα
radiation [673]. Therefore, anomalous scattering in BaTiO3 thin films is expected
using a standard x-ray tube.
For the experimental determination of the volume fraction of the ferroelastic domains xc , x-ray diffraction measurements around BaTiO3 (002) were carried out.
Figure 8.25(a) shows a reciprocal space map around the BaTiO3 (002) reflection
recorded with E = 0 kV/m. The intensity due to x-ray diffraction from ferroelastic c-domains and tilted a2 -domains are clearly visible. The integrated intensity for
q00L ≤ 2.01 rlu (c-domains) and for q00L > 2.01 rlu (a2 -domains) can be used to determine the volume fraction of these domains near the surface of the BaTiO3 substrate.
From the ratio of the integrated intensities R = Iq00L ≤2.01 rlu /Iq00L >2.01 rlu , the volume
fraction of c-domains can be estimated as follows: xc = R/(1+R) = Iq00L ≤2.01 rlu /Itotal
with Itotal = Iq00L ≤2.01 rlu + Iq00L >2.01 rlu [674]. The resulting volume fraction of cdomains xc as a function of the applied electric field strength E is displayed in
Fig. 8.25(b). As discussed in Section 8.2, due to the utilization of miscut BaTiO3
substrates, only mapping the q00L -q0K0 plane (full symbols) yields the correct information of the c-domain volume fraction (see Fig. 8.11). For comparison, the
derived volume fraction of c-domains obtained by mapping the q00L -qH00 plane is
also included in Fig. 8.25(b) (open symbols). The large difference of the volume
fractions xc again demonstrates the existence of tilted a2 -domains in miscut BaTiO3
substrates. However, butterfly-like xc (E) loops are observed, which is typical for
90◦ ferroelastic domain switching. Furthermore, the change of the volume fraction
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of c-domains resembles (E) traces of bulk ferroelectric materials. By comparing xc
recorded at E = 400 kV/m and E = −400 kV/m, a difference of 1% is observable.
This might be caused by an additional scattering intensity based on anomalous
dispersion described by Eq. (8.6). However, the large uncertainties do not allow
an unambiguous interpretation of this result and a modulation technique would be
more suitable to investigate this issue [675].
For the calculation of strain-mediated converse magnetoelectric effects in FM/
BaTiO3 hybrid structures, the ferroelastic domain configuration at the surface of
the BaTiO3 substrate is essential, since these domains are directly coupled to the
overlying ferromagnetic thin film. As x-rays penetrate into the sample, the obtained
fraction of ferroelastic c-domains is an average value. The penetration depth depends on the absorption coefficient µ of the investigated material and the incident
angle of the x-ray beam. In case of q00L -scans using BaTiO3 , the penetration depth
can be calculated to τ (θ) = sin θ/2µ = λl/(4a · µ) = 0.611 µm · l [68], where l denotes the Miller index. By comparing the volume fraction of ferroelastic c-domains
obtained by x-ray diffraction measurements performed around BaTiO3 (001) (l = 1)
and BaTiO3 (002) (l = 2) at E = 0 kV/m using different FM/BaTiO3 hybrid structures, an uncertainty of less than ±3% is obtained due to the finite penetration
depth, which is exemplarily shown in Fig. 8.25(b) by the red error bar. This significant error could be attributed to an abnormally high fraction of a-domains, that
is observed at the surface of BaTiO3 [669, 676]. Furthermore, a difference of the
domain configuration at the edge of the BaTiO3 substrate is also expected. X-ray
diffraction measurements, which were recorded using pinhole collimation, reveal deviations of the volume fraction of ferroelastic c-domains of about ±6%. However,
since the converse magnetoelectric response of the whole sample is investigated using SQUID magnetometry, the average fraction of ferroelastic c-domains displayed
in Fig. 8.25(b) is used for the following calculations.
With the knowledge of the ferroelastic domain state of the BaTiO3 substrate as a
function of the applied electric field xc (E), the strain tensor of the overlying Fe3 O4
thin film can be calculated using the method described in Section 6.2.3 based on the
in-plane strain components ηi with i = 1, 2, 6 of BaTiO3 . The in-plane components
of the strain tensor are calculated by employing molecular dynamics simulations at a
temperature of TMD = 261 K, which corresponds to Texp. ≈ 300 K in the experiment.
Additionally, the epitaxial strain of the Fe3 O4 thin film has to be taken into account.
As discussed in Section 7.2.1, Fe3 O4 thin films on BaTiO3 exhibit large tensile out-ofplane strain of +1.2% and isotropic in-plane strain of −1.2% at room temperature.
Both values were determined, while E = 400 kV/m was applied across the hybrid
structure, i.e., in a well defined ferroelastic state of the BaTiO3 substrate. Using
these strain values, the strain tensors of the Fe3 O4 thin film on top of ferroelastic
c-domains c and a2 -domains a can be calculated as follows:
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Figure 8.26: Angular dependent magnetization measurements (symbols) carried out
on a Fe3 O4 (38 nm)/BaTiO3 hybrid structure at T = 300 K and an electric field of
E = 400 kV/m applied along the z-direction. (a) The magnetic anisotropy of the
Fe3 O4 thin film can be determined by magnetometry measurements for different inplane orientations φ of the applied magnetic field. φ = 0◦ marks the x-direction of
the BaTiO3 substrate. Since the BaTiO3 substrate exhibits an in-plane misalignment
of 10◦ , the BaTiO3 [100] direction does not coincide with φ = 0◦ . By employing
Eq. (6.4), the simulation (solid lines) of the angular dependence yields a magnetic
cubic anisotropy of Fe3 O4 with an anisotropy field of Kc /M = (−19 ± 1) mT. (b)
M (H) hysteresis measured with the magnetic field aligned on different crystallographic
in-plane orientations. The parameter derived from (a) are used to simulate the M (H)
loops under the assumption of incoherent spin switching with ∆E/Ms = 32 mT (solid
lines) (cf. Appendix B).

In Eq. (8.7), strain components smaller than 10−5 are ignored. Assuming an ideal
coupling between Fe3 O4 and the BaTiO3 substrate, Eq. (8.7) reveals that the formation of a2 -domains reduces the compressive epitaxial strain in the y-direction. For
the simulation of magnetization changes as a function of applied electric fields, effects caused by the converse linear dielectric effect are neglected. Using Eq. (8.7), the
projection of the magnetization M along an applied magnetic field can be calculated
within the described two region model by
M (E) = xc (E) · Mc + (1 − xc (E)) · Ma ,

(8.8)

where Mc and Ma denote the projections of the magnetization along the external
field of Fe3 O4 thin film areas on top of ferroelastic c-domains and a2 -domains, respectively. Mc and Ma are derived by minimizing the modified thermodynamic
potential g̃ (m) described in Section 6.2.1. Since Fe3 O4 /BaTiO3 is a crystalline hybrid structure, the determination of the crystalline magnetic anisotropy of Fe3 O4 is a
prerequisite for the calculation of Mc and Ma calculations. For this purpose, SQUID
magnetometry measurements on a Fe3 O4 /BaTiO3 hybrid structure were carried out
for different in-plane orientations φ of the applied magnetic field. To ensure a well
defined ferroelastic single c-domain state, an electric field of E = 400 kV/m was
applied across the hybrid structure during the measurements. The angular dependent magnetization displayed in Fig. 8.26(a) recorded at constant magnetic field
strengths of 20 mT and 25 mT reveal a four-fold symmetry, which is a clear sign
of a magnetic cubic anisotropy of the Fe3 O4 thin film. The trace of the angular
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dependence at constant strain can be simulated by means of Eq. (6.4). The best
fit between experiment and simulation was obtained using a cubic anisotropy field
of Kc /M = (−19 ± 1) mT. This value is in good agreement with ferromagnetic
resonance measurements performed on a Fe3 O4 /BaTiO3 hybrid structure without
any electric field applied. These measurements were carried out by Mathias Weiler
during his diploma thesis [677].4 A misalignment of the sample of 4◦ with respect
to the rotating axis was assumed to account for the different magnetization values
measured along the h100i directions. The cubic anisotropy of the Fe3 O4 thin film is
also observable by magnetic hysteresis measurements M (H) carried out for different
orientations of the external magnetic field (see Fig. 8.26(b)). Since x-ray diffraction
measurements on this sample reveal an in-plane misalignment of the BaTiO3 unit
cell of 10◦ with respect to the substrate edges, the crystallographic orientation of the
Fe3 O4 /BaTiO3 hybrid structure slightly differs from the respective φ angles, which
are determined relative to the substrate edges (cf. Fig. 8.26(a)). The magnetic hysteresis curves M (H) measured with the applied magnetic field aligned either along
h110i or h100i directions of the Fe3 O4 thin film are nearly indistinguishable, which
further proves that the Fe3 O4 thin film exhibits a cubic symmetry. In addition, the
M (H) curves reveal magnetically easy directions along h110i and hard directions
along h100i. By using the anisotropy behavior determined by the simulations of
the angular dependence of the magnetization at constant magnetic field strength
displayed in Fig. 8.26(a), the magnetization as a function of the applied magnetic
field was calculated for a magnetic field orientation of [100] and [110]. The simulation was carried out under the assumption of a incoherent spin switching using
an energy barrier of ∆E/Ms = 32 mT. This value was obtained by the simulation of the magnetic hysteresis of a Fe3 O4 thin film deposited on a lattice matched
MgO substrate (see Appendix B). While the shape of the M (H) curves are well
described, the coercive fields are underestimated (cf. Fig. 8.26(b)). As discussed in
Appendix B, this can be attributed to additional pinning centers in Fe3 O4 /BaTiO3
hybrid structures compared to Fe3 O4 thin films on MgO substrates. However, the
relative magnetization dependence can be well described.
With the knowledge of the magnetic anisotropy at E = 400 kV/m, the remaining
unknown parameter k, which characterizes the magnetoelastic coupling strength of
the Fe3 O4 /BaTiO3 hybrid structure and the difference of the magnetostrictive strain
for Fe3 O4 thin films and bulk materials (cf. Section 6.2.3), can be determined by
M (H) loops measured under different electric fields applied to the BaTiO3 substrate.
In Figs. 8.27(a) and (b), M (H) loops with the applied magnetic field aligned along
the x-direction (φ = 0◦ ) as well as along the y-direction (φ = 90◦ ) of the BaTiO3
substrate are shown. An electric field of E = 400 kV/m and E = −60 kV/m was applied across the hybrid structure during the measurements. While the magnetization
as a function of the applied magnetic field for H k x and H k y at E = 400 kV/m resembles M (H) loops recorded with H k [100] (cf. Fig. 8.26(b)), the resulting M (H)
loops for an electric field of E = −60 kV/m are superpositions of Fe3 O4 thin film
4

Ferromagnetic resonance measurements on FM/BaTiO3 hybrid structures under finite applied
electric fields are not applicable mainly due to the high dielectric constant of BaTiO3 (see
Ref. [677]).
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Figure 8.27: Magnetization as a function of the applied magnetic field for (a) H k x
and (b) H k y recorded at E = 400 kV/m (black open symbols) and E = −60 kV/m
(red open symbols) in Fe3 O4 (38 nm)/BaTiO3 . The maximum converse magnetoelectric
effect can be estimated from the difference of both measurements ∆M = M400 kV/m −
M−60 kV/m (blue open symbols). The magnetic hysteresis loops were simulated by
using Kc /M = (−19 ± 1) mT, a magnetoelastic coupling strength of k = (0.42 ± 0.02),
a volume fraction of ferroelastic c-domains at E = −60 kV/m of xc = (79 ± 3)% as
well as a energy barrier of ∆E/Ms = 32 mT (solid lines).

regions, which are located on top of ferroelastic c-domains and a2 -domains. This is
manifested in a two step magnetization reversal for H k x. By using the magnetoelastic coupling strength k = (0.42 ± 0.02) as well as a volume fraction of ferroelastic
c-domains at E = −60 kV/m of xc = (79 ± 3)% (see Fig. 8.25(b)), the two step
reversal process for H k x and the relative magnetization dependence as a function of the applied magnetic field for H k y can be well simulated (solid lines in
Figs. 8.27(a) and (b)). The difference in the coercive fields can again be attributed
to a high density of pinning centers in this hybrid structure.
Now, we are ready to simulate the converse magnetoelectric effect in Fe3 O4 /BaTiO3
hybrid structures on the basis of the simple two region model described by Eq. (8.8),
using the magnetic and magnetoelastic parameters determined above. The similar
electric field dependence of the magnetization and the volume fraction of ferroelastic c-domains in the BaTiO3 substrate shown in Fig. 8.28(a) further confirms the
use of the two region model as the starting point for the simulation of the converse
magnetoelectric effect at fixed magnetic field strengths. Although, the magnitude
of the converse magnetoelectric effect, which can be estimated by the difference of
the magnetization ∆M = M400 kV/m − M−60 kV/m recorded at E = 400 kV/m and
E = −60 kV/m, is expected to be largest around the magnetic coercive field of
Fe3 O4 (cf. Figs. 8.27(a) and (b)), magnetic field strengths well above the saturation field are used to simulate the electric field dependence of the magnetization
to ensure a magnetic single domain state in each region of the ferromagnetic layer.
Figure 8.28(b) shows an excellent agreement between experiment and simulation for
a magnetic field orientation of H k y and two different magnetic field strengths.
This proves that the electric field dependence of the magnetization of FM/BaTiO3
hybrid structures can be well described within the two region model for magnetic
fields well above the saturation field.
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Figure 8.28: (a) Measured normalized magnetization M/Mpol (black symbols) and volume fraction of ferroelastic c-domains xc (red symbols) as a function of the applied
electric field E. Both reveal an almost identical dependence. (b) Measured (symbols)
and simulated (solid lines) converse magnetoelectric effect for a magnetic field orientation of H k y and two different magnetic field strengths well above the saturation
magnetic field in Fe3 O4 (38 nm)/BaTiO3 .

Local measurement of the converse magnetoelectric effect using angle
dependent magnetoresistance measurements
All above measurements of the electric field dependence of the magnetization in
this section were performed using a SQUID magnetometer. Within this technique,
the total magnetic moment integrated over the whole sample volume is measured.
By using angle-dependent magnetoresistance (ADMR) measurements, the magnetic
anisotropy can be observed on a local scale (cf. Section 2.3.3). Exploiting the particular domain configuration of miscut BaTiO3 substrates (see Fig. 8.13), the Hall
bar used for magnetotransport measurements can be defined in such a way, that the
measured longitudinal resistivity ρxx (transverse resistivity ρxy ) is a series (parallel)
connection of different regions exhibiting a certain strain state. This is shown in
Fig. 8.29(a) for a 50 nm thick Ni thin film deposited on a BaTiO3 substrate. The
a2 -c-domain structure is clearly observable in this micrograph. Furthermore, the
probed 220 µm × 80 µm area of the polycrystalline Ni thin films is marked by a red
shaded rectangle. The ADMR measurements were carried out with the current direction j along the pseudo-cubic [010]pc direction of the BaTiO3 substrate and ρxx
as well as ρxy were recorded at fixed magnetic field strength under different in-plane
orientations of the magnetic field. To simulate the experimental data in the context
of the discussed two region model, the volume fraction of the c-domains xc , which
are present in the BaTiO3 substrate at a certain electric field strength was determined by x-ray diffraction around the BaTiO3 (002) reflection in the same way as
described above. The result is shown in Fig. 8.29(b). To exclude effects stemming
from the edges of the BaTiO3 substrate, a pinhole with 1 mm in diameter was used
to confine the x-ray beam size. However, since the x-ray diffraction measurements
were performed after the deposition of Ni on BaTiO3 and before the fabrication process of the Hall bar pattern, the x-ray diffraction and the transport measurements
might were carried out on different areas. Nevertheless, with the knowledge of the
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Figure 8.29: Angle-dependent magnetoresistance (ADMR) measurement performed on
a Ni(50 nm)/BaTiO3 hybrid structure. (a) The optical microscope image shows the
relative alignment of a Ni Hall bar, which was patterned by optical lithography and
ion milling, with respect to the pseudo-cubic axes of the BaTiO3 substrate. The a2 -cdomain walls are clearly visible by dark lines. The Hall bar is aligned perpendicular
to these lines. The probed 220 µm × 80 µm area of the polycrystalline Ni thin films is
marked by a red shaded rectangle. The longitudinal and transverse voltage measured
along and across the current direction arise from Exx = j · E and Exy = t · E with
j k [010]pc and t k [1̄00]pc . (b) To simulate the ADMR measurements, the volume
fraction of c-domains xc was measured using x-ray diffraction around the BaTiO3 (002)
reflection (symbols). The lines are guides to the eye. To exclude effects stemming from
the edges of the BaTiO3 substrate, a pinhole with 1 mm in diameter was used to confine
the x-ray beam size. ADMR measurements were performed at different electric fields
marked by the red open symbols.

volume fraction of the c-domains xc in the sample as well as the strength of the
magnetoelastic coupling k = (0.23 ± 0.02) determined by ferromagnetic resonance
measurements shown in Fig. 8.12, we are set to simulate the experimental results.
Since, in case of polycrystalline ferromagnetic thin films, the ferromagnetic material is deposited in an unstrained state on a certain ferroelastic domain configuration
of the BaTiO3 substrate at room temperature, the dependence of the magnetization
as a function of the applied electric field in Ni/BaTiO3 hybrid structures has to be
calculated with respect to the unknown ferroelastic domain state present during the
fabrication process. Therefore, we first determine the initial volume fraction of ferdep
dep
roelastic a- and c-domains (xdep
a1 , xa2 , xc ) during the deposition, by simulating the
experimental results with an electric field of 400 kV/m applied to the hybrid structure. Even though, Figure 8.29(b) reveals a small but finite a2 -domain concentration
at 400 kV/m (xc < 1), we neglect these a2 -domains and assume a ferroelastic single
c-domain state at this particular electric field. The observed longitudinal resistivity
ρxx is a series connection of resistivities stemming from Ni regions, which are grown
a1
dep
a2
on top of a- and c-domains: ρxx = xdep
· ρcxx + xdep
c
a1 · ρxx + xa2 · ρxx . The resistivities
c
a1
a2
ρxx , ρxx , and ρxx can now be calculated on the basis of magnetoelastic theory using
the strain tensors depicted in Eq. (8.5). Equivalently, the transverse resistivity can
−1


a1 −1
a2 −1
be simulated by (ρxy ) −1 = xdep
· ρcxy
+ xdep
+ xdep
.
c
a1 · ρxy
a2 · ρxy
Figures 8.30(a) and (b) shows the longitudinal ρxx and transverse ρxy resistivity
measured at 300 K for different magnetic field strengths. The resistivity parameters
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Figure 8.30: Angle-dependent longitudinal resistivity ρxx (a) and transverse resistivity
ρxy (b) measured with an electric field of E = 400 kV/m applied across the Ni/BaTiO3
hybrid structure at constant external magnetic field strengths. ρxx (c) and ρxy (d)
recorded with an applied magnetic field of µ0 H = 75 mT at different electric fields
(400 kV/m, 0 kV/m, −60 kV/m, −400 kV/m, 0 kV/m, 90 kV/m, 400 kV/m). The direction of the external magnetic field is denoted with respect to the pseudo-cubic
directions of the BaTiO3 substrate. Before each measurement, the magnetization was
aligned into a well-defined initial state in an external magnetic field of µ0 H = 1 T
along [010]pc at constant electric field applied across the hybrid structure. Then, the
magnetic field strength was reduced to the measuring field and the angular scan was
started. The experimental data are displayed by open symbols and the simulation of
the angle-dependent magnetoresistance by black solid lines. The data are shifted by a
constant offset for better visibility.

ρ0 = 296.96 nΩm, ρ1 = 4.06 nΩm, and ρ2 = 4.55 nΩm are deduced from ADMR
measurements recorded at a magnetic field of µ0 H = 500 mT. These parameters are
kept constant for different magnetic fields. Furthermore, to reduce the number of free
fit parameters, ρ0 , ρ1 and ρ2 are assumed to be the same for Ni regions exposed to
different strain. This is obviously not true, since piezoresistance effects are neglected
(cf. Section 8.1.2). To account for these effects, the experimental data recorded at
fixed electric fields applied across the hybrid structure were scaled by a factor between 0.995 and 1. In theory, the resistivity parameters ρ1 and ρ2 should be identical
for an “ideal” polycrystalline material. However, ρ1 and ρ2 differ by 12%, which can
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be attributed to a preferred orientation of Ni grains during the growth process. A
perfect agreement between experiment and simulation can be obtained by assuming
dep
a volume fraction of a-domains of xdep
a1 = 0 and xa2 = (0.25 ± 0.02) during the deposition, which yields a volume fraction of c-domains of xdep
= 1 − xdep
c
a2 = (0.75 ± 0.02)
(see Figs. 8.30(a) and (b)). These domain concentrations are the starting point to describe ADMR measurements at different electric fields applied across the Ni/BaTiO3
hybrid. As indicated by red symbols in Fig. 8.29(b), ADMR measurements were
performed at 400 kV/m, 0 kV/m, −60 kV/m, −400 kV/m, 0 kV/m, 90 kV/m, and
400 kV/m. Using the measured volume fraction of c-domains xc , the longitudinal
resistivity ρxx and transverse resistivity ρxy was calculated. Note that there are no
free parameters in the simulation. In Figs. 8.30(c) and (d), the experimental data as
well as the simulation for ρxx and ρxy performed at a constant external magnetic field
strength of µ0 H = 75 mT are shown. While a good agreement between experiment
and simulation is mainly observed for the longitudinal resistivity ρxx , the simulation of the transverse resistivity ρxy differs slightly along the pseudo-cubic [100]pc
direction of the BaTiO3 substrate. This can be mainly attributed to the insufficient
determination of the volume fraction of the ferroelastic domains beneath the probed
area of the Ni thin film.
However, Figure 8.29 reveals that the magnetic properties of Ni/BaTiO3 hybrid
structures can be described locally by angle-dependent magnetoresistance (ADMR)
measurements. Therefore, not only macroscopic magnetometry measurements are
well described on the basis of the simple two region model (cf. Fig. 8.28(b)), but
also small structures. Note that a ferroelastic domain control is a prerequisite for
simulations of the longitudinal ρxx and transverse resistivity ρxy (cf. Fig. 8.29(a)).
The limit of the two region model: Irreversible and reversible
magnetization switching by an electric field
Figures 8.28 and 8.30 demonstrate that the simple two region model is sufficient to
explain converse magnetoelectric effects in FM/BaTiO3 hybrid structures at magnetic fields larger than the saturation fields of the respective ferromagnetic material
used in the FM/BaTiO3 hybrid structure. However, detailed magnetization measurements with H k y reveal changes of the coercive field µ0 Hc for different electric
fields applied across Ni/BaTiO3 hybrid structures, which cannot be explained in the
context of the two region model alone.
Figure 8.31 shows the magnetization as a function of the applied external magnetic
field aligned along H k y for two different electric fields. As evident in Fig. 8.31,
the M (H) loop measured at E = −60 kV/m does not only reveal a reduction of
the magnetization below µ0 H = 200 mT, but also a change in the coercive field
from µ0 Hc = 5.5 mT to 5.0 mT. Therefore, the coercive field can be manipulated by
around 10% via electric fields in this sample. This value is by a factor of two smaller
than the one reported recently in Fe/BaTiO3 hybrid structures [678]. However,
the two region model must be extended to simulate these effects. Up to now, the
converse magnetoelectric effects are simulated by taking only the volume fraction
of ferroelastic c- and a2 -domains into account. In this context, the imposed strain
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Figure 8.31: (a) and (b) Magnetic hysteresis loops M (H) measured with E = 400 kV/m
(black) and E = −60 kV/m (red) applied across a Ni(50 nm)/BaTiO3 hybrid structure.
The magnetic field was aligned along the y direction. To estimate the maximum
magnetoelectric effect, the difference ∆M = M400 kV/m − M−60 kV/m is shown in blue.
The best agreement between simulation (solid lines) and experiment (open symbols)
was obtained for a magnetoelastic coupling strength of k = (0.80 ± 0.02) as well
as an assumed domain configuration during the deposition of xc = (45 ± 3)% and
xdep
a2 = (55 ± 3)%. Furthermore, an energy barrier of ∆E/Ms = 11 mT was used to
account for the formation of domains and pinning effects. Furthermore, an uniaxial
anisotropy is included into the simulation (see Fig. 8.12). Upon reducing the electric
field to E = −60 kV/m, (28 ± 2)% a2 -domains are formed.

tensor caused by each ferroelastic domain is taken as a constant and the electric
field dependence, i.e., converse piezoelectric effects, was neglected. However, these
effects can shift the magnetic switching field to higher and lower values.
X-ray diffraction is a suitable method to investigate the converse piezoelectric effect [679, 680]. In the case of the BaTiO3 substrate, x-ray diffraction measurements
were performed around the asymmetric BaTiO3 (024) reflection with different electric fields applied across the sample. Since the electric field changes the interplanar
spacing dHKL and therefore the scattering vector qHKL in the reciprocal space, a
three-dimensional mapping of the BaTiO3 (024) reflection has to be carried out. For
this purpose, reciprocal space maps with different in-plane orientations of the sample
were recorded (see Fig. 8.11) and the scattering vector q024 (E) as a function of the
electric field is determined. In Figs. 8.32(a)-(c), the influence of a finite electric field
applied across the BaTiO3 on the scattering vector ∆q = q024 (E) − q024 (E = 0)
is shown. While the large uncertainties in ∆qx prevent an interpretation of the
electric field dependence, the electric field alters the components ∆qy and ∆qz . To
exclude temperature instabilities or drift effects, x-ray diffraction measurements are
performed for decreasing the electric field strength from 400 kV/m to −400 kV/m
(full symbols) and increasing it again to 400 kV/m (open symbols). By comparing
both measurement series, a small hysteresis is visible due to the ferroelectric nature
of BaTiO3 . In the limit of the linear theory of elasticity, the elastic strain tensor
based on the converse piezoelectric effect can be calculated from Figs. 8.32(a)-(c).
Under the influence of a finite strain ij a unit-cell vector ak in the real space
changes according to ai = (1 + ij )a0j (i, j = 1, 2, 3), where ai denotes the strained
vector component and a0j the vector component at E = 0. With the definition of
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Figure 8.32: Variation of the asymmetric BaTiO3 (024) reflection under different electric
fields applied across the BaTiO3 substrate. The change of the (a) x-, (b) y-, and
(c) z- component of the scattering vector q024 (E) with respect to q024 (E = 0) is
determined by performing reciprocal space maps around BaTiO3 (024) with different
in-plane orientations of the sample. For each electric field strength, 20 reciprocal space
maps were recorded varying the in-plane orientation by 0.25◦ . The x-ray diffraction
measurements were performed for decreasing the electric field strength from 400 kV/m
to −400 kV/m (line and full symbols) and increasing it again to 400 kV/m (dashed line
and open symbols). (d) The elastic strain components ηi are derived from ∆qi in the
limit of the linear theory of elasticity. Due to the large error in ∆qx , η1 is calculated
using the BaTiO3 Poisson ratio of ν = 0.29. For clarity, only the electric field sweep
+400 kV/m → −400 kV/m is shown.

the base vectors bl of the reciprocal space ak · bl = 2πδkl (k, l = 1 − 3), where δkl
denotes the Kronecker delta, the components of a base vector can be expressed as
bi =

1
b0j ' (1 − ij )b0j .
1 + ij

(8.9)

In the approximation of the linear theory of elasticity, higher than first powers of ij
are neglected [680]. Since all reciprocal lattice vectors can be expressed as a linear
combination of bl , any reciprocal lattice vector transforms according to Eq. 8.9.
Therefore, the strain components in the matrix notation ηi can be derived from
∆qi displayed in Figs. 8.32(a)-(c) by ηi = −∆qi /qi0 (i = 1, 2, 3), neglecting any shear
strains. Due to the large error in ∆qx , η1 is calculated using the BaTiO3 Poisson ratio
of ν = 0.29 [643]. The resulting strain components ηi are shown in Fig. 8.32(d). All
three components are in the order of 0.1% and thus one order of magnitude smaller
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Figure 8.33: (a) Irreversible switching of the magnetization via electric field measured in
a Ni(50 nm)/BaTiO3 hybrid structure. (b) Evolution of the magnetization during the
electric field sweep from +400 kV/m (B1 ) to −60 kV/m (B2 ) and back to +400 kV/m
(B3 ) at a constant magnetic field strength of µ0 H = +5.2 mT. The second electric
field sweep (+400 kV/m (B3 ) → −60 kV/m (B4 ) → +400 kV/m (B5 )) is indicated by
open symbols.

than the strain imposed by the generation of ferroelastic a2 -domains. On the other
hand, these values are by far larger than the induced in-plane strain calculated
from the piezoelectric modulus dij of BaTiO3 (cf. Section 7.1). Furthermore, the
symmetry of the tetragonal phase 4mm does not allow a difference in the in-plane
strain components η1 and η2 for an electric field applied in any direction. Therefore,
the result in Fig. 8.32(d) is surprising and can only explained by extrinsic effects
due to the particular ferroelastic domain configuration displayed in Fig. 8.13. In
this context, polarization rotation might be one reason for the large piezoelectric
response evident in Fig. 8.32(d) [484].
However, by including the electric field dependence of ηi (E) into the two region
model, the M (H) loops can be nicely simulated (solid lines in Fig. 8.31). Therefore,
the difference in the coercive field µ0 Hc for E = 400 kV/m and E = −60 kV/m are
caused by magnetoelastic effects based on the converse piezoelectric effect.
The electric field control of the coercive field µ0 Hc (E) in Ni/BaTiO3 can be utilized
to irreversibly switch the magnetization M. This is shown in Fig. 8.33. After preparing M in a well-defined state at µ0 H = −100 mT and E = 400 kV/m, the external
magnetic field strength is increased from µ0 H = −100 mT (A) to µ0 H = +5.2 mT
(B1 ) at a constant electric field of E = 400 kV/m. At point (B1 ), the magnetization
M has not yet switched, and is therefore essentially oriented antiparallel to the external magnetic field in a metastable state. This situation is shown in Fig. 8.34(a).
The calculated g̃ (m) /Ms trace using an external magnetic field of µ0 H = −100 mT
reveals that the magnetization orientation is aligned along the global minimum of
g̃ (m) /Ms at around m2 ≈ −1 (A), i.e., almost parallel to the external magnetic field.
By increasing the magnetic field strength to µ0 H = +5.2 mT (B1 ), the magnetization remains close to m2 ≈ −1. Up to this magnetic field, no switching of the
magnetization occurs, since the energy difference ∆g̃ (m) /Ms of the local minima at
around m2 ≈ −1 and the global minima at around m2 ≈ +1 is smaller than the energy barrier of ∆E/Ms = 11 mT needed to generate magnetic domains and overcome
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Figure 8.34: Illustration of the irreversible switching process of the magnetization via
electric fields in Ni/BaTiO3 . (a) Calculated free enthalpy density contours g̃ (m) /Ms
normalized to the saturation magnetization Ms as a function of the external magnetic
field. A constant electric field of E = 400 kV/m is assumed to be applied to the
Ni/BaTiO3 hybrid structure. The minima of g̃ (m) /Ms and therefore the magnetization
orientations are marked by black and blue full circles. Furthermore, the directions
of the external magnetic field for negative magnetic field strengths (black curves) and
µ0 H = +5.2 mT (blue line) are indicated by black and blue open triangles. (b) g̃ (m) /Ms
calculated at µ0 H = +5.2 mT for different electric fields (blue lines). The irreversible
coherent switching of the magnetization is indicated by dashed black arrows.

pinning effects in the Ni/BaTiO3 sample (cf. Appendix B).5 Due to local fluctuations of the magnetization caused by finite temperature or sample inhomogeneities,
which are not considered in our simulations, some magnetic moments switch already at lower magnetic field strengths and reduce the magnetization. This might
also be the reason for the difference of the simulated and measured M (H) loop for
E = 400 kV/m at low magnetic field strengths shown in Fig. 8.31(b). However,
the main part of the magnetization is aligned antiparallel to the external magnetic
field at point (B1 ). Reducing the electric field strength from +400 kV/m (B1 ) to
−60 kV/m (B2 ) at the constant magnetic field of µ0 H = +5.2 mT then results in
an almost demagnetized Ni thin film with a multi-domain state and thus a low
magnetization of M = 52.7 kA/m (see Fig. 8.33(b)). Upon increasing the electric
field again from −60 kV/m (B2 ) to +400 kV/m (B3 ), the magnetization M aligns
along the external magnetic field as evident from the large positive magnetization
290 kA/m. A subsequent scan of the electric field from +400 kV/m to −60 kV/m
and back (B3 → B4 → B5 ) only reduces the magnetization by about 20% but does
not switch the magnetization again. Thus, Fig. 8.33 demonstrates that the magnetization M can be switched irreversibly by sweeping the electric field only. To restore
the initial state, the external magnetic field must be decreased from µ0 H = +5.2 mT
to µ0 H = −100 mT (B3 → C) at constant electric field E = 400 kV/m.
To explain the irreversible switching process, we trace the minimum of g̃ (m) /Ms as
a function of the applied electric field at a constant magnetic field of µ0 H = +5.2 mT
(see Fig. 8.34(a)). Starting at 400 kV/m (B1 ), the magnetization is oriented close to
m2 = −1. While almost no changes are observed by decreasing the electric field to
5

The energy barrier is determined by simulating the magnetic hysteresis shown in Fig. 8.31.
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Figure 8.35: (a) M (E) minor loops of Ni(50 nm)/BaTiO3 measured at a constant external magnetic field of µ0 H = 5 mT by sweeping the electric field in a small range
from E = +100 kV/m to −20 kV/m and back to +100 kV/m after aligning the magnetization into a well-defined state using an external magnetic field of µ0 H = 1 T. The
electric field sequence was repeated five times (#1-#5). (b) Two different remanent
magnetic states, which are indicated by full circles, can be achieved by applying the
electric field sequence +0.2 kV/m → 0 kV/m → −0.2 kV/m → 0 kV/m (red line) across
the structure.

80 kV/m, which is in agreement with the experimental data shown in Fig. 8.33(b),
a coherent switching of the magnetization (m2 ≈ −1 → m2 ≈ 0 → m2 ≈ +1) is
observed between 40 kV/m and 0 kV/m. Increasing the external electric field to
40 kV/m, the orientation of the magnetization aligns almost parallel to the external magnetic field. Any further variation of the external electric field causes only
minor changes of the magnetization, since the magnetization direction remains in
the global minimum close to m2 ≈ +1 (B3 ). Therefore, Figure 8.34(a) discloses,
that the non-volatile irreversible magnetization switching is caused by a continuous
coherent magnetization reorientation explainable on the basis of the elastic strain
components ηi derived using x-ray diffraction. However, to improve the agreement
between experiment and simulation, the elastic strain components ηi resulting from
the converse piezoelectric effect should be determined in more detail. Furthermore,
a broad Gaussian distribution of the energy barrier, which takes a broad distribution
of domain pinning effects into account, should be included into the simulation [681].
Figure 8.33(b) reveals a hysteretic M (E) behavior of the second electric field sweep
(B3 → B4 → B5 ) with two different values of the magnetization at E = 0 kV/m,
depending on the sweep history. This is illustrated in more detail in Fig. 8.35(a).
After aligning the magnetization into a well-defined state using an external magnetic field of µ0 H = 1 T, the electric field dependence of the Ni/BaTiO3 hybrid
structure is measured in a small range from E = +100 kV/m to −20 kV/m and
back to +100 kV/m. The electric field sequence was repeated several times in a
row. While a small drift of the magnetization is observed up to the third minor loop
(#1-#3), the fourth and fifth measurements (#4, #5) are almost identical. This
demonstrates that the two different magnetization states at E = 0 kV/m are stable
in time after performing four electric field sweeps. The hysteretic M (E) behav-
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ior can be attributed to the ferroelastic nature of the BaTiO3 substrate leading to
non-linearities of the converse piezoelectric response. In particular, under weak-field
conditions, irreversible elastic domain wall effects play a dominant role. While reversible contributions result in a linear behavior, irreversible effects can be expressed
by a quadratic dependence [682, 683]. This is in analogy to ferromagnetic hysteresis
described by the Rayleigh law [684].
Considering the Ni/BaTiO3 hybrid structure macroscopically as a new, homogeneous system [423], the remanent magnetization of this system can even be switched
from one electro-remanent state to another and back to the initial state, by applying
the electric field sequence +0.2 kV/m → 0 kV/m → −0.2 kV/m → 0 kV/m across
the structure (see Fig. 8.35(b)). Therefore, two different remanent states can be
realized electrically in Ni/BaTiO3 hybrid structures. We note that the electric field
strengths to achieve a remanent switching based on ferroelastic domain effects are
low compared to electric fields needed to switch the polarization, as required, e.g.,
in ferroelectric random access memories.
In total, the manipulation of the ferromagnetic magnetization via electric fields
was discussed in detail in different FM/BaTiO3 hybrid structures with FM = Ni,
Fe3 O4 , Sr2 CrReO6 at room temperature. In particular, pure electrical reversible
and irreversible switching of the magnetization was achieved. The magnetization
changes were found to be purely strain mediated and could be explained by a two
region model. At low electric fields (E < 400 kV/m) two types of regions can be
distinguished. One type consists of parts of the ferromagnetic thin film on top of ferroelastic c-domains and the other can be identified by areas clamped to ferroelastic
a2 -domains. While, at first glance, ferromagnetic thin films on top of c-domains as
well as of 90◦ -domain walls are assumed to be not affected by the electric field, the
formation of ferroelastic a2 -domains induces strain in the overlying ferromagnetic
thin film and alters the magnetization due to magnetoelastic effects. This two region model is adequate to describe electric field induced magnetization changes in
FM/BaTiO3 hybrid structures carried out at magnetic field strengths larger than
the saturation field of the ferromagnetic thin film. However, at lower magnetic fields,
magnetization variations due to the converse piezoelectric effect of c- and a2 -domains
have to be taken into account.

8.4.2 BaTiO3 in the orthorhombic phase
In terms of application, the control of the magnetization in FM/BaTiO3 hybrid
structures at room temperature is certainly the most important aspect. However,
high electromechanical response can be observed by polarization rotation from a
rhombohedral or orthorhombic state to a tetragonal one induced by external electric
fields [484]. Therefore, large magnetoelectric effects in FM/BaTiO3 hybrid structures are expected in the orthorhombic phase of BaTiO3 at 270 K with the electric
field applied along the z-direction.
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Figure 8.36: (a) Schematic illustration of the symmetry changes during the switching
process of the ferroelectric polarization in the nominal orthorhombic phase with the
electric field applied along the z-direction. T , Mc , O denote the tetragonal, monoclinic,
and orthorhombic symmetries and the blue arrows the ferroelectric polarization P in
each symmetry. (b) In-plane strain components ηi (i = 1, 2, 6) as a function of the
applied electric field E calculated via molecular dynamics simulations in the nominally
orthorhombic phase at TMD = 232 K. The critical fields ET →Mc and EMc →T are
marked by vertical red dashed lines.

Expected magnetization changes of Fe3 O4 /BaTiO3 hybrids with BaTiO3 in
the orthorhombic phase
While the tetragonal symmetry is preserved during the switching of the polarization
of a perfect BaTiO3 crystal at room temperature , the polarization reversal in the
orthorhombic phase of BaTiO3 with an electric field applied along the z-direction is
a multi-step process (see Fig. 8.36(a)). At sufficiently high values of the electric field
E, the polarization P is aligned parallel to the external electric field along [001]pc
exhibiting a tetragonal symmetry (T ). Decreasing the external electric field, a phase
transition from the tetragonal to the monoclinic Mc symmetry occurs at a critical
field ET →Mc . In the monoclinic Mc phase the polarization P is aligned along [u0v]pc
with (u 6= v) [664]. Further reducing the electric field strength leads to a rotation of
the polarization P towards the [101]pc direction in the (010)pc plane. At E = 0 kV/m
both strain components are equal and BaTiO3 exhibits an orthorhombic symmetry
(O). The second switching occurs at the coercive field, at which the polarization
P reverses. After the polarization reversal, the polarization rotates away from the
[1̄01̄]pc direction with decreasing the electric field. At the critical field EMc →T , the
phase transition from the Mc phase to the tetragonal phase takes place. Therefore,
the electric polarization reversal in the nominal orthorhombic phase is characterized
by two switching processes. First, the polarization switches from the tetragonal
T to the monoclinic Mc symmetry and second, a polarization reversal takes place
within the monoclinic Mc symmetry. Furthermore, a rotation of the polarization is
observable in the monoclinic Mc phase.
The multi-step process of the polarization reversal is expected to have significant
impact on the strain state of the BaTiO3 substrate and therefore should alter the
magnetization in FM/BaTiO3 hybrid structures. Using molecular dynamics simu-
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Figure 8.37: Projection of the magnetization on the external magnetic field direction
as a function of the applied electric field M (E) of a Fe3 O4 /BaTiO3 hybrid structure
calculated on the basis of the in-plane strain components ηi (i = 1, 2, 6) derived by
molecular dynamics simulations (cf. Fig. 7.2(b)). The external magnetic field was
aligned along (a) H k x and (b) H k y and a magnetic field strength of µ0 H = 100 mT
were used for the simulation. The magnetization is normalized to the value Mpol
obtained at E = 40000 kV/m. Again, the critical fields ET →Mc and EMc →T are marked
by vertical red dashed lines.

lation, the strain components ηi and the polarization as a function of the electric
field were calculated at TMD = 232 K, which corresponds to Texp. ≈ 270 K (see
Fig. 8.14). In contrast to Fig. 7.3, higher electric field strengths are considered in
the simulation shown in Fig. 8.36(b). At electric fields larger than E > 16000 kV/m,
where the polarization is parallel to the external electric field, the strain response is
caused by the converse linear piezoelectric effect. However, since no difference between the in-plane strain components is observed, no variation of the magnetization
in FM/BaTiO3 hybrid structures is expected in this electric field range (cf. Section 6.2.4). The situation changes when the electric field strength is reduced. At
the first critical field ET →Mc = 16000 kV/m, when the crystal transforms to the
monoclinic Mc symmetry, large discontinuities of the strain components are visible (see Fig. 8.36(b)). Furthermore, the in-plane isotropy is broken, leading to a
large difference of η1 and η2 of more than 0.5 %. This should cause large changes of
the magnetization of the clamped ferromagnetic thin film. Within the monoclinic
Mc phase, the rotation of the polarization results in an increase of the strain component η2 . The second discontinuity of the electric field dependence of the strain
components occurs at the coercive field E ≈ −2000 kV/m at which the polarization
reverses. Below this electric field strength, the BaTiO3 crystal enters the polarization rotation region and at the critical field EMc →T , the phase transition from the Mc
phase to the tetragonal phase takes place. Therefore, the strain behavior is almost
symmetric with respect to E ≈ −2000 kV/m and ferroelastic domain switching may
play a minor role.
On the basis of the calculated in-plane strain components ηi (i = 1, 2, 6), the
normalized magnetization as a function of the applied electric field can now be
simulated in a Fe3 O4 /BaTiO3 hybrid structure. To carry out the simulation, the
magnetic and magnetoelastic parameters determined in Section 8.4.1 are used. To
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emulate the experiment, the general sequence of the simulation is as follows. First,
the magnetization component along the external magnetic field, which was aligned
either along x or y, during cooling down from 300 K to 270 K was calculated on the
basis of the calculated strain components shown in Fig. 8.14 using a magnetic field
strength of 1 T. At 270 K, which corresponds to TMD = 232 K in the simulation, the
magnetic field strength is reduced to the measuring field of 100 mT and the electric
field dependence of the magnetization is simulated using all 6 strain components
ηi , which are calculated at TMD = 232 K with different electric fields applied. Figures 8.37 (a) and (b) reveal a maximum change of the magnetization of about 0.1%,
which is comparable with magnetoelastic effects measured at room temperature (see
Fig. 8.28(b)). As expected, no variation of the magnetization is visible for electric
fields larger than E > 16000 kV/m, i.e., in the tetragonal symmetry. However, reducing the electric field strength, when the crystal enters the monoclinic Mc phase,
large magnetoelectric effects are observable at the critical electric field ET →Mc . Furthermore, smaller changes of the magnetization is simulated around the coercive
fields at around E ≈ −2000 kV/m. In total, the M (E) loops resembles the electric
field dependence of the strain component η2 (E) shown in Fig. 8.36(b). Therefore, the
converse magnetoelectric effect in the nominal orthorhombic phase is not expected
to be caused by ferroelastic domain switching as it is the case in the tetragonal
symmetry but should also be achieved considering a ferroelastic single-domain state
in the BaTiO3 substrate.
Magnetic response of FM/BaTiO3 hybrid structures as a function of the
applied electric field at 270 K
In contrast to the predictions from theory, totally different electric field dependencies of the magnetization is observed experimentally. In Fig. 8.38, the projection of
the magnetization onto the external magnetic field direction of FM/BaTiO3 hybrid
structures as a function of the applied electric field using different ferromagnetic
materials are shown. A strongly asymmetric behavior is detected in all FM/BaTiO3
hybrid structures. While almost no changes of the magnetization projection is detected by decreasing the electric field from 400 kV/m down to the corresponding
coercive field, gradual magnetization changes are observed below this electric field
strength. Whether the magnetization projection increases or decreases depends on
the sign of the magnetostrictive constant λ100 . Very recently, a similar dependence
of the magnetic coercive field as a function of the applied electric field measured at
250 K on Fe/BaTiO3 hybrid structures was reported by Brivio and coworkers [685].
Therefore, the asymmetric behavior of the M (E) loops is no experimental artifact.
By comparing Fig. 8.38 and Fig. 8.37, it seems that only the magnetization dependence for E > 0 kV/m was measured, as a result of a large shift of the ferroelectric
hysteresis. Since the displacement currents also shown in Fig. 8.38 are nearly symmetric with respect to E = 0 kV/m, a distortion or shift of the hysteresis loop, as
speculated by Brivio et al. [685], is not the reason for the asymmetric behavior.
Furthermore, the magnetization behavior displayed in Fig. 8.38 does not change by
increasing the maximum electric field strength up to E ≤ 1000 kV/m (not shown
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Figure 8.38: M (E) loops measured at 270 K of BaTiO3 (BTO) based hybrid structures
with (a) Fe3 O4 , (b) Sr2 CrReO6 , (c) Ni, and (d) FeCo used as ferromagnetic material.
Mpol denotes the magnetization value obtained at E = 400 kV/m. The measurements
were carried out with the applied magnetic field aligned along H k y but under different magnetic field strengths. The peaks in the current (red lines), which is flowing
across the hybrid structure during the measurement, can be attributed to displacement
currents and thus indicates the coercive electric fields of BaTiO3 .

here). At higher field strengths, electrical breakdown was observed. Therefore, it
seems that the electric field strength needed to align the polarization of the BaTiO3
substrate parallel to the external electric field, i.e., in a tetragonal symmetry, could
not be reached experimentally. However, even if the tetragonal phase is not obtained,
a different behavior is expected (see Fig. 8.37).
As the electric field can alter the magnetization M(M, mi ) by changing its magnitude M and the direction of the magnetization vector mi , in-plane angular dependent magnetometry measurements were performed at constant magnetic field
strength of 5 mT and with different electric fields applied to the FeCo/BaTiO3 hybrid structure to resolve changes in the magnetic anisotropy. FeCo was chosen as
the ferromagnetic material, since the high saturation magnetization causes a large
demagnetization field forcing the magnetization to stay in the film plane. Similar to
the M (E) loop displayed in Fig. 8.38(d), no difference of the angular dependent magnetization is observed between E = 400 kV/m and E = 0 kV/m (see Fig. 8.39(a)).
Further decreasing the electric field to E = −100 kV/m, E = −200 kV/m, and
E = −400 kV/m, not only a reduction of the maximum magnetization Mmax by
22% but also a shift of the M (φ) curve by 40◦ is observed. The same type of mea-
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Figure 8.39: Angular dependent magnetization measured using a magnetic field
strength of µ0 H = 5 mT at (a) 270 K and (b) 300 K on a FeCo/BaTiO3 hybrid structure under different electric fields applied. The down loop of the electric field (+400 kV/m → −400 kV/m) is marked by full symbols, while the up loop
(−400 kV/m → +400 kV/m) is denoted by open symbols. φ = 0 ◦ coincides with the
x-direction of the BaTiO3 substrate (cf. Fig. 8.13). Before each measurement, the
magnetization was first aligned to a well-define initial state along φ = 90 ◦ (φ = 0 ◦ )
for 270 K (300 K) in an external magnetic field of µ0 H = 1 T. Afterwards the angular
measurement were repeated three times. An enlargement of the angular dependent
magnetization measured at 300 K around φ = 0 ◦ is shown in the inset of (b).

surement carried out at 300 K is shown in Fig. 8.39(b) for comparison. At 300 K, a
reduction of the magnetization Mmax and only a marginal shift of the M (φ) curve
is detectable for electric field strengths |E| < 400 kV/m. From the comparison between the angular dependent magnetization measurements performed at 300 K and
270 K, the reduction of Mmax visible in Fig. 8.39(a) can mainly be attributed to
domain formation. Therefore, the change of the magnetization for electric fields
strengths E < 0 kV/m visible in Fig. 8.39(a) might be due to ferroelastic domain
formation in BaTiO3 at negative electric fields. In contrast, since almost no changes
of the magnetization are observed in the field range between E = 400 kV/m and
E = 0 kV/m, the ferroelastic state seems to be unchanged in this electric field range.
Simulation of converse magnetoelectric effects at 270 K in a Fe3 O4 /BaTiO3
hybrid structure
As discussed in the previous section, the knowledge of the ferroelastic behavior in
the BaTiO3 as a function of the applied electric field is a prerequisite for the simulation of the asymmetric converse magnetoelectric effects measured at 270 K in
FM/BaTiO3 hybrid structures. The ferroelastic state of the BaTiO3 substrate was
investigated by performing x-ray diffraction measurements around the (103) reflection of BaTiO3 at 270 K with an electric field of E = 400 kV/m and E = 0 kV/m.
The BaTiO3 (103) reflection measured under an electric field of E = 400 kV/m applied is found to be split into three peaks (cf. Fig. 8.40(a)), which is a clear indication
of the monoclinic Mc phase [686]. As shown in Fig. 8.40(b), almost the same pattern
is observed after decreasing the electric field to zero. Therefore, the monoclinic Mc
phase is stable in the electric field range E = 400 kV/m to E = 0 kV/m. Further-
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Figure 8.40: X-ray diffraction measurements around BaTiO3 (103) carried out at 270 K
with an electric field of (a) 400 kV/m and (b) 0 kV/m.

more, the expected orthorhombic symmetry seems to be absent at E = 0 kV/m.
These findings are in agreement with the experimental data recently published by
Cao and coworkers [687]. Therefore, the almost constant magnetization behavior
for E = 400 kV/m → E = 0 kV/m can indeed be attributed to a constant ferroelastic state of the BaTiO3 substrate. Note that one crucial step in the stabilization
of the monoclinic Mc phase at E = 0 kV/m seems to be crossing the tetragonalorthorhombic phase transition under field-cooled condition [686].
Decreasing the electric field to E = −400 kV/m, the angular dependent magnetization measurements displayed in Fig. 8.39(a) suggest the formation of ferroelastic
domains in the BaTiO3 substrate. Again using x-ray diffraction at T = 270 K the
appearance of ferroelastic domains should be detectable. Figure 8.41(a) shows a reciprocal space map around the BaTiO3 (002) reflection recorded at E = 400 kV/m.
To trace the position of the BaTiO3 (002) reflection as a function of the applied
electric field, q00L -scans at q0K0 = 0 rlu were performed under different electric fields
applied to the BaTiO3 substrate (Fig. 8.41(b)). In the electric field range between
E = 400 kV/m and E = 0 kV/m, a single peak at BaTiO3 (002) is observed. The
second peak located around q00L ≈ 2.015 rlu is caused by the diffraction from a minor
concentration of orthorhombic o12 -domains. At negative electric field strengths, the
BaTiO3 (002) reflection is shifted to higher q00L values and a second peak emerges
at q00L ≈ 1.995 rlu. The peaks might be attributed to orthorhombic o23 -domains
with q00L = 2.015 rlu and o13 -domains with q00L ≈ 1.995 rlu. By increasing the electric field to E = 0 kV/m the second peak vanishes again. Thus, x-ray diffraction
measurements around BaTiO3 (002) reveal an asymmetric behavior in the context of
crystalline domain formation and changes of the lattice spacing. Similar to Fig. 8.32,
the strain components ηi (i = 1, 2, 3) can be calculated using Eq. (8.9). However,
in contrast to Fig. 8.32, Figure 8.41(b) provides only a one dimensional information
on the scattering vector. Since a slight strain dependence of the strain component
η1 was observed at T = 300 K (cf. Fig. 8.32), η1 is assumed to be zero at T = 270 K.
Within this assumption, the strain components η3 can be derived from Fig. 8.41(b)
and η2 can be calculated using a Poisson ratio of 0.29 [378]. Both strain components
are depicted in Fig. 8.41(c) and Fig. 8.41(d) for orthorhombic o23 - and o13 -domains,
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Figure 8.41: (a) X-ray diffraction measurements around BaTiO3 (002) recorded at 270 K
with an electric field of 400 kV/m applied across the BaTiO3 substrate. (b) q00L -scans
at q0K0 = 0 rlu measured in different electric fields E. The second peak emerging at
negative electric fields is marked by the asterisk. (c), (d) Strain components η2 , η3 as a
function of the applied electric field E of the (c) main peak and the (d) second peak calculated under the assumption of η1 = 0. The down loop (+400 kV/m → −400 kV/m)
is marked by full symbols, while the up loop (−400 kV/m → +400 kV/m) is denoted
by open symbols. The volume fraction xo13 of the second peak, which is derived from
one dimensional q00L -scans, is shown in blue.

respectively. Furthermore, the volume fraction of o13 -domains xo13 is derived from
the intensity ratio of both reflections visible in Fig. 8.41(b) (see Fig. 8.41(d)).
Using these values, the electric field dependence of the magnetization can be
calculated for a Fe3 O4 /BaTiO3 hybrid structure in the same way as described for
Fig. 8.37. A magnetic field of µ0 H = 100 mT was used for the simulation, since irreversible M (E)-effects are observed at lower magnetic field strengths (Fig. 8.42(a)).
At this magnetic fields, large changes of the magnetization projection of unknown
origin were observed around E = 0 kV/m. However, the result of the simulation as
well as the experimental data for µ0 H = 100 mT are shown in Fig. 8.42(b). While
the asymmetric electric field dependence is more or less in good agreement with the
experimental results, the change of the magnetization component is much too low.
This discrepancy between simulation and experiment can mainly be attributed to
the insufficient determination of the strain tensor of BaTiO3 at T = 270 K as well
as the volume fraction of the ferroelastic domains, which is limited due to experimental restrictions. However, Fig. 8.39 and Fig. 8.42(b) reveal that the observed
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Figure 8.42: (a) M (E) loops at low magnetic field strength measured on a
Fe3 O4 /BaTiO3 hybrid structure. The lines are guides to the eye. (b) Experiment
(symbols) and simulation (lines) of the electric field dependence of the magnetization
carried out at µ0 H = 100 mT. The simulation was performed on the basis of the strain
components η2 , η3 derived in Fig. 8.41.

electric field dependence of the magnetization might be based on the formation of
ferroelastic domains in the BaTiO3 substrate.
In total, in contrast to the tetragonal symmetry at room temperature, a magnetoelectric behavior very different from the theoretically expected one was observed
experimentally at T = 270 K. In theory, applying an electric field on a non-polar
direction, e.g. along the z-direction in the orthorhombic phase, yields large in-plane
strain effects due to polarization rotation. Therefore, strong converse magnetoelectric effects are expected even in single domain ferroelastic substrates. However, x-ray diffraction measurements disclosed a stable monoclinic Mc -symmetry
from E = +400 kV/m down to E = 0 kV/m, which results in a constant electric
field dependence of the magnetization. At negative electric fields, the BaTiO3 substrate might decompose into ferroelastic domains starting at the coercive electric
field. These ferroelastic domains certainly have great influence on the magnetoelastic properties. Using x-ray diffraction measurements, the strain state caused by
the ferroelastic domains and their electric field dependence were investigated in the
BaTiO3 substrate. However, magnetoelastic simulations based on the derived strain
components reveal that these measurements just provide a first hint on the reason
for the asymmetric magnetoelectric behavior observed at 270 K.

8.5 Summary
In this chapter, strain-mediated magnetoelectric effects in ferromagnetic thin films
(FM) deposited on ferroelastic BaTiO3 substrates were discussed. FM/BaTiO3 hybrid structures based on epitaxial Fe3 O4 /BaTiO3 and Sr2 CrReO6 /BaTiO3 systems
as well as on polycrystalline FM/BaTiO3 structures using Ni and FeCo thin films
were studied. Since BaTiO3 crystals exhibit different ferroelastic phases (cf. Section 7.1), BaTiO3 was employed to manipulate the strain state of the overlying
ferromagnetic thin film. With this method, the magnetic response of different ferro-
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magnetic materials can be studied under different strain conditions. In this sense,
FM/BaTiO3 hybrid structures have been used over the past ten years [447].
In our FM/BaTiO3 hybrid structures large changes of the physical properties as
a function of temperature were observed. In particular, a strong modification of the
magnetic anisotropy in Sr2 CrReO6 /BaTiO3 hybrids was detected upon crossing the
ferroelastic phase transition of the BaTiO3 substrate. While an isotropic magnetic
state was found in the rhombohedral phase of the BaTiO3 substrate, a large in-plane
magnetic anisotropy is observed at 270 K, i.e., in the orthorhombic symmetry of
BaTiO3 . This can be attributed to large magnetoelastic effects present in Sr2 CrReO6
thin films. Therefore, indeed, the magnetic properties of Sr2 CrReO6 seems to be
highly sensitive to strain effects imposed by the ferroelastic BaTiO3 substrate.
Using different experimental techniques, such as ferromagnetic resonance and angle dependent magnetoresistance measurements, modifications of the magnetic anisotropy were observed in Fe3 O4 /BaTiO3 and Ni/BaTiO3 hybrids as well. However,
as it has become clear in the first part of this chapter, a control of the ferroelastic
domain configuration in the BaTiO3 substrate is mandatory to correlate the experimental results with theoretical simulations in a quantitative way. Therefore, ferroelastic domain engineering is an important task in magnetostrictive/piezoelectric
hybrid structures using ferroelastic materials as the piezoelectric layer. In this chapter, it was shown that a specific ferroelastic domain configuration can be obtained
by using miscut BaTiO3 substrates. These substrates exhibit not only one type
of ferroelastic a-domains at room temperature, but also allows to select particular
domains in the orthorhombic and rhombohedral phase of BaTiO3 . By exploiting
the properties of miscut ferroelastic BaTiO3 substrates with an electric field applied along the out-of-plane direction, the calculation of the magnetic response of
FeCo/BaTiO3 and Ni/BaTiO3 as a function of temperature was achieved on the
basis of ab initio molecular dynamics simulations in combination with magnetoelastic theory. Moreover, magnetization changes of more than 80% were experimentally
observed at the ferroelastic phase transitions of BaTiO3 in Ni/BaTiO3 hybrids.
Using BaTiO3 substrates as piezoelectric layer in multiferroic hybrid structures
does not only allow to examine the physical properties of the overlying ferromagnetic
thin film under constant applied electric field and different temperature, but also
admits the investigation of strain-mediated magnetoelectric effects. Two different
important cases were considered in this chapter. First, converse magnetoelectric effects were investigated at room temperature, i.e., in the tetragonal phase of BaTiO3 ,
and second, the magnetic response of FM/BaTiO3 hybrid structures as a function
of the applied electric field was examined at 270 K, since in the orthorhombic phase
of BaTiO3 large converse piezoelectric effects are expected.
Since the manipulation of the magnetization as a function of the applied electric
field at room temperature is highly desirable for applications in today’s spintronic
devices, large and robust converse magnetoelectric effects are an important issue. At
this temperature, a finite variation of the magnetization as a function of the applied
electric field was observed in all investigated FM/BaTiO3 hybrid structures. Since
the converse magnetoelectric effect is strongly dependent on the ferroelastic domain
configuration, a definite conclusion on the optimal choice of the magnetic material

8.5 Summary

251

could not be drawn. However, using a two region model, which accounts for the different magnetic states of areas of the ferromagnetic thin film on top of ferroelastic
c- and a2 -domains leading to a magnetic heterogeneous state, the electric field dependent magnetization variation was well simulated for magnetic fields larger than
the saturation field of the respective ferromagnetic layer. This two region model was
even used to describe the magnetic behavior on a local scale. However, as it has become clear from the magnetic properties of Ni/BaTiO3 hybrid structures, this model
is insufficient to explain the variation of the magnetic coercive field of up to 10%
as a function of the applied electric field. To simulate these changes, the converse
piezoelectric effect of ferroelastic c- and a2 -domains has to be taken into account.
Including converse piezoelectric effects, which were quantified from x-ray diffraction,
into the two region model, an excellent agreement between experiment and simulation was obtained. Furthermore, by exploiting the electric field dependence of the
magnetic coercive field, an electric field induced irreversible switching of the magnetization was achieved. Moreover, even a reversible switching between two non-volatile
remanent magnetic states based on irreversible ferroelastic domain effects in the
BaTiO3 substrate was obtained in Ni/BaTiO3 hybrid structures. This demonstrates
that FM/BaTiO3 hybrid structures are interesting candidates for strain-mediated
non-volatile magnetic memory devices.
However, these changes are based on a multi-ferroelastic domain configuration
in the BaTiO3 , which imposes a magnetically heterogeneous state in the overlying
ferromagnetic thin film. For applications, electrically controllable non-volatile remanent magnetic reorientations are desirable, i.e., switching the magnetization of
a single domain state from one distinct orientation to another. This requires two
homogeneous in-plane strain states exhibiting a preferential elongation in a certain
direction, which might be realized using ferroelastic crystals with a specific orientation. To illustrate the magnetic response of hybrid structures based on such
ferroelastic crystals, in the following, we address a practicable concept, which allows
to control the remanent magnetization by an electric field leading to non-volatile
switching of the remanent magnetization in a single domain state.


By using (011) oriented Pb(Mg1/3 Nb2/3 )O3 1−x [PbTiO3 ]x (PMN-PT) crystals as
ferroelectric layer in multiferroic hybrids, the realization of a nonvolatile reorientation of the magnetization might be feasible, since PMN-PT crystals provide large
electric field induced in-plane strain changes along the y-direction due to non-180◦
polarization reorientation [487, 688]. Considering a composite hybrid, which is built
up by a ferromagnetic thin film exhibiting a crystalline cubic anisotropy deposited
onto a (011)-PMN-PT substrate, the magnetization direction can be, in principle,
reoriented by 90◦ forced by the linear converse piezoelectric effect of the PMN-PT
crystal. Since the preferred elongation direction is parallel to one of the two magnetic hard directions of the ferromagnetic thin film, in this example, the two easy
directions are energetically degenerate, which results in two different magnetic domains after the switching process. Therefore, a finite rotation of the magnetic easy
direction of the ferromagnetic thin film with respect to the preferential direction of
the piezoelectric elongation of the (011) -PMN-PT substrate is essential to achieve a
magnetic single-domain reorientation of the magnetization. This might be achieved
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by using a post-annealed buffer layer, which consists of an adequate material system
[689]. The resulting FM/PMN-PT hybrid structure with Fe3 O4 as magnetostrictive
material as well as the epitaxial relation of both layers are schematically shown in
Fig. 8.43(a). To illustrate the nonvolatile switching of the remanent magnetization,
energy density contours of the modified magnetic Gibbs potential g̃ (m) /Ms (cf. Section 6.2) as a function of the magnetization orientation m2 are calculated assuming a
difference of the [100] directions of the Fe3 O4 thin film and the PMN-PT substrate of
10◦ attained by the buffer layer as well as a small cubic anisotropy Kc /Ms = −2 mT.6
To derive g̃ (m) /Ms traces for different imposed strain states, the measured converse
(e)
piezoelectric response of a (011)-PMN-PT substrate ij (E) as discussed in Ref. [688]
is used. The calculated g̃ (m) /Ms dependence on the magnetization direction m2 for
three different electric fields is shown in Fig. 8.43(c). Starting at M k [11̄0] and
E = 0 kV/m (cf. 1lin the upper panel of Fig. 8.43(c)), the direction of the magnetization m1 , which is determined by the local minimum of the g̃ (m) /Ms curve,
slightly changes by increasing the electric field to E = 40 kV/m. Further increase of
the electric field strength leads to a coherent magnetization rotation to M k [110] at
E = 100 kV/m (cf. 2lin the upper panel of Fig. 8.43(c)). By removing the electric
field, the switching process of the magnetization by 90◦ is complete (cf. 3lin the
upper panel of Fig. 8.43(c)). Further reorientation of the magnetization by 90◦ can
be realized by exploiting the linear electric field dependence of the converse piezoelectric effect of (011)-PMN-PT as the electric field is decreased to E = −100 kV/m
(cf. 3l → 4l → 5l in the lower panel of Fig. 8.43(c)). Therefore, a sequential
non-volatile reorientation of the magnetization by 90◦ can, in principle, be obtained
within the described model. The corresponding orientation of the magnetization
with respect to the [100] direction together with the expected projection of the magnetization along this axis is shown in Fig. 8.43(d) upon applying the electric field
sequence 0 kV/m 1l → 100 kV/m 2l → −100 kV/m 4l → +100 kV/m 6l →
0 kV/m 7l. Thus, electrical addressable non-volatile spintronic devices exhibiting
low power consumption might be feasible on the basis of multiferroic composite hybrid structures. Therefore, ferromagnetic/ferroelectric hybrid structures are indeed
interesting material composites in the field of spintronic memories.
In contrast to the converse magnetoelectric effects of FM/BaTiO3 measured in the
tetragonal phase of BaTiO3 , the magnetic response of FM/BaTiO3 hybrid structures
observed in the orthorhombic phase of BaTiO3 , was found to be completely different
than expected from theory. SQUID magnetometry measurements revealed an asymmetric behavior of the magnetization projection along the external magnetic field as
a function of the applied electric field with respect to E = 0. X-ray diffraction measurements carried out in the orthorhombic phase of BaTiO3 suggest a ferroelastic
multi-domain state in the BaTiO3 substrate at negative electric fields and magnetoelastic simulations reveal that the asymmetric electric field dependence might be
6

Strained (011) oriented Fe3 O4 thin films might exhibit an additional uniaxial anisotropy (see
Ref. [690]).
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Figure 8.43: (a) Schematic representation
 of a multiferroic Fe3 O4 /PMN-PT hybrid structure using a (011) oriented Pb(Mg1/3 Nb2/3 )O3 1−x [PbTiO3 ]x (PMNPT) substrate. (b) The buffer layer maintains different epitaxial relation of the
Fe3 O4 thin film with respect to the PMN-PT substrate ([100]Fe3 O4 ∦[100]PMN−PT ,
[011̄]Fe3 O4 ∦[011̄]PMN−PT ). (c) To illustrate a nonvolatile sequential reorientation of the
remanent magnetization by 90◦ , Gibbs free energy density contours g̃ (m) /Ms (cf. Section 6.2) as a function of the magnetization orientation m2 are calculated assuming a
difference of the [100] directions of the Fe3 O4 thin film and the PMN-PT substrate of
10◦ as well as a small cubic anisotropy with a cubic anisotropy field of Kc /Ms = −2 mT.
Furthermore, the converse piezoelectric response of the (011) oriented PMN-PT substrate obtained by Wu and coworkers [688] was used to derive g̃ (m) /Ms traces for different strain states, i.e., different electric fields applied along the [011] direction of the
PMN-PT substrate. The upper (lower) panel shows the evolution of the magnetization
orientation with positive (negative) electric fields applied across the Fe3 O4 /PMN-PT
hybrid. The magnetization aligns along the local minima of the g̃ (m) /Ms traces which
are marked by vertical arrows. The reorientation of the magnetization indicated by
dashed arrows was modeled as a coherent rotation process. The evolution of the magnetization projection M = Ms m1 upon applying the electric field sequence 0 kV/m →
100 kV/m → −100 kV/m → +100 kV/m → 0 kV/m is shown in (d).

caused by different strain states imposed in the overlying ferromagnetic thin film.
However, as long as a detailed picture of the converse piezoelectric response of mis-
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cut BaTiO3 substrates is not resolved, the presented calculations should be regarded
as preliminary.
In total, in contrast to the critical position of Vaz et al. [424], who stated that
details of the strain modulation of multiferroic hybrid structures can be more complex than a simple elastic coupling, converse magnetoelectric effects in FM/BaTiO3
hybrids measured at room temperature can be well simulated by means of magnetoelastic theory on the basis of the ferroelastic domain configuration in the BaTiO3
substrate. Furthermore, a concept for further experiments is introduced aiming at
the realization of electrical controllable non-volatile reorientations of the remanent
magnetization of a ferromagnetic/ferroelectric hybrid system.

Chapter 9
Thin film heterostructures based on
FM/BaTiO3 multiferroic composites
As discussed in the previous chapter, FM/BaTiO3 hybrid structures are promising candidates for next-generation multifunctional devices, since reversible and irreversible magnetization control via electric fields can be realized at room temperature.
However, to implement these structures in micro-devices, magnetoelectric thin film
heterostructures based on FM/BaTiO3 layers have to be demonstrated. In case of
strain-mediated magnetoelectric thin film heterostructures three different kinds of
composite thin films can be distinguished according to the microstructure of the
thin films: 0-3, 1-3, and 2-2 type structures (cf. Section 6.1) [425, 443]. A substantial magnetoelectric coupling was demonstrated in 0-3 and 1-3 type structures,
which are based on magnetic nanoparticles or magnetic pillars embedded in ferroelectric thin films, due to efficient strain coupling as well as a reduced clamping
effect by the substrate [425, 446, 691, 692]. However, the design and control of
such structures remains an experimental challenge [693]. Furthermore, high leakage
currents caused by the low resistance of the magnetic pillars hamper the direct determination of the magnetoelectric coefficients. These issues are avoided in 2-2 type
horizontal heterostructures (cf. Fig. 6.2(b2)), which are easier to fabricate than vertical structures. On the other hand, due to large in-plane elastic constraint caused
by the rigid substrate, horizontal heterostructures are expected to exhibit weaker
strain-mediated magnetoelectric effects [694]. Anyhow, the observation of the direct magnetoelectric effect in 2-2 type horizontal NiFe2 O4 /BaTiO3 heterostructures
[695] confirms the possible use of these systems in multifunctional microelectronic
devices. Interestingly, although the 2-2 type horizontal heterostructures are the
most widely investigated magnetoelectric composites made by using numerous ferroelectrics (e.g. BaTiO3 , Pb(Zrx Ti1−x )O3 , BiFeO3 ) and magnetic materials (Fe3 O4 ,
NiFe2 O4 , CoFe2 O4 , La0.7 Sr0.3 MnO3 ) [695–702], the number of studies on the converse
linear magnetoelectric coefficient are small [21, 693]. In the following, we therefore
focus on the electric field control of magnetization, i.e., the converse magnetoelectric effect in 2-2 type horizontal FM/BaTiO3 heterostructures (cf. Fig. 6.2(b2)). We
start by discussing the physical properties of BaTiO3 thin films theoretically and
experimentally.
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9.1 BaTiO3 thin films
Since the magnitude of the converse linear magnetoelectric effect in BaTiO3 -based
multiferroic 2-2 type horizontal heterostructures mainly depends on the quality
and physical properties of the BaTiO3 layer, the understanding of the theoretical
and experimental behavior of BaTiO3 thin films is essential for the realization of
FM/BaTiO3 heterostructures. Therefore, the ferroelectric and ferroelastic properties of BaTiO3 thin films are first discussed in the context of molecular dynamics
simulations. In particular, the difference between BaTiO3 thin films clamped to a
rigid substrate and free-standing bulk-like BaTiO3 layers is outlined. Afterwards,
the physical properties of BaTiO3 thin films deposited on Nb:SrTiO3 are discussed
in detail.

9.1.1 BaTiO3 thin films investigated by molecular dynamics
simulations
The physical behavior of ferroelectric and/or ferroelastic thin films can largely differ
from their bulk behavior. In particular, it is well known that ferroelectric thin films
are highly sensitive to strain effects (cf. Part I of this thesis). In recent years, this
subject has received increasing attention, since a large enhancement of the transition
temperature as well as the ferroelectric polarization as a function of strain was
observed in ferroelectric thin films [245, 251, 458, 703]. This opens the door to tailor
the desired physical properties in such thin films.
Strain can be imposed in thin films by pseudomorphic growth onto suitable substrates. Other sources of finite strain state are, e.g., the presence of crystalline defects
or different thermal expansion coefficients of the substrate and the thin film. The
latter results in a temperature dependent strain state of the thin film. However,
even at vanishing strain, ferroelectric and/or ferroelastic thin films behave differently as compared to free-standing thin films due to the two dimensional clamping
effect caused by the rigid substrates.1 To study this effect in more detail, molecular dynamics simulations were performed under short circuit conditions. Again,
the open source code FERAM was utilized for the simulation [513]. Figure 9.1(a)
illustrates the model used to simulate a ferroelectric thin film with thickness dFE
sandwiched between two electrodes [704, 705]. Within this model, the electrodes
were treated as perfect electrostatic mirrors. The electrostatic image of an electric
dipole in the ferroelectric film is, of course, a dipole with the same magnitude inside
the electrode but with different directions. While the z-direction is the same, the
x- and y-directions are opposite to the real dipole (cf. Fig. 9.1(a)). This leads to a
“head-to-tail” arrangement of the electric dipoles across the electrodes. Due to the
electrostatic image, the length of the periodic structure dMD becomes twice as large
as the supercell (cf. Fig. 9.1(a)). Therefore, a doubly periodic boundary condition
was used for the simulation. This is in contrast to single periodic boundary condition
(dMD = dFE ) used for the simulation of bulk BaTiO3 (cf. Section 7.1).
1

Throughout this chapter, the substrate is considered as thick and rigid. Therefore, we neglect
any influence of the overlying BaTiO3 thin film on the substrate.
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Figure 9.1: Molecular dynamics simulations of BaTiO3 thin films under short-circuit
conditions. (a) Schematic illustration of the model used to simulate a ferroelectric
thin film with thickness of dFE = 2 unit cells sandwiched between perfect (dgap = 0)
and imperfect electrodes (dgap 6= 0). The electrodes (green planes) are treated as
perfect electrostatic mirrors, which increases the periodic boundary condition to dMD =
2(dFE + dgap ) compared to dMD = dFE in case of the simulation of bulk BaTiO3 . (b)
Temperature dependence of the ferroelectric polarization P = (P1 , P2 , P3 ) for BaTiO3
thin films without any elastic constraints (blue) and for epitaxial BaTiO3 thin films
with ij = 0 for ij = 11, 22, 12 derived from molecular dynamics simulations assuming
perfect electrodes (dgap = 0) (black). At each temperature the system was thermalized
with 40000 time steps and an averaging of 40000 calculations was performed afterwards.
The different phases are labeled according to Pertsev et al. [458]: paraelectric p-phase
(P1 = P2 = P3 = 0), tetragonal a-phase (P1 6= 0, P2 = P3 = 0), tetragonal c-phase
(P1 = P2 = 0, P3 6= 0) orthorhombic aa-phase (P1 = P2 6= 0, P3 = 0), and monoclinic
r-phase (P1 = P2 6= 0, P3 6= 0).

To account for imperfect electrodes, a gap between the ferroelectric thin film
and the electrodes was introduced. The gap dgap is an indication how effective the
electrodes compensate the depolarization field, which can be determined in a simple
electrostatic model by2
Ed = −

dgap
1
P · n̂ .
ε0 dFE + dgap

(9.1)

n̂ denotes an unitary vector normal to the surface pointing outwards. Therefore, the
periodic boundary condition yields dMD = 2(dFE + dgap ) and simulations under the
assumption of perfect electrodes (dgap = 0) as well as “bad” electrodes (dgap = 1)3
can be carried out. Note that the existence of a “dead” or “passive” dielectric layer
between the ferroelectric thin film and the electrodes, which causes imprint effects,
can also be treated within the simple model shown in Fig. 9.1(a), since Ghosez
and coworkers showed that this situation is formally equivalent to the incomplete
screening model [706].
First, we discuss the ferroelectric properties of BaTiO3 thin films in between
perfect electrodes. The following simulations are performed using a supercell of the
2

An overview of more detailed models for the calculation of electric depolarization fields on
imperfect electrodes can be found in Ref. [706].
3
dgap , dMD and dFE are in units of number of the unit cells.
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size of 16 × 16 × 16, since no thickness dependence of the ferroelectric properties
are expected for dFE = 16 [705]. Furthermore, at each temperature the system
was thermalized with 40000 time steps and an averaging of 40000 calculations was
performed afterwards. Figure 9.1(b) shows the results of temperature dependent
molecular dynamics simulations of the electric polarization P = (P1 , P2 , P3 ) of a
BaTiO3 thin film under vanishing epitaxial in-plane strain with two different elastic
boundary conditions. In one case, the BaTiO3 thin film is allowed to expand and
contract freely (cf. blue symbols in Fig. 9.1(b)), while a perfect clamping of the
thin film is assumed in the second case (cf. black symbols in Fig. 9.1(b)), i.e., the
in-plane strain components are fixed in the whole temperature range to ij = 0 (ij =
11, 22, 12). In the former case, a bulk-like phase diagram was obtained (cf. Fig. 7.1)
with transition temperatures which are again underestimated with respect to the
experimental obtained values (cf. Section 7.1). By comparing these results with
simulations of bulk BaTiO3 (cf. Fig. 7.1), a small reduction of the ferroelectric
transition temperatures is observable.
By symmetry, six possible phases are allowed in BaTiO3 thin films. Using the
notation introduced by Pertsev et al. [458], the phases can be labeled as the
paraelectric high temperature p-phase (P1 = P2 = P3 = 0), the tetragonal a(P1 6= 0, P2 = P3 = 0) and c-phase (P1 = P2 = 0, P3 6= 0), the orthorhombic
aa-phase (P1 = P2 6= 0, P3 = 0), the monoclinic r-phase (P1 = P2 6= 0, P3 6= 0),
and the ac-phase (P1 6= 0, P2 = 0, P3 6= 0), where the polarization lies on one of
the faces. In case of vanishing epitaxial constraints, four phases are observable.
In the presence of in-plane elastic constraints, the simulations yield totally different results. First, the ferroelectric transition temperature is strongly enhanced and
second, only three different phases are visible in the whole temperature range. Figure 9.1(b) reveals that in case of epitaxial thin films deposited on a rigid substrate
the two dimensional clamping effect results in a different sequence of phase transitions p → c → r , whereas no orthorhombic aa-phases or orthorhombic-like ac-phases
are visible. Furthermore, the phase transitions seem to be of second order.
Repeating the simulation shown in Fig. 9.1(b) for different in-plane strain states,
the dependence of the ferroelectric polarization as a function of the misfit strains
and temperature, so called “Pertsev diagrams”, can be obtained. Assuming a pseudomorphic growth of the ferroelectric thin film on a suitable substrate without any
dislocation and a perfect clamping between thin film and substrate, the in-plane
strain state of the ferroelectric thin film is equal to the misfit strain. In Fig. 9.2(a)
the phase diagram obtained by assuming perfect electrodes (dgap = 0) is shown.
The diagram is in agreement with the temperature-epitaxial strain phase diagram
reported by Paul et al. for ultrathin BaTiO3 thin films [705]. Figure 9.2(a) reveals
that only three different ferroelectric phases are visible. No ac-phases are observed
at any strain state in the whole temperature range. This is in contrast to “Pertsev
diagrams” obtained by utilizing a Landau-Ginzburg-Devonshire phenomenological
theory [458, 707]. However, these phase diagrams have to be taken with care, since
a small change in the set of parameters can lead to different results [707]. One striking feature of the phase diagram depicted in Fig. 9.2(a) is the asymmetric strain
dependence of the paraelectric-ferroelectric transition temperatures with respect to
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Figure 9.2: Temperature-strain phase diagrams (“Pertsev diagrams”) derived from
molecular dynamics simulations assuming (a) perfect (dgap = 0) and (b) imperfect electrodes (dgap = 1). The phase transition temperatures of the polarization
P = (P1 , P2 , P3 ) are marked by open and full symbols. The horizontal dashed and
dotted lines mark the transition temperatures of a BaTiO3 thin film simulated without
any elastic constraints (cf. Fig. 9.1(b)) and of bulk BaTiO3 simulations (cf. Fig. 7.2),
respectively. The simulations were performed under the same conditions as used for the
simulation of P(T ) (Fig. 9.1(b)). In the case of imperfect electrodes, the out-of-plane
component P3 is two orders of magnitude smaller than in simulations with dgap = 0
and the transition temperatures derived from P3 should be taken with care.

ip = 0. This is the main difference to the “Pertsev diagram” calculated by Diéguez
and coworkers using a similar first-principles based model Hamiltonian approach
as described in Section 7.1 [707]. The asymmetric behavior can be attributed to
surface/interface induced enhancement of the normal component of the polarization
[706] and therefore to the electrode model shown in Fig. 9.1(a) [705]. Thus, a compressive strain of around ip = −1.2% has to be applied to compensate the increase
in Tc . A similar asymmetric phase diagram with respect to epitaxial strain was
observed in (PbTiO3 )1 /(PbZrO3 )1 superlattices [708]. Since the transition temperature of BaTiO3 thin films without any elastic constrictions determined by molecular
dynamics simulations is around 300 K (cf. Fig.9.1(b)), Figure 9.2(a) reveals that epitaxial strain increases the transition temperature of BaTiO3 thin films except around
ip = −1.2%. This emphasizes the strong coupling between strain and polarization
in perovskite oxides [260].
When BaTiO3 thin films are sandwiched between imperfect electrodes (dgap = 1),
the phase diagram is different compared to simulations assuming perfect electrodes
(Fig. 9.2(b)). Using imperfect electrodes, the depolarization field (Eq. 9.1) does not
vanish and suppresses the z-component of the polarization P3 [705]. No clear phase
transitions of P3 were observed in the simulations. Furthermore, since P3 is two orders of magnitude smaller than in simulations with dgap = 0, the depicted transition
temperatures for P3 in Fig. 9.2(b) should be taken with care. However, looking closer
to the domain configuration during the simulations, stripe-like domains with polarization along the z-direction which form arbitrary patterns in the (001) planes are
observed [705]. Therefore, the out-of-plane polarization decomposes into stripe-like
domains due to the strong depolarization field. Thus, while the out-of-plane com-
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ponent of the polarization is highly affected by imperfect electrodes, the in-plane
components reveal only a minor dependence on dgap . By comparing Figs. 9.2(a) and
(b), a small reduction of the transition temperatures of P1 and P2 are visible in case
of imperfect electrodes.
In total, the interplay and competition between the epitaxial strain imposed by
the substrate, which tends to enhance the ferroelectricity, the depolarization field
that tends to suppress the latter, and the interface and surface effects result in a
wealth of different phases [706].

9.1.2 BaTiO3 thin films fabricated by pulsed-laser deposition
On the experimental side, substantial effort was devoted to fabricate high-quality
BaTiO3 thin films using various techniques, such as pulsed laser deposition [251, 709],
molecular beam epitaxy [251, 710], chemical vapor deposition [711, 712], magnetron
sputtering [713, 714] and spin coating [715], since BaTiO3 is attractive for many
applications such as multilayer piezoelectric actuators, transducers, electro-optical
devices, thin film capacitors, electro-optical devices, and composite magnetoelectric
multiferroics [425, 716]. In case of strain-mediated magnetoelectric 2-2 type heterostructures, BaTiO3 thin films with large piezoelectric response and low surface
roughness providing a good interfacial coupling between the ferromagnetic thin film
and the BaTiO3 layer are essential. Therefore, while an imperfect elastic coupling of
the BaTiO3 thin film to the substrate is desirable, the elastic bonding of the overlying ferromagnetic thin film on the BaTiO3 layer should be perfect. The former can
be realized by depositing BaTiO3 thin films on substrates exhibiting a large lattice
mismatch forcing the BaTiO3 layer to relax in the first monolayers. Nonetheless,
the BaTiO3 thin films should exhibit good crystalline and surface qualities to realize
a perfect interface between the ferromagnetic layer and the BaTiO3 thin film.
The crystallinity and the surface morphology can be improved by using low oxygen partial pressure during the deposition of BaTiO3 [717]. However, low oxygen pressure results in high densities of oxygen vacancies, which degrade the ferroelectric/ferroelastic properties of BaTiO3 . In addition, the ferroelectric properties
are highly sensitive to the crystal structure and stresses between thin film and substrate [245, 251, 718]. Due to the formation of dislocations, these stresses can be
reduced significantly. In BaTiO3 thin films fabricated on SrTiO3 (001) substrates,
fully relaxed thin films can be obtained for thicknesses larger than 200 nm [719].
Additionally, the structural properties can be modified by oxygen vacancies. Thin
films deposited under low oxygen pressures (pO2 < 5 × 10−2 mbar) exhibit a tetragonal symmetry with c/a > 1, while c/a < 1 is observed in thin films fabricated
under higher oxygen pressures (pO2 > 5 × 10−2 mbar) [718, 720]. Therefore, c-axis
and a-axis oriented BaTiO3 thin films can be fabricated by simply varying the oxygen pressure during the fabrication process. In the context of device applications,
c-axis BaTiO3 films are desirable for ferroelectric memory applications, while a-axis
oriented BaTiO3 thin films are interesting for electric-optical applications [721]. For
strain-mediated magnetoelectric 2-2 type heterostructures with an electric field applied along the out-of-plane direction, a-axis oriented BaTiO3 thin films might be
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the better choice, since an enhanced converse piezoelectric response is expected in
these thin films compared to c-axis oriented BaTiO3 thin films [717].
These results demonstrate the importance of controlling the oxygen pressure during the growth process. In the course of this thesis, BaTiO3 thin films were fabricated using an oxygen pressure in the range of 7.5 × 10−3 mbar to 1.5 × 10−1 mbar.
In this range, the ratio between Ti and Ba should be nearly constant, while the
Ba/O ratio should vary, creating oxygen vacancies below pO2 < 1 × 10−1 mbar [722].
In the following, we focus on BaTiO3 thin films fabricated using two different sets
of deposition parameters. While the laser fluence on the target and the repetition
rate were fixed at 1.0 J/cm2 and 2 Hz, respectively, the oxygen pressure during the
deposition was set to pO2 = 7.5 × 10−3 mbar and pO2 = 1.0 × 10−1 mbar, i.e., in the
oxygen deficient and the nominally stoichiometric regime. To get highly crystalline
BaTiO3 thin films with low surface roughness the temperature of the substrate during the deposition was optimized to Ts = 793 K in case of pO2 = 7.5 × 10−3 mbar
and Ts = 898 K for pO2 = 1.0 × 10−1 mbar.
As discussed in Part I, SrRuO3 seems to be the ideal candidate for an electrode
material on the basis of perovskite structures. However, due to the ferromagnetic
ground state of SrRuO3 below around 150 K (cf. Section 4.3), any magnetization
measurement, which is based on an integral method, is affected by the signal stemming from SrRuO3 for T . 150 K. Alternatively, Nb doped SrTiO3 substrates can
be used as electrode material, since Nb:SrTiO3 can be considered as a n-doped degenerated semiconductor with an electron density of n = 2 × 1018 cm−3 [261] and
therefore satisfies the requirements of an electrode material in short circuit ferroelectric heterostructures. Furthermore, Nb:SrTiO3 substrates are diamagnetic and
are therefore suitable for magnetoelectric composite heterostructures. Moreover,
the lattice mismatch between BaTiO3 and Nb:SrTiO3 at the growth temperatures
is around 3%. Thus, critical thickness of pseudomorphic growth is small, and the
epitaxial strain of BaTiO3 thin films should completely relax in the first monolayers.
As mentioned above, the large lattice mismatch is favorable for elastic decoupling
of the BaTiO3 thin film and the Nb:SrTiO3 substrate, which might result in large
piezoelectric responses.
Structural properties of BaTiO3 thin films
The structural properties of BaTiO3 thin films fabricated either using an oxygen
pressure of pO2 = 7.5×10−3 mbar or pO2 = 1.0×10−1 mbar were investigated using xray diffraction (XRD) and high resolution transmission electron microscopy (TEM).
Furthermore, the surface morphology was examined by atomic force microscopy
(AFM).
The results of XRD measurements carried out at room temperature on 440 nm and
310 nm thick BaTiO3 films deposited under oxygen deficient and nominal stoichiometric conditions are depicted in Fig. 9.3. XRD scans around BaTiO3 (002) reveal
an enhanced out-of-plane lattice parameter of c = (0.4004 ± 0.0005) nm compared to
c = (0.3998±0.0005) nm of a BaTiO3 thin film grown under nominally stoichiometric
conditions (Figs. 9.3(a) and (b)). This might be explained by either different strain
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Figure 9.3: X-ray diffraction measurements around (a), (b) BaTiO3 (002) and (c), (d)
BaTiO3 (103) of two BaTiO3 thin films deposited on Nb:SrTiO3 substrates using an
oxygen pressure of (a), (c) pO2 = 7.5 × 10−3 mbar (BaTiO3−δ ) and (b), (d) pO2 =
1.0 × 10−1 mbar (BaTiO3 ). The former thin film exhibits a thickness of 440 nm and
the latter of 310 nm. The orange thick lines in (c) and (d) represent the relaxation of
misfit strain from coherent thin films at qH00 = 1 rlu to fully relaxed BaTiO3 thin films
at qH00 ≈ 0.971 rlu.

states of both thin films or by oxygen vacancies. The former can be investigated
by performing XRD measurements around the asymmetric BaTiO3 (103) reflection,
which is displayed in Figs. 9.3(c) and (d). Both thin films exhibit the same in-plane
but different out-of-plane lattice constants, which can mainly be explained by the
presence of oxygen vacancies in case of BaTiO3 thin films fabricated under oxygen deficient conditions. Oxygen vacancies normally lead to an expansion of the
unit cell. However, as the thin films are elastically clamped to the substrate in the
in-plane a-b-plane, the expansion is only visible in an enhancement of the out-of-
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plane lattice constant. The presence of oxygen vacancies is further evident from
the calculation of the lattice volumes. From Figs. 9.3(c) and (d) lattice volumes of
V 1/3 = 0.4019 nm and V 1/3 = 0.4006 nm. The latter is equal to the bulk value, are
derived. Therefore, indeed, BaTiO3 thin films fabricated at pO2 = 7.5 × 10−3 mbar
exhibit a finite density of oxygen vacancies, which leads to an enlargement of the
lattice volume. In contrast, almost stoichiometric BaTiO3 thin films with an unit
cell volume equal to the bulk value can be obtained using an oxygen pressure of
pO2 = 1.0 × 10−1 mbar.4 Furthermore, in agreement with Zhao and coworkers [718],
BaTiO3−δ thin films grown under oxygen-deficient conditions are c-axis oriented,
while thin films under stoichiometric conditions are a-axis oriented.
Due to the large lattice mismatch between BaTiO3 and the Nb:SrTiO3 substrate,
fully relaxed BaTiO3 thin films are expected for thickness larger than 200 nm. By
using the bulk lattice constants of BaTiO3 measured by Shebanov [496] and a Poisson
ratio of ν BTO = 0.29 [643], the relaxation line of BaTiO3 thin films deposited on
Nb:SrTiO3 substrates can be calculated (orange lines in Figs. 9.3(c) and (d)). For
this calculation, it is assumed that misfit dislocations, which reduce the in-plane
lattice strain, are created only at the growth temperature due to a suppression of
dislocation glides at lower temperatures [723]. Figures 9.3(c) and (d) reveal that
the BaTiO3 (103) reflection of the stoichiometric BaTiO3 thin film appears close
to the position of thin films which exhibit no misfit strain, while the position of
the BaTiO3 (103) reflection obtained from XRD measurements on oxygen deficient
BaTiO3−δ thin films is shifted to lower qL00 -values. This further proves finite nonstoichiometric effects in these thin films. However, Figures 9.3(c) and (d) disclose
that BaTiO3 thin films exhibit an intrinsic strain of 0.50% and 0.35% for oxygen
pressures of pO2 = 7.5 × 10−3 mbar and pO2 = 1.0 × 10−1 mbar used during the
deposition. The finite strain state can mainly be attributed to different thermal
expansion coefficients of BaTiO3 and SrTiO3 [718, 720], resulting in strained BaTiO3
thin films during cooling down from the deposition temperatures.
A striking feature of x-ray diffraction measurements on oxygen deficient BaTiO3−δ
samples is the asymmetric shape of the diffraction lines of the BaTiO3 reflections
in the out-of-plane direction (see Figs. 9.3(a) and (c)). This can be attributed to
a gradual relaxation of misfit strain, which creates strain field gradients in these
samples. In contrast, Figures 9.3(b) and (d) reveal symmetrical diffraction lines
around BaTiO3 (002) and BaTiO3 (103) of BaTiO3 thin films fabricated under stoichiometric conditions. In a more quantitative way, the inhomogeneous strain can
be estimated by using the Williamson-Hall relation (cf. Section 4.4.1). This formalism yields an inhomogeneous strain of 0.23% and 0.06% for the oxygen deficient
BaTiO3−δ thin film and the stoichiometric sample displayed in Fig. 9.3, respectively.
Therefore, the strain relaxation takes place over a significant number of BaTiO3
unit cells in BaTiO3−δ thin films creating intrinsic strains in the out-of-plane direction, while in BaTiO3 thin films deposited under stoichiometric conditions the misfit
strain is released in the first monolayers. This suggests the presence of a high den4

The terms oxygen deficient and stoichiometric BaTiO3 thin films are used to distinguish between
both types of BaTiO3 thin films although the BaTiO3 thin film fabricated under an oxygen
pressure of pO2 = 1.0 × 10−1 mbar is certainly not fully stoichiometric.
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Figure 9.4: (a) High-resolution TEM micrograph of a 130 nm thick BaTiO3−δ thin film
grown on a Nb:SrTiO3 substrate at pO2 = 7.5 × 10−3 mbar. The interface is marked
by white triangles. (b) Atomic force microscope image of the same thin film. The
measurements were performed by (a) Sven-Martin Hühne (Universität Bonn) and (b)
Denny Köhler (Technische Universität Dresden).

sity of misfit dislocations at the interface between the Nb:SrTiO3 substrate and the
BaTiO3 thin film. Furthermore, as stated above, the clamping of the BaTiO3 thin
film might be incomplete in these thin films, which might result in finite converse
linear magnetoelectric effects.
However, in both cases, BaTiO3 thin films with high crystalline quality can be
obtained, which is confirmed by low full widths at half maximum of 0.04◦ -0.07◦ of
rocking curves around BaTiO3 (002). These values demonstrate that the crystalline
quality is comparable to fully-strained BaTiO3 thin films grown on better latticematched substrates like GdScO3 and DyScO3 [251].
The good crystalline quality is further demonstrated by high resolution TEM
microscopy shown in Fig. 9.4(a). A well-ordered crystalline structure of the BaTiO3
thin film is visible. Furthermore, a step-terrace structure is observed by probing
the surface morphology using atomic force microscopy. While a surface roughness
of 0.59 nmRMS was observed in a 130 nm thick oxygen deficient BaTiO3−δ thin film,
a moderate increase of the surface roughness to 1.3 nmRMS was detected using a
310 nm thick BaTiO3 thin film fabricated under stoichiometric conditions. These
results suggest an improved morphology by using low oxygen partial pressure during
the fabrication process. Therefore, while the misfit strain is relaxed in the first
monolayers in BaTiO3 thin films fabricated under stoichiometric conditions, the
surface roughness is reduced in oxygen deficient BaTiO3−δ thin films, which might
result in an improved elastic coupling between the BaTiO3−δ layer and the overlying
magnetostrictive thin film in strain-mediated magnetoelectric heterostructures.
Besides the excellent structural quality of BaTiO3 thin films, good ferroelastic
and ferroelectric properties are essential for ferroelectric layers in magnetoelectric
2-2 type heterostructures. Since the ferroelectric and ferroelastic order parameters
are coupled in BaTiO3 (cf. Section 7.1), the ferroelectric and ferroelastic behavior
of BaTiO3 thin films can be tested by observing the elastic and electric properties, respectively. To investigate the onset of ferroelectricity, x-ray diffraction measurements as a function of temperature were carried out around Nb:SrTiO3 (002)
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Figure 9.5: (a) X-ray diffraction measurements around Nb:SrTiO3 (002) as a function
of temperature of a 310 nm thick BaTiO3 thin film fabricated under stoichiometric
conditions. (b) The Nelson-Riley method was used to derive the out-of-plane lattice
parameter cBTO of BaTiO3 (full symbols) and cSTO of Nb:SrTiO3 (open symbols). The
full width at half maximum (FWHM) of the BaTiO3 (004) reflection measured along
the qL00 -direction (red full symbols) broadens at the phase transition compared to the
FWHM of the Nb:SrTiO3 substrate (red open symbols), which is multiplied by 4.5 for
better visibility.

(Fig. 9.5(a)). At first glance, no transition is visible in the investigated temperature
range. In particular, no peak splitting is observed around 393 K, which is the case
in bulk BaTiO3 (cf. Fig. 8.1). In contrast to bulk BaTiO3 , the symmetry of the
high temperature paraelectric phase is lowered from cubic to tetragonal due to the
elastic clamping of the BaTiO3 thin film on the substrate. Therefore, no change
of the crystalline symmetry takes place crossing the paraelectric-ferroelectric phase
transition in BaTiO3 thin films.
By using the Nelson-Riley method (cf. Section 2.1.3), the out-of-plane lattice
parameter of BaTiO3 (cBTO ) and Nb:SrTiO3 (cSTO ) were derived. The resulting
evolution of both lattice parameters as a function of temperature is displayed in
Fig. 9.5(b). By comparing the temperature dependence of cBTO (T ) and cSTO (T ),
a small decrease of the thermal expansion αBTO from αBTO = 1.5 × 10−5 K−1 to
αBTO = 1.4×10−5 K−1 is observable above and below T ≈ 380 K. The change in slope
of the out-of-plane lattice parameter cBTO (T ) at high temperatures can be associated
with the ferroelectric transition temperature in BaTiO3 thin films [251, 724, 725].
In contrast to the discontinuous change of the lattice parameter in bulk crystals
(cf. Fig. 8.1), the clamping of the BaTiO3 thin film on the Nb:SrTiO3 substrate
causes a smooth change of the out-of-plane lattice parameter cBTO (T ), since the
in-plane lattice parameter can not expand or contract freely. As the ferroelastic
and ferroelectric degrees of freedom are coupled in BaTiO3 , the smooth change of
cBTO (T ) indicates a second-order type phase transition in BaTiO3 thin films. This is
also predicted by theory [458] and molecular dynamics simulations (cf. Section 9.1.1).
The phase transition is more obvious in the full width at half maximum (FWHM)
of the diffraction peak measured along the q00L -direction [720, 726]. In Fig. 9.5(b),
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the FWHM of the BaTiO3 (004) and the Nb:SrTiO3 (004) reflections are displayed
as a function of temperature. Clearly, a peak broadening of BaTiO3 (004) is visible
at T = (381 ± 5) K, which can be attributed to the ferroelastic/ferroelectric transition temperature Tc . The broadening of the BaTiO3 (004) Bragg peak might be
explained by strain relaxation due to ferroelastic domain formation. In general, a
multi-domain formation is favored if the stored elastic energy of one monodomain
can be diminished by embedding a second domain orientation [268]. Therefore, the
domain structure is governed by the interplay of elastic relaxation due to a mixed domain pattern and the possible additional formation of misfit dislocations, if electric
effects due to imperfect screening of the depolarization field are neglected. However,
the peak broadening takes place only at the transition temperature (see Fig. 9.5(b)).
Above and below Tc , the FWHM has comparable values. This is contrary to the assumption of a multi-domain state present at temperatures well below Tc . Therefore,
a mixed domain pattern is only expected around the transition temperature.
In thin films fabricated under a low oxygen pressure of pO2 = 7.5 × 10−3 mbar
almost the same transition temperature Tc = (380 ± 8) K was observed as a smooth
change of the temperature dependence of the out-of-plane lattice parameter cBTO (T ).
The similar transition temperature can be explained by the small difference in the
epitaxial strain of both types of BaTiO3 thin films [727]. However, no peak broadening was observed. Following the arguments above, no strain relaxation due to the
formation of a ferroelastic multi-domain state might take place in these thin films.
This can be explained by a stronger bonding of these thin films to the Nb:SrTiO3
substrate compared to stoichiometric BaTiO3 thin films.
The phase transition temperature of BaTiO3 thin films (Tc ≈ 380 K) determined
by x-ray diffraction is lower compared to the bulk value of Tc bulk = 393 K (cf. Section 7.1). The difference can not be explained by oxygen non-stoichiometric effects,
since almost the same transition temperature is observed for BaTiO3 thin films
fabricated using different oxygen pressures during the deposition. As discussed in
Section 9.1.1, the transition temperature is highly sensitive to the strain state of
the BaTiO3 thin film. Molecular dynamics simulations reveal that the transition
temperature of BaTiO3 exhibiting an in-plane strain of 0.5% is enhanced compared
to BaTiO3 thin films without clamping. However, it is nearly the same as for the
simulation of bulk BaTiO3 (cf. Fig. 9.2(a)). Therefore, the finite strain state in the
investigated BaTiO3 thin films might also be not the explanation for the experimentally observed reduction of Tc in BaTiO3 thin films. As pointed out in Section 7.1,
a variation of the Curie temperature can be attributed to different Ti concentration
in BaTiO3 [493]. Therefore, a Ba:Ti ratio, which differs from one, might explain the
reduction of the Curie temperature Tc .
Dielectric properties of BaTiO3 thin films
As discussed above, changes in the oxygen content of BaTiO3 thin films should
strongly influence the dielectric and ferroelectric properties [722, 728, 729]. Furthermore, molecular dynamics simulations reveal that the ferroelectric state of BaTiO3
thin films is sensitive to strain and imperfect screening of the surface charges due
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Figure 9.6: Electric field E dependence of (a),(b) the ferroelectric polarization P and the
current I as well as (c), (d) the real part of the dielectric constant εr and the dielectric
loss D. The polarization P was measured with the dynamic hysteresis measurement
mode using a frequency of 1 kHz. An imposed small AC signal with a voltage level
of 25 mV and a frequency of 1 kHz were used to derive the dielectric properties in
(c), (d). Both types of measurement were carried out at 5 K on (a), (c) an oxygen
deficient BaTiO3−δ thin film with a thickness of 310 nm and (b), (d) on a (440 nm)
BaTiO3 sample fabricated under almost stoichiometric conditions.

to “bad” electrodes (cf. Section 9.1.1). Moreover, a transition from the ferroelectric
c-phase to the r-phase upon lowering the temperature of BaTiO3 thin films under
tensile strain of around 0.5% is observable in these simulations (cf. Fig. 9.2). Therefore, the out-of-plane component of the polarization measured at low temperature in
the r phase of BaTiO3 is expected to be slightly reduced compared to the tetragonal
c-phase. However, no transition from the tetragonal c-phase into the rhombohedral r phase was observed experimentally. As discussed in the following, this can
mainly be attributed to extrinsic effects, such as high leakage currents or incomplete
screening of the depolarization field, which affect the polarization measurements.
In Fig. 9.6, the electric polarization and the real part of the dielectric permittivity
are compared as a function of the electric field. The data are obtained on a 440 nm
thick oxygen deficient BaTiO3−δ film and a (310 nm) BaTiO3 sample fabricated
under almost stoichiometric conditions. The non-saturated polarization hysteresis
P (E) loop of the oxygen deficient sample recorded using the dynamic hysteresis
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measurement mode (cf. Section 2.2.1) is clearly dominated by leakage current effects
even at 5 K (Fig. 9.6(a)) [5, 89]. The high leakage current is mainly caused by oxygen
vacancies, which significantly alter the electric properties of BaTiO3 thin films, since
oxygen vacancies act as donors of charge carriers after ionization [730]. As pointed
out in Section 4.5.2, a finite density of oxygen vacancies can reduce the Schottky
barrier between the electrode material and the ferroelectric thin film. This implies
that the leakage currents are strongly influenced by the electrode material [731]. Here
we used Au as the top electrode and Nb:SrTiO3 as the bottom electrode. Nb:SrTiO3
can be considered as a n-doped degenerated semiconductor exhibiting a band gap of
3.2 eV [261, 732]. Although the electron density of Nb:SrTiO3 (n ≈ 2 × 1018 cm−3 )
is much smaller than in normal metals, in principle, it should be sufficient to screen
a polarization in the order of 20 µC/cm2 [260]. However, a reduction of the carrier
concentration by two orders of magnitude was found at the surface of Nb:SrTiO3 ,
which leads to band bending and charge trapping at the film-substrate interface
in the accumulation state [733]. This can cause a shift of the hysteresis loop on
the voltage axis, i.e., imprint effects [91]. Furthermore, an insulating surface layer
might form, if Nb:SrTiO3 is exposed to oxygen at temperatures larger than 773 K
[734]. Therefore, Nb:SrTiO3 is obviously not the best electrode material in context
of dielectric measurements, but it is still suitable for magnetoelectric measurements,
since it is diamagnetic.
Due to the elongation of the out-of-plane lattice constant caused by oxygen vacancies, which enhances the tetragonality c/a, a larger saturation polarization Ps is
expected than for the BaTiO3 samples deposited under stoichiometric conditions,
when other effects related to oxygen vacancies are neglected [722]. In spite of the
difficulty to determine the saturation polarization Ps in oxygen deficient samples
due to the absence of any saturation, the P (E) loops displayed in Figures 9.6(a)
and (b) reveal that Ps does not seem to be enhanced in our BaTiO3−δ samples. This
is in contrast to Li and coworkers [722], who reported an increase of the saturation polarization Ps in oxygen deficient samples caused by an enhancement of the
tetragonality (c/a) driven by oxygen deficiency. Therefore, this result suggests that
oxygen vacancies rather diminish the ferroelectric properties. However, stoichiometric BaTiO3 thin films exhibit large saturation polarizations Ps up to 40 µC/cm2 .
This value is comparable to the saturation polarizations Ps published by other groups
[714, 719, 735], but it is much smaller than the value Ps ≈ 70 µC/cm2 measured in
strained BaTiO3 thin films deposited on DyScO3 substrates [251].
Not only the shape of the P (E) loop was found to be strongly affected by the
different oxygen content in the BaTiO3 samples, but also the coercive fields Ec are
significantly smaller in BaTiO3 samples fabricated under stoichiometric conditions
(cf. Figs. 9.6(a) and (b)).5 The large coercive fields of around 30 MV/m in oxygen deficient BaTiO3−δ samples can be attributed to large inhomogeneous strains
detected by x-ray diffraction in these samples (cf. Section 9.1.2). In almost stoichiometric BaTiO3 thin films a coercive field of around 10 MV/m was measured. This
value is in agreement with the coercive fields reported in Ref. [719] (and references
5

Since imprint effects are detectable in all P (E) loops, the coercive field Ec is determined by
Ec = (Ec+ − Ec− )/2 using the positive Ec+ and negative electric fields Ec− at I = |Imax |.
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therein), but much larger than the characteristic coercive field Ec ≈ 0.1 MV/m of
bulk BaTiO3 [492]. This large enhancement of the coercive field cannot only be
explained by strain effects [736]. Interfacial passive layers between the ferroelectric
thin film and the electrode [737], domain nuclei formation [738], imperfect screening
of the polarization charges by the electrodes resulting in large depolarization fields
[719], and point defects such as dislocations [739] also could play a significant role.
The existence of an imperfect screening of the polarization charges mainly due to
the Nb:SrTiO3 bottom electrode is also reflected in the asymmetric shape of the
P (E) hysteresis loop shown in Fig. 9.6(b). This asymmetric behavior reveals the effect of charge compensation due to a semiconducting electrode [740]. This suggests,
that at least the surface region of the Nb:SrTiO3 substrate behaves like a normal
n-doped semiconductor in BaTiO3 thin films fabricated under high oxygen pressure
pO2 ≥ 1.0 × 10−1 mbar. Considering a semiconductor as electrode, large band bending and electron depletion is required to compensate negative ionic charges from the
ferroelectric polarization. This causes a large depolarization field in the ferroelectric,
since the charge compensation is incomplete. On the other hand, screening of positive ionic charges can be readily achieved by electron accumulation with small band
bending. The different band bending effects causing accumulation and depletion
of the majority carriers result in different depolarization fields and stability of the
ferroelectric polarization [741].
A further striking feature of our BaTiO3 samples fabricated under high oxygen pressure pO2 ≥ 1.0 × 10−1 mbar is the observation of two peaks in the current response, while increasing the electric field from −65 MV/m to +65 MV/m
(Fig. 9.6(b)). In principle, the polarization reversal can be accomplished either by
the growth of existing domains antiparallel to the applied field, by domain-wall motion, or by the nucleation and growth of new antiparallel domains [260]. Both processes are strongly dependent on the presence of defects. For example, the domain
wall motion was found to be a disorder-controlled creep process in Pb(Zr0.2 Ti0.8 )O3
thin films, which results from the competition between elastic behavior and pinning
in a disorder potential [742]. In addition, inhomogeneous domain nucleation and
growth was observed in disordered ferroelectric thin film capacitors [743]. Furthermore, trapped space charges located at the interface between the ferroelectric thin
film and the electrodes can cause double peak structures in dielectric measurements
[744]. This is confirmed in the electric field dependence of the real part of the
complex dielectric constant εr displayed in Fig. 9.6(d).
Not only an additional peak in the up sweep from −45 MV/m to +45 MV/m is
observable in the εr (E) response of BaTiO3 thin films deposited under high oxygen
pressure (pO2 ≥ 1.0 × 10−1 mbar), but also an increase of the dielectric constant εr
compared to the oxygen deficient BaTiO3−δ sample displayed in Fig. 9.6(c). Alldredge and coworkers instead observed a smaller in-plane dielectric constant for
a-axis oriented Ba0.5 Sr0.5 TiO3 thin films than for c-axis oriented samples and attributed this behavior to strain effects [745]. Therefore, the enhanced dielectric
constant εr might be attributed to extrinsic effects, such as an additional interface capacitance due to space charges located at the interface between BaTiO3
thin films and Nb:SrTiO3 structures in case of BaTiO3 thin films fabricated under
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pO2 = 1.0 × 10−1 mbar [744]. Furthermore, an expected high density of threading
dislocations, which create local strain effects in oxygen deficient BaTiO3−δ thin films
(cf. Fig. 9.3(a)), can cause dielectric degradation in these thin films [252].
In summary, state of the art BaTiO3 thin films with excellent crystalline quality
were fabricated on Nb:SrTiO3 substrates under different oxygen pressures. While
BaTiO3 thin films deposited using an oxygen pressure of pO2 = 1.0 × 10−1 mbar are
almost stoichiometric, thin films fabricated at pO2 = 7.5 × 10−3 mbar exhibit a large
density of oxygen vacancies. X-ray diffraction measurements carried out on both
types of BaTiO3 thin films reveal a nearly complete relaxation of the misfit strain.
The relaxation process seems to take place in the first monolayers in case of almost
stoichiometric BaTiO3 thin films, while large inhomogeneous strains are observed in
oxygen deficient BaTiO3−δ thin films. However, BaTiO3−δ thin films exhibit smaller
surface roughness compared to stoichiometric BaTiO3 thin films. Therefore, in the
context of 2-2 type multiferroic composite heterostructures, the elastic coupling between the BaTiO3 layer and the magnetostrictive thin film, which is deposited on
top of BaTiO3 , is expected to be stronger in case of oxygen deficient BaTiO3−δ thin
films due to the lower surface roughness, while larger piezoelectric responses might
take place for oxygen stoichiometric BaTiO3 thin films. The ferroelectric and dielectric properties were found to be strongly affected by the different oxygen content in
BaTiO3 thin films. In BaTiO3−δ thin films, oxygen vacancies generate large leakage
currents even at 5 K. In contrast, for BaTiO3 thin films fabricated on Nb:SrTiO3
substrates at higher oxygen pressures (pO2 ≥ 1.0 × 10−1 mbar), the dielectric and
ferroelectric properties suggest a dead layer at the interface between the BaTiO3
thin film and the Nb:SrTiO3 substrate, which results in finite imprint effects and
an incomplete compensation of the surface charges. A detailed discussion on the
dielectric properties of our BaTiO3 thin films can be found in the diploma thesis of
Daniel Pantel [70].

9.2 FM/BaTiO3 multiferroic composite
heterostructures
On the basis of BaTiO3 thin films deposited on Nb:SrTiO3 substrates, the fabrication
of FM/BaTiO3 multiferroic composite heterostructures is viable (cf. Fig. 6.2(b2)).
Two different types of multiferroic composites are considered in this section: epitaxial and non-epitaxial 2-2 type heterostructures. To realize epitaxial multiferroic 2-2 type heterostructures, Fe3 O4 thin films were deposited in-situ on top of
BaTiO3 layers using pulsed laser deposition. Furthermore, non-epitaxial 2-2 type
FM/BaTiO3 /Nb:SrTiO3 heterostructures were fabricated using polycrystalline FeCo
thin films evaporated directly on BaTiO3 films.
In the following, the physical properties of these 2-2 type multiferroic composite heterostructures based on BaTiO3 or BaTiO3−δ thin films are discussed. We
start by modeling the converse linear magnetoelectric effect employing the inverse
magnetoelastic effect.
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9.2.1 Modeling of FM/BaTiO3 heterostructures
The simulation of FM/BaTiO3 heterostructures is demanding, since the elastic response of the BaTiO3 thin film deposited on a rigid substrate is unknown due to
large clamping effects. As shown in Fig. 9.1(b), the strong elastic coupling between the BaTiO3 thin film and the substrate has huge impact on the ferroelectric
properties. While in the limit of BaTiO3 thin films, which can move freely in all
directions, a bulk like phase diagram was observed, molecular dynamics simulations
reveal a quite different phase diagram for elastically constrained epitaxial BaTiO3
thin films. However, as discussed in Chapter 6, an electric field dependence of the
in-plane strain components ηk̃ is essential to observe converse magnetoelectric effects in strain-mediated composite systems. Therefore, while a perfect clamping of
the BaTiO3 layer and the overlying ferromagnetic thin film is desirable, the elastic
coupling between the BaTiO3 thin film and the rigid substrate has to be weakened.
In case of BaTiO3 thin films, which are allowed to expand and contract without any
elastic constraints, the largest possible converse magnetoelectric effects are expected.
By using molecular dynamics simulations, the strain variation as a function of
the applied electric field can be derived in case of BaTiO3 thin films, which are
elastically decoupled from the substrate. With this information, the manipulation
of the magnetization as a function of the electric field M (E) can be computed
by employing magnetoelastic effects (cf. Section 6.2). This situation is similar to
FM/BaTiO3 composite hybrid structures discussed in the previous chapter. Two
different temperatures were chosen to calculate the strain dependence of BaTiO3
thin films. First, the strain tensor of BaTiO3 thin films in the tetragonal a-phase at
TMD = 250 K (cf. Fig. 9.1(b)), which is close to room temperature in reality, were
determined.
The results of these calculations are depicted in Fig. 9.7(a). Since the electric field
is applied along the z-direction of the BaTiO3 thin film, ferroelastic c-domains are energetically more favorable than a-domains at high electric fields. At |E| & 10 MV/m,
the electric field dependence of the in-plane strain components is determined by the
converse linear piezoelectric effect leading to identical in-plane strain components
(η1 = η2 ). Around zero electric field, ferroelastic domain switching from tetragonal
c-domains to a-domains occurs. This leads to large differences of the in-plane strain
components η1 and η2 . As expected, the shear component η6 is negligible in the
tetragonal phase. In analogy to the previous chapter, the manipulation of the magnetization can now be derived by minimizing the modified Gibbs free energy g̃ (m) of
the ferromagnetic thin film (cf. Eq. 6.4) and assuming a perfect clamping between
the ferromagnetic thin film and the BaTiO3 layer (k = 1). As an example, the
elastic and magnetic properties of a polycrystalline Ni thin film is used throughout
this section.
The variation of the projection of the magnetization along the external magnetic
field is displayed in Fig. 9.7(b). A constant magnetization is visible in the electric
field range of ferroelastic c-domains (|E| & 10 MV/m), where ηi (E) is caused by
the linear converse piezoelectric effect (cf. Section 6.29). However, the large strain
difference of η1 and η2 due to ferroelastic a-domains results in tremendous changes
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Figure 9.7: Molecular dynamics simulations of BaTiO3 thin films under short-circuit
conditions carried out at (a) TMD = 250 K and (c) TMD = 10 K. The BaTiO3 thin film
was allowed to expand and contract freely and the electric field was applied along the z(e)
direction. Using the calculated in-plane strain components ηk = ηk with k = 1, 2, 6
of the BaTiO3 thin film, which are calculated with respect to the lattice constant
of 0.3948 nm, the variation of the magnetization of the overlying ferromagnetic thin
film was derived by minimizing the modified Gibbs free energy g̃ (m) (cf. Eq. 6.4) for
an external magnetic field µ0 H = 100 mT ((b), (d)) using the elastic and magnetic
properties of a polycrystalline Ni thin film. Furthermore, a perfect clamping between
(e)
(m)
the Ni thin film and the BaTiO3 layer was assumed (ηk = ηk = ηk ). To account for
the different ferroelastic domains in the tetragonal phase at TMD = 250 K, M (E) loops
for c ↔ a1 ↔ c (Ma1 ) and c ↔ a2 ↔ c (Ma2 ) were calculated. Mav (open symbols)
are the average values of both loops. At TMD = 10 K, the M (E) loops on the basis of
different rhombohedral domains (Mr1 ) are the same, thus Mav (open symbols) is equal
to Mr1 (full symbols).

of the magnetization projection of the Ni thin film of up to 50% even at a magnetic
field strength of 100 mT. Since the probability of creating a1 - and a2 -domains around
zero electric fields is the same, M (E) loops for c ↔ a1 ↔ c (Ma1 ) and c ↔ a2 ↔ c
(Ma2 ) were calculated and the average magnetization (Mav ) was determined (cf. open
symbols in Fig. 9.7(b)), which still exhibits a large variation as a function of the
electric field. However, Figures 9.7(a) and (b) disclose that finite strain-mediated
converse magnetoelectric effects in FM/BaTiO3 heterostructures can only be realized
by ferroelastic domain switching at room temperature.
In contrast to TMD = 250 K, a finite manipulation of the magnetization projection
in the range of the linear converse piezoelectric effect can be observed at TMD =
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10 K, i.e., in the rhombohedral r-phase (cf. Fig. 9.1). While molecular dynamics
simulations reveal indistinguishable strain components η1 and η2 , finite in-plane
shear strains η6 are visible (Fig. 9.7(c)). The variation of η6 as a function of the
applied electric field causes finite converse magnetoelectric effects, which is displayed
in Fig. 9.7(d). Since the same M (E) loop is derived for all possible rhombohedral
domains, the average variation of the magnetization (Mav ) is equal to assuming a
ferroelastic single domain state (Mr1 ) (cf. open symbols in Fig. 9.7(d)). Figs. 9.7(b)
and (d) disclose that the change of the magnetization projection of up to 5% at
TMD = 10 K is much smaller compared to TMD = 250 K.
(e)
As the strain components ηi = ηi with i = 1, 2, 6 were determined in the limit of
vanishing clamping between the BaTiO3 thin film and the rigid substrate as well as
perfect elastic coupling at the interface between the ferromagnetic Ni layer and the
BaTiO3 thin film, the M (E) loops displayed in Figs. 9.7(b) and (d) are the upper
limit of converse magnetoelectric effects in Ni/BaTiO3 composite heterostructures
at each temperature. However, a perfectly clamped BaTiO3 thin film on the rigid
substrate clearly describes the lower limit. In this case, the resulting strain is a
(e)
(e)
sum of the piezoelectric strain ηi = dki Ek , and the mechanical strain ηi = sik σk ,
where dki , sik , Ek , and σk denote the piezoelectric modulus, the elastic compliance,
the electric field, and the mechanical stress of the BaTiO3 layer [112]. Assuming
an ideal elastic bonding of the BaTiO3 thin film on a cubic substrate with an in(e)
(e)
(e)
plane misfit strain of η1 = η2 and η6 = 0, the remaining out-of-plane strain
(e)
(e)
component can be calculated to η3 = d33 E3 + 2s12 /(s11 + s12 )(η1 − d31 E3 ) [746].
Therefore, only the out-of-plane strain component of the BaTiO3 thin film depends
on the electric field, while the in-plane components are fixed. Since this has no effect
(m)
on the elastic strain tensor of the ferromagnetic thin film ij on top of BaTiO3 ,
no manipulation of the magnetization as a function of the electric field based on
magnetoelastic effects is observable. Therefore, the release of the elastic clamping
between the BaTiO3 thin film and the substrate is essential.
The most important possibility to reduce the clamping is the formation of dislocation at the interface. In BaTiO3 thin films deposited on SrTiO3 substrates, a
dense and regular network of dislocations is formed at the interface for thickness
larger than 200 nm [747]. The orthogonal dislocation network is composed by two
dislocation lines with Burgers vectors b k [100] and b k [010]. However, as mentioned in the previous chapter, if dislocations are not mobile, their presence alone
does not reduce the elastic coupling between the thin film and the substrate. Therefore, glides, which are driven by the Peach-Koehler force [748], of a large number of
dislocations are necessary to reduce the elastic interaction between the BaTiO3 thin
film and the rigid SrTiO3 substrate.
However, BaTiO3 thin films totally decoupled from the SrTiO3 substrate, which
means the existence of large plastic deformations at the interface, are not expected.
Therefore, as switching of ferroelastic domains requires large changes of the inplane strain (cf. Fig. 9.7(a)), ferroelastic domain reorientation is hampered in case
of finite substrate clamping [721]. Thus, the large converse magnetoelectric effects
calculated at TMD = 250 K is hardly observable in experiments. If the polarization reversal takes place without creating ferroelastic a-domains, no variation of
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the magnetization is visible at TMD = 250 K, since the in-plane strains are equal
in case of ferroelastic c-domains. However, at magnetic field strengths lower than
the saturation field needed to create a magnetic single domain state, a finite converse magnetoelectric effect is observed, assuming a magnetic field dependence of
the magnetostrictive strain λij (H) and an imperfect clamping of the BaTiO3 layer
on the substrate. While the former leads to a magnetic field dependence of the
components of the magnetoelastic coupling tensor Bijkl in the bulk limit (cf. Section 6.2), the latter results in a finite variation of the in-plane strain components of
(m)
the BaTiO3 layer and therefore to an electric field dependent strain tensor ij (E)
of the overlying magnetostrictive thin film. Thus, the magnetoelastic contribution
(m)
umagel of the internal energy density of the magnetostrictive thin film depends on
the external magnetic and electric field. As discussed in Section 6.2, in the limit
of a well defined, homogeneous magnetization, the converse linear magnetoelectric
effect can be expressed as (cf. Eq. (6.11))
∂ 2 um
d(m)
∂ 2 g̃ (c)
magel
= −µ0 c (e)
∂Hi ∂Ej
d + d(m) ∂Hi ∂Ej

d(m)
∂2 
(m)
= −µ0 c (e)
B

m
m
.
ijkl
k
l
ij
d + d(m) ∂Hi ∂Ej

αij = −µ0 c

(9.2)

Since the tensor components of Bijkl are directly proportional to the magnetostrictive strain λ in the bulk limit (cf. Section 6.2.1), Eq. (9.2) reveals that the linear
magnetoelectric effect is expected
 to depend on the magnetic field derivative of the

∂λij
magnetostrictive strain − ∂Hi as well as on the electric field derivative of the
(m)

∂

strain tensor ∂Eijj . However, since the magnetostrictive response is highly correlated to the magnetic domain structure in ferromagnetic materials (e.g. Ref. [749]),
the strong dependence of λij on the magnetic field H is mainly due to the presence
of magnetic domains. In this case, the magnetization of the magnetostrictive thin
film may no longer be described as M = Ms · m with the unit vector m of the
magnetization direction (cf. Section 6.2). However, Equation. (9.2) can be regarded
as an approximation of the converse linear magnetoelectric effect in the limit of a
“pseudo” single domain state.
Neglecting ferroelastic domain switching in BaTiO3 thin films, which exhibits a
finite elastic coupling to the rigid substrate, the electric field dependence of the strain
(e)
tensor ij (E) of BaTiO3 is caused only by the converse linear piezoelectric effect.
Assuming a perfect elastic coupling of the magnetostrictive thin film deposited on top
∂

(m)

of the BaTiO3 layer, the electric field derivative of the strain tensor ∂Eijj is therefore
expected to be neither a function of the electric nor of the magnetic field. In contrast,
due to the strong correlation of the magnetostrictive strain λij and the magnetic
domain state, λij is not expected to be a linear function of the magnetic field in the
whole magnetic field range. As an example, Figure 9.8(a) shows the magnetostrictive
strain λ̄ measured on polycrystalline Ni bulk samples as a function of the external
magnetic field. The data were taken from Ref. [750]. Starting with a demagnetized
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Figure 9.8: (a) Magnetic field dependence of the magnetostrictive strain λ̄ (solid line and
full symbols) of polycrystalline Ni. The initial magnetostrictive curve λ̄(H) is marked
by a dashed line and open symbols. Since the converse linear magnetoelectriceffect
 is
∂ λ̄
as
expected to be a function of the derivative of the magnetostrictive strain, − ∂H
a function of the external magnetic field is shown in (b). The solid and dashed lines
are guides to the eye. The data were taken from Ref. [750].

sample at µ0 H = 0 mT, which consists of a number of magnetic domains leading to
a vanishing magnetostriction, domain wall displacement takes place by introducing
a moderate positive external magnetic field (dashed line in Fig. 9.8(a)). Further
increase of the magnetic field strength leads to domain rotation and saturation of
the magnetization in the higher magnetic field region [464]. Therefore, the magnetic
field dependence of λ̄(H) is a quadratic function around zero external magnetic field,
increases about linearly at intermediate magnetic field strengths, and finally reaches
its saturation value λs , which is equal to the magnetostriction constant λ̄bulk defined
in Eq. (6.7). The linear dependence near the inflection point of the λ̄(H) curve
is often interpreted as a “pseudo” piezomagnetic effect in analogy to the converse
piezoelectric effect in dielectric materials
 751]. The derivative of the λ̄(H)
 [464,
∂ λ̄
curve can now be calculated. Since − ∂H is a strong function of the external
magnetic field (Fig. 9.8(b)), the converse linear magnetoelectric effect is expected to
be highly magnetic field dependent.
In total, assuming elastically decoupled BaTiO3 thin films, bulk like converse
magnetoelectric effects, which are mainly caused by ferroelastic domain switching
and shear strains in the BaTiO3 layer, are expected in multiferroic 2-2 type heterostructures. However, in case of a finite clamping of the BaTiO3 thin films on
the rigid substrate, ferroelastic domain switching is unlikely and no variation of the
magnetization as a function of the applied electric field should be observed at room
temperature for magnetic fields larger than the saturation field needed to ensure a
magnetic single domain state. Moreover, in case of a magnetic multi-domain state
in the magnetostrictive layer, finite converse linear magnetoelectric effects are expected due to an incomplete coupling of the BaTiO3 layer on the substrate which
(m)
results in an electric field dependent strain tensor ij (E) of the magnetostrictive
layer and due to a magnetic field dependence of the magnetostrictive strain λij (H).
Both conditions are necessary to observe a converse linear magnetoelectric effect
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Figure 9.9: X-ray diffraction measurements around Nb:SrTiO3 (002) carried out on two
Fe3 O4 /BaTiO3 /Nb:SrTiO3 heterostructures. The structures are based on BaTiO3
thin films fabricated using an oxygen pressure of (a) pO2 = 7.5 × 10−3 mbar
(Fe3 O4 /BaTiO3−δ ) and (b) pO2 = 1.0 × 10−1 mbar (Fe3 O4 /BaTiO3 ).

in 2-2 type heterostructures exhibiting a strong but incomplete elastic coupling between the piezoelectric layer and the substrate. In this case, the converse linear
magnetoelectric effect is expected to be highly magnetic field dependent.

9.2.2 Epitaxial 2-2 type Fe3 O4 /BaTiO3 heterostructures
Epitaxial multiferroic 2-2 type heterostructures were realized using Fe3 O4 thin films,
which were deposited on top of BaTiO3 thin films using the same deposition parameters as described in Section 7.2.1. We again used BaTiO3 thin films fabricated
under nearly stoichiometric conditions (pO2 = 1.0 × 10−1 mbar) as well as under low
oxygen pressure (pO2 = 7.5 × 10−3 mbar).
The crystalline quality of Fe3 O4 /BaTiO3 2-2 type heterostructures is shown in
Figs. 9.9(a) and (b). For both cases, a crystalline growth of Fe3 O4 was obtained.
The full width at half maximum (FWHM) of the rocking curves of the Fe3 O4 (004)
peak were found to be around 0.8◦ , which is comparable to FWHM values of Fe3 O4
thin films deposited on BaTiO3 substrates (cf. Section 7.2.1). However, a small
difference of the out-of-plane lattice constant is detectable. For Fe3 O4 thin films
deposited on top of oxygen deficient BatiO3−δ thin films, a lattice constant of
cFe3 O4 = (0.8390 ± 0.0005) nm was obtained (see Fig. 9.9(a)), while Fe3 O4 thin
films fabricated on almost stoichiometric BaTiO3 thin films exhibit a small elongation of the unit cell with a lattice constant of cFe3 O4 = (0.8400 ± 0.0005) nm (see
Fig. 9.9(b)). By comparing these values with the lattice constant of Fe3 O4 in bulk
form (aFe3 O4 = 0.83941 nm), x-ray diffraction measurements disclose that the lattice
constants of both Fe3 O4 thin films are nearly fully relaxed. The slight tensile strain of
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Figure 9.10: Magnetic properties of a Fe3 O4 /BaTiO3 /Nb:SrTiO3 heterostructure with
BaTiO3 fabricated under stoichiometric conditions using an oxygen pressure of pO2 =
1.0 × 10−1 mbar. (a) The magnetic hysteresis loop measured at 300 K reveals a high
saturation magnetization of around 315 kA/m. (b) The temperature dependence of the
remanent magnetization discloses a distinct Verwey transition at (113±2) K. The data
were recorded in zero magnetic field with decreasing temperature after magnetizing at
390 K and 1 T.

0.07% in the out-of-plane direction of Fe3 O4 thin films fabricated on almost stoichiometric BaTiO3 thin films might be attributed to a slight oxygen non-stoichiometry
and to strain effects during the growth process.
Nevertheless, the magnetic properties of Fe3 O4 thin films deposited on either
BaTiO3 or BaTiO3−δ layers are nearly identical. As an example, Figure 9.10 shows
the magnetic field and temperature dependence of the magnetization of a 52 nm
thick Fe3 O4 film fabricated on a BaTiO3 (440 nm) layer deposited under stoichiometric conditions. The magnetic hysteresis displayed in Fig. 9.10(a) reveals a high
saturation magnetization of around 315 kA/m. Furthermore, the rounded shape of
the M (H)-loop resembles more Fe3 O4 thin films on MgO substrates than on BaTiO3
substrates (cf. Fig. 7.11). This suggests the presence of a significant amount of antiphase boundaries in the Fe3 O4 thin film (cf. Section 7.2.1).
Since the Verwey transition is considered as a hallmark for the correct stoichiometry in Fe3 O4 thin films, the distinct Verwey transition visible in the temperature
dependence of the remanent magnetization suggests that our thin films exhibit the
correct iron oxide phase (Fig. 9.10(b)). However, the Verwey transition takes places
at TV = (113 ± 2) K, which is comparable to TV in Fe3 O4 thin films fabricated on
BaTiO3 substrates, but lower than the transition temperature of 121 K reported for
stoichiometric Fe3 O4 thin films (cf. Section 7.2.1). Since the lattice of Fe3 O4 thin
films fabricated on BaTiO3 layers is almost fully relaxed, the Verwey transition is not
affected by strain effects. Therefore, the reduction of the transition temperature is
most likely caused by a slight oxygen non-stoichiometry. By using the dependence of
the Verwey transition on the oxygen content of Fe3(1−δ) O4 described in Section 7.2.1,
the Verwey transition of (113 ± 2) K can be explained by a slight non-stoichiometry
of δ w 0.0021. However, in contrast to epitaxial free-standing FM/BaTiO3 hybrids
(cf. Fig. 8.2), no abrupt changes of the magnetization of Fe3 O4 /BaTiO3 heterostructures were observed as a function of temperature.
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Figure 9.11: (a) Temperature dependence of the remanent magnetization around
the ferroelastic transition temperature of the BaTiO3 thin film carried out on a
Fe3 O4 /BaTiO3 (blue symbols) and FeCo/BaTiO3 (black symbols) 2-2 type heterostructure. (b) Converse magnetoelectric effect measured at 25 K on a FeCo/BaTiO3
heterostructure for zero magnetic field applied. Two different types of FeCo/BatiO3−δ
heterostructures thin films were investigated, based on nominally stoichiometric
BaTiO3 thin films (full symbols) and on BaTiO3−δ with δ 6= 0 (open symbols). The
data were recorded at µ0 H = 0 mT after applying a magnetic field of 1 T. The current
response of the FeCo/BaTiO3 heterostructure is displayed in red. The magnetization
is normalized to its value at 390 K in panel (a) and to Mpol = M (40 MV/m) in panel
(b).

In summary, epitaxial multiferroic 2-2 type heterostructures based on Fe3 O4 and
BaTiO3 thin films were fabricated. The crystalline quality of the Fe3 O4 thin films
is similar to Fe3 O4 thin films deposited directly on BaTiO3 substrates. Moreover,
the Fe3 O4 thin films exhibit a high saturation magnetization and a distinct Verwey
transition at TV = (113 ± 2) K. The reduction of TV as compared to high quality
single crystals can be explained by a slight oxygen non-stoichiometry. However, no
changes of the magnetization neither at the ferroelastic phase transition of BaTiO3
thin films at around 380 K nor as a function of the applied electric field (not shown)
was found in these epitaxial multiferroic 2-2 type composite heterostructures.

9.2.3 Non-epitaxial 2-2 type FeCo/BaTiO3 heterostructures
In contrast to epitaxial 2-2 type composite heterostructures, which are fabricated
exclusively by pulsed laser deposition, non-epitaxial heterostructures were realized
using polycrystalline FeCo evaporated via electron beam evaporation in-situ on
BaTiO3 thin films grown by pulsed laser deposition. A gold gap with a thickness
of 10 nm was evaporated on top of FeCo to prevent oxidation. After the deposition,
the FeCo/BaTiO3 heterostructure was patterned into a cylindrical structure with
a diameter of 500 µm as shown in Fig. 6.2(b2). This structure allows to apply a
well defined electric field along the z-direction so that the investigation of converse
magnetoelectric effects is possible.
In contrast to epitaxial Fe3 O4 /BaTiO3 multiferroic composite heterostructures,
a clear variation of the remanent magnetization is observed around the ferroelastic
phase transition of the BaTiO3 thin film. The temperature dependence of the nor-
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malized remanent magnetization around Tc ≈ 380 K carried out on a FeCo/BaTiO3
heterostructure based on a BaTiO3 thin film fabricated using almost stoichiometric
conditions is shown in Fig. 9.11(a). For comparison, the magnetization as a function
of temperature of an epitaxial Fe3 O4 /BaTiO3 heterostructure (blue symbols) is also
depicted in Fig. 9.11(a). While no variation of the magnetization can be observed for
epitaxial Fe3 O4 /BaTiO3 heterostructures, a distinct change of the magnetization is
visible for FeCo/BaTiO3 composites (cf. black symbols in Fig. 9.11(a)) in the same
way as the FWHM of the BaTiO3 (004) reflection changes in temperature dependent x-ray diffraction measurements (cf. Fig. 9.5(b)). Therefore, the variation of
the magnetization might be attributed to a ferroelastic multi-domain state present
at the phase transition of the BaTiO3 thin film. This observation suggests an imperfect clamping of the BaTiO3 layer on the Nb:SrTiO3 substrate, which makes the
investigation of finite converse linear magnetoelectric effects possible. Indeed, Figure 9.11(b) reveals changes of the magnetization as a function of the applied electric
field measured on FeCo/BaTiO3 heterostructures at 25 K for µ0 H = 0 mT (cf. full
black symbols in Fig. 9.11(b)). Since the large variations of the magnetization are
correlated to the ferroelectric switching currents caused by the BaTiO3 layer (cf. red
curves in Fig. 9.11), these changes are no experimental artifacts and are correlated to
the ferroelectric and/or ferroelastic properties of BaTiO3 . Interestingly, finite converse magnetoelectric effects are only observable using BaTiO3 thin films fabricated
under stoichiometric conditions and no electric field induced changes of the magnetization were observed on Fe3 O4 /BaTiO3−δ 2-2 type heterostructures (cf. black open
symbols in Fig. 9.11(b)). Therefore, BaTiO3 thin films fabricated under almost
stoichiometric conditions are suitable for magnetoelectric 2-2 type heterostructures.
From magnetoelastic theory, the observed variation of the magnetization by an
electric field at low temperature (T = 25 K) in the rhombohedral symmetry, which is
expected by molecular dynamics simulations (cf. Section 9.1.1), should be caused by
a finite converse piezoelectric response of the in-plane shear strain component of the
(e)
BaTiO3 layer 12 (cf. Section 9.2.1). Since the BaTiO3 thin films are still clamped
to the Nb:SrTiO3 substrate, Fig. 9.11(b) suggests that only a small variation of the
shear strain component occurs in the BaTiO3 layer. Furthermore, the simulation
presented in Section 9.2.1 is based on a magnetic single domain state. However,
Figure 9.11(b) reveals that the M (E)-loop is not closed, leading to two different
magnetic states at E = 40000 kV/m depending on the sweep direction. Similar irreversible converse magnetoelectric effects were observed for free-standing FM/BaTiO3
hybrid structures using an external magnetic field of µ0 H = 0 T (cf. Fig. 8.23(a)).
But, in contrast to FM/BaTiO3 hybrid structures, no significant variations of the
magnetization projection were detected for external magnetic fields larger than the
saturation field of the ferromagnetic thin film in FeCo/BaTiO3 heterostructures.
This is confirmed by magnetic hysteresis measurements under different electric
fields E applied across a FeCo(50 nm)/BaTiO3 (310 nm) 2-2 heterostructure carried
out at 25 K. Figure 9.12(a) reveals that the magnetic hysteresis loops are the same
for different electric fields in the limit of the experimental uncertainty. Therefore,
the electric field dependence of the magnetization displayed in Fig. 9.11(b) might
be caused by reversible and irreversible magnetic domain effects, which are only
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Figure 9.12: (a) M (H) loops measured on a FeCo(50 nm)/BaTiO3 (310 nm) 2-2 heterostructure with different electric fields E applied. The measurements were carried
out at 25 K. (b)-(d) M (E) loop (full symbols) and current response (red line) recorded
on the same sample at 25 K using different magnetic field strengths, which are marked
by dashed lines in (a). Each M (E) loops was recorded after magnetizing the sample
to saturation in an external magnetic field of 1 T.

observable close to the magnetic coercive field. Indeed, large converse magnetoelectric effects up to 8% were detected using magnetic field strengths around −10 mT
(Figs. 9.11(b) and (c)). However, at µ0 H = −15 mT, a weak variation of the magnetization as a function of the electric field is still visible (Fig. 9.11(d)). This M (E)
loop is reminiscent of ferroelectric P (E) loops and might therefore be caused by
nonvanishing influences of surface charges.
If the M (E) loops displayed in Figs. 9.12(b)-(d) were repeatedly cycled, the 2-2
heterostructure reaches almost a demagnetized state. Figure 9.13(a) shows the variation of the magnetization M and the applied electric field E as a function of time
t carried out on a FeCo(50 nm)/BaTiO3 (310 nm) 2-2 heterostructure at 25 K with a
magnetic field strength of −10 mT. At the beginning, the sample was magnetized to
saturation using an external magnetic field of 1 T. Each electric field cycle continuously reduces the magnetization until the sample reaches an almost demagnetized
state. Therefore, at this magnetic field, the electric field induces irreversible magnetic domain effects in such a way that no net magnetization is measured after a few
electric field cycles. This further confirms that the finite manipulation of the magnetization by an electric field visible in Figs. 9.12(b)-(d) is mainly caused by changes
of the magnetic domain state in the ferromagnetic thin film. This is in contrast
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Figure 9.13: (a) Variation of the magnetization M (full symbols) and the applied electric
field E (red line) as a function of time t measured on a FeCo(50 nm)/BaTiO3 (310 nm)
2-2 heterostructure at 25 K with a magnetic field strength of −10 mT. The demagnetized state (M = 0 kA/m) is marked by a horizontal dashed line. (b) Converse magnetoelectric constant 1c α̃13 (blue full symbols) as a function of the in-plane magnetic
field strength. The measurements were carried out at 25 K on the same heterostructure utilizing the ac option of a SQUID magnetometer. An ac electric field with an
amplitude of Eac = 38.7 MV/m and a frequency of f = 10 Hz was used. A magnetic
field strength of 0.1 T was applied before taking each magnetic field point. For comparison, the magnetic hysteresis M (H) recorded with E = 0 kV/m is shown by black
open symbols.

to free-standing FM/BaTiO3 hybrid structures, where magnetic domain effects can
mostly be neglected (cf. Fig. 8.35). Recently, reversible and irreversible magnetic
domain effects induced by electric fields could be observed in multiferroic composite
heterostructures by several groups using magnetic force microscopy and Lorentz microscopy [752–754]. Therefore, the control of the local magnetic structure by electric
fields seems possible in these devices. This is not surprising. Even a small variation
of the strain state caused by converse piezoelectric effects in the ferroelectric layer
should result in changes of the ferromagnetic domain structure, since the domain
pattern is determined by the minimum of the total free energy. This energy can
be written as a sum of the exchange energy, the energy of the magnetic anisotropy,
a stray field contribution, the energy of external stresses and magnetostriction as
well as the Zeeman energy term [755]. Therefore, elastic deformations of the ferromagnetic thin film should lead to variations of the ferromagnetic domain pattern, as
the total energy is modified. These variations not only affect the magnetization but
also influences the magnetostrictive response. In this case, Section 9.2.1 discloses
that a finite converse linear magnetoelectric effect should be observable, which is
based on the magnetic field dependence of the magnetostrictive strain λij (H) and is
therefore expected to be highly dependent on the strength of the external magnetic
field.
To measure the converse magnetoelectric effect α13 of the FeCo(50 nm)/BaTiO3
(310 nm) 2-2 heterostructure, the ac option of the SQUID magnetometer (cf. Section 2.3.1) was utilized. However, contrary to the measurements of the linear magnetoelectric coupling coefficient on FM/BaTiO3 hybrid samples (cf. Fig. 8.23(b)),
an ac electric field with an amplitude as large as Eac = 38.7 MV/m and a frequency
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of f = 10 Hz was used. Therefore, the converse pseudo magnetoelectric response
1
α̃ of the 2-2 heterostructure at different magnetic field strengths displayed in
c 13
Fig. 9.13(b) originates from probing the whole M (E) loop. Before each measurement, an magnetic field of 0.1 T was first applied and then the magnetic field was
lowered to the measurement field. Starting at µ0 H = +60 mT, the pseudo linear magnetoelectric response increases upon decreasing the magnetic field strength
and reaches its maximum value of 1c α̃13 ≈ 0.1 × 10−9 s/m at the magnetic coercive
field. A 180◦ phase difference is observed, when the magnetization of the FeCo thin
film reverses. Further reduction of the magnetic field strength result in an almost
zero value of the converse magnetoelectric constant. The dependence of the converse linear magnetoelectric constant 1c α̃13 (H) on the magnetic field dependence of
the magnetization M (H) is further obvious by comparing 1c α̃13 (H) and M (H) hysteresis measurements. Figure 9.13(b) reveals that a finite converse magnetoelectric
response was only detected around zero magnetic field, i.e., in the magnetic field
range where magnetic domains are expected. This situation is similar to magnetoelectric effects observed in laminate structures consisting of thick layers of CoFe2 O4
as well as NiFe2 O4 and lead zirconate titanate fabricated by lamination and sintering
[105, 456, 756]. However, the strong correlation of the converse linear magnetoelectric constant on the magnetic domain structure confirms the theoretical consideration in Section 9.2.1. Therefore, Figure 9.13(b) suggests that indeed α13 (H) is
strongly
 dependent on the magnetic field derivative of the magnetostrictive strain

∂λ
∂λij
− ∂Hi . Thus, a large value of ∂Hiji is desirable to realize 2-2 type magnetoelectric
heterostructures in the case of finite elastic substrate clamping. In the limit of lin∂λ
ear response, high values of ∂Hiji might be found in piezomagnetic material systems
rather than in magnetostrictive ones [757].
In summary, BaTiO3 thin film based epitaxial and non-epitaxial multiferroic
composite heterostructures were successfully fabricated. While no variation of the
magnetization projection along the external magnetic field was observed in epitaxial
Fe3 O4 /BaTiO3 multiferroic heterostructures neither at the ferroelastic phase transition of BaTiO3 nor as a function of any applied electric field, a finite inverse
magnetoelastic and converse magnetoelectric effects were detected in non-epitaxial
2-2 type FeCo/BaTiO3 heterostructures. However, these effects were only observed
in heterostructures based on BaTiO3 thin films deposited under stoichiometric conditions. Detailed investigations of the manipulation of the magnetization by an
electric field in FeCo/BaTiO3 heterostructures reveal irreversible magnetic domain
effects induced by the converse piezoelectric effect in the BaTiO3 layer. Furthermore, a finite converse linear magnetoelectric effect was observed, which was found
to be strongly magnetic field dependent and therefore mainly based on the magnetic
field derivative of the magnetostrictive strain.

9.3 Summary
In summary, 2-2 type multiferroic heterostructures based on BaTiO3 were investigated in detail in this chapter. To this end, the properties of BaTiO3 thin films were
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examined experimentally and theoretically using molecular dynamics simulations.
These simulations revealed a strong dependence of the ferroelectric properties of
BaTiO3 thin films on elastic constraints imposed by the rigid non-ferroelectric substrate. While BaTiO3 thin films, which are allowed to expand and contract freely,
exhibit a bulk like phase diagram, the strong elastic coupling of BaTiO3 thin films on
a rigid substrate on the one hand leads to an increase of the ferroelectric transition
temperature and on the other hand to a reduction of the number of the possible
ferroelectric phases. Furthermore, the influence of “bad” electrodes, which do not
fully screen the ferroelectric depolarization field, were simulated. As a result, the
in-plane components of the ferroelectric polarization are expected to exhibit a minor
dependence on the quality of the electrodes. In contrast, the out-of-plane component of the polarization is highly affected by imperfect electrodes decomposing into
a multi-domain state.
Experimentally, state of the art BaTiO3 thin films were fabricated by pulsed laser
deposition under different oxygen pressures. X-ray diffraction, transmission electron
microscopy and atomic force microscopy revealed that these BaTiO3 thin films deposited on Nb:SrTiO3 substrates exhibit an excellent crystalline quality as well as a
low surface roughness. However, x-ray diffraction measurements suggested the presence of a large amount of oxygen vacancies in BaTiO3−δ thin films fabricated under
low oxygen pressure of pO2 = 7.5 × 10−3 mbar and a gradual relaxation of the misfit
strain. In contrast, the values of the lattice parameters and the unit cell volumes
of BaTiO3 thin films using an oxygen pressure of pO2 = 1.0 × 10−1 mbar during the
deposition indicate an almost stoichiometric composition of BaTiO3 . Furthermore,
x-ray diffraction line profile analysis revealed a negligible intrinsic strain, which suggest an abrupt strain relaxation within the first monolayers in these BaTiO3 thin
films accompanied with a large density of dislocations. However, an increase of the
surface roughness compared to BaTiO3−δ thin films fabricated under low oxygen
pressure was detected. The ferroelectric properties of both types of BaTiO3 thin
films disclosed a strong dependence on the oxygen pressure. While oxygen deficient
BaTiO3−δ thin films exhibit large leakage currents due to oxygen vacancies, a dielectric dead layer, which is mainly formed by oxidation of the Nb:SrTiO3 surface, at
the interface between the BaTiO3 thin film and the Nb:SrTiO3 substrate was found
for almost stoichiometric BaTiO3 thin films.
In the context of BaTiO3 based 2-2 type multiferroic heterostructures, large converse magnetoelectric effects are expected for BaTiO3 thin films, which are elastically
decoupled from the rigid Nb:SrTiO3 substrate. On the other hand, a perfect clamping of the overlying ferromagnetic thin film on the BaTiO3 layer is desirable. The
above mentioned results suggest that the former issue is expected to be larger in
BaTiO3 thin films fabricated under almost stoichiometric conditions, since a high
density of dislocations within the first monolayers is supposed in these thin films.
On the other hand, the improved surface morphology of BaTiO3−δ thin films might
enhance the elastic coupling between the ferromagnetic thin film and the BaTiO3−δ
layer.
In the second part of this chapter, epitaxial Fe3 O4 /BaTiO3 thin film heterostructures fabricated using pulsed laser deposition as well as non-epitaxial FeCo/BaTiO3
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thin film structures were discussed. While neither converse magnetoelectric effects
nor any magnetoelastic effects were observed in epitaxial Fe3 O4 /BaTiO3 heterostructures, finite changes of the magnetization at the ferroelastic phase transition of
BaTiO3 thin films and converse magnetoelectric effects were found in FeCo/BaTiO3
type heterostructures. However, these magnetization variations were only visible in
FeCo/BaTiO3 heterostructures based on almost stoichiometric BaTiO3 thin films.
This suggests that the elastic coupling between BaTiO3 thin films fabricated under
nominally stoichiometric conditions is indeed incomplete leading to a finite magnetoelectric effect. A detailed analysis of the converse linear magnetoelectric coupling
reveals that these effects are largest at the magnetic coercive field and are strongly
correlated to strain induced changes of the magnetic domain state. In particular,
the magnetic field dependence of the converse linear magnetoelectric coupling was
found to be similar to the magnetic field derivative of the magnetostriction strain.
This chapter revealed that a key requirement for larger converse magnetoelectric
coupling in further experiments is the elastic decoupling between the piezoelectric
layer and the rigid substrate leading to enhanced converse piezoelectric effects.

Chapter 10
Extrinsic multiferroic composite
structures: Conclusions and
Outlook
The strain-mediated manipulation of the magnetization by an electric field is the
focus of the second part of this thesis. To this end, we investigated extrinsic multiferroic composite structures in which two or more submaterials are elastically coupled
to each other. Such composites are expected to exhibit large and robust magnetoelectric effects even at room temperature. These effects arise from strain induced
crystal deformations of the magnetic layer, which alter the magnetization caused
by the inverse effect of magnetostriction. Therefore, the magnetoelectric effect can
be described as a product property, converting an applied electric field to strain
changes in one constituent, which force variations of the magnetization in the elastically coupled second component. Two different approaches to realize multiferroic
composite structures were discussed. Both are based on a 2-2-type horizontal strainmediated scheme, in which magnetostrictive/piezoelectric structures are fabricated
by depositing ferromagnetic thin films onto ferroelectric layers. In the first approach,
free-standing hybrid structures were realized by using a bulk ferroelectric substrate
(cf. Chapter 8). However, for applications in micro-devices, magnetoelectric thin
film heterostructures based on multiferroic composites have to be realized. Therefore, the second approach utilizes the elastic properties of ferroelectric thin films,
which were first deposited on a suitable substrate (cf. Chapter 9). In the following, we review our key results, and give an outlook for strain-mediated converse
magnetoelectric effects in composite structures.
Summary
The main advantage of extrinsic multiferroic composite structures is the possibility
to select and optimize each constituent in order to enhance the desired magnetoelectric coupling (cf. Chapter 7). In particular, the intrinsic upper limit of the
magnetoelectric effect in single-phase multiferroic materials, which is given by the
geometric mean of the corresponding electric and magnetic susceptibilities (cf. Chapter 3), is overcome in extrinsic multiferroic composites. In this thesis, BaTiO3 was
chosen as ferroelectric material. In BaTiO3 , (i) linear converse piezoelectric effects
and (ii) electric field controlled ferroelastic domain switching cause changes of the
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strain state, which allows for a manipulation of the magnetization in the overlying
ferromagnetic thin film. Furthermore, (iii) BaTiO3 exhibits different ferroelastic
phases, which can be selected by simply varying the temperature (cf. Section 7.1).
For the ferromagnetic constituent, various single crystalline as well as polycrystalline
ferromagnetic materials were considered. In addition to well known ferromagnetic
materials, such as Fe3 O4 , Ni, and FeCo, the physical properties of Sr2 CrReO6 films,
which are potential candidates for spintronic devices, were studied for the first time
(cf. Section 7.2).
One key result of this thesis is based on topic (iii), the phase transitions of BaTiO3 .
We used BaTiO3 substrates to study magnetoelastic effects of different ferromagnetic
materials by simply varying the temperature of multiferroic composite hybrid structures (cf. Section 8.1). However, since the magnetic response of FM/BaTiO3 hybrids is highly dependent on the ferroelastic domain configuration of the BaTiO3
substrates, a control of these domains in each phase of the BaTiO3 substrate is essential to describe the experimental results in a quantitative way. Therefore, miscut
BaTiO3 substrates were used to create a well-defined strain state in the multiferroic
hybrid structures (cf. Section 8.2). On the basis of these substrates, the magnetoelastic response of ferromagnetic thin films deposited on top were modeled using
molecular dynamics simulations in combination with magnetoelastic theory. An
excellent agreement between experiment and theory was obtained, confirming the
possibility to predict the magnetoelastic response of FM/BaTiO3 hybrid systems in
a quantitative manner. This new approach paves the way to predict the magnetoelastic behavior of new multiferroic hybrids, since the calculations are only based
on material constants and the strength of the elastic coupling between both layers
(cf. Section 8.3).
These simulations are also applicable to calculate the magnetoelectric responses
at a given temperature in multiferroic hybrid structures. As the manipulation of
the magnetization by electric fields is a main challenge in today’s spintronic applications, converse magnetoelectric effects were investigated at room temperature, i.e.,
in the tetragonal phase of BaTiO3 , as well as in the orthorhombic phase at 270 K
(cf. Section 8.4). In both cases, large changes of the magnetization of up to 40% were
observed experimentally. However, while the electrical control of the magnetization
in multiferroic hybrids could be well simulated in the tetragonal phase of BaTiO3
in the context of a two region model, which accounts for the magnetic heterogeneous state created by the simultaneous existence of ferroelastic a2 - and c-domains
in the BaTiO3 substrate, the asymmetric response as a function of the applied electric field observed in the orthorhombic phase could only be explained qualitatively.
Therefore, further experiments are needed to elucidate the converse magnetoelectric
response of FM/BaTiO3 hybrid structures in the orthorhombic phase of BaTiO3 .
In contrast, a detailed experimental and theoretical understanding of the magnetic
behavior of FM/BaTiO3 hybrids was developed in the tetragonal phase of BaTiO3
at 300 K. These experiments, together with the simulation approach, are a second key outcome of this thesis. In particular, it was demonstrated that FM/BaTiO3
hybrid structures are promising candidates for next-generation multifunctional spintronic devices, since reversible switching between two non-volatile remanent mag-
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netic states was demonstrated in experiment.
For commercial multifunctional micro-devices, the realization of thin film heterostructures with finite converse magnetoelectric effects is mandatory. In this
spirit, epitaxial and non-epitaxial FM/BaTiO3 multiferroic 2-2 type heterostructures were fabricated on rigid Nb:SrTiO3 substrates (cf. Chapter 9). While neither magnetoelastic nor magnetoelectric effects were observed for multiferroic heterostructures based on epitaxial Fe3 O4 deposited on BaTiO3 thin films, non-epitaxial
FeCo/BaTiO3 thin film 2-2 type heterostructures revealed finite variations of the
magnetization based on reversible and irreversible magnetic domain effects induced
by the converse piezoelectric effect of the BaTiO3 layers. The converse magnetoelectric response does not only show a strong dependence on the properties of the
ferromagnetic material, but also on the growth conditions of the BaTiO3 layer. Multiferroic FeCo/BaTiO3 heterostructures with BaTiO3 thin films deposited at a high
oxygen pressure of pO2 = 1.0 × 10−1 mbar exhibited a finite magnetoelectric effect,
while no magnetoelectric effect was found in FeCo/BaTiO3 heterostructures builtup from oxygen deficient BaTiO3−δ layers fabricated at pO2 = 7.5 × 10−3 mbar.
This might be attributed to two mechanisms. First, the physical properties of
BaTiO3−δ degrade in the presence of oxygen vacancies and second, only a gradual relaxation of the mismatch strain was observed in oxygen deficient BaTiO3−δ
thin films, while BaTiO3 thin films fabricated under almost stoichiometric conditions exhibited negligible intrinsic strains, i.e., are fully relaxed. This suggests that
the epitaxial strain is relaxed within the first monolayers of BaTiO3 . Therefore, the
elastic coupling between the BaTiO3 thin films deposited at pO2 = 1.0 × 10−1 mbar
and the rigid Nb:SrTiO3 substrate might be reduced due to the presence of a high
density of dislocations at the interface. However, a finite elastic coupling is still
present, since multiferroic FeCo/BaTiO3 heterostructures do not behave as a freestanding FM/BaTiO3 structure. In particular, a strong dependence of the converse
linear magnetoelectric effect on the applied magnetic field is evident in experiment.
This can be explained by assuming that the converse linear magnetoelectric coupling is a function of the magnetic field derivative of the magnetostriction constant
(cf. Section 9.2). Therefore, at magnetic fields larger than the saturation field of the
ferromagnet, no magnetoelectric response was measured, while the magnetoelectric
coupling was found to be largest around the magnetic coercive field. These measurements disclosed that a converse magnetoelectric coupling is achievable even in
multiferroic heterostructures exhibiting elastic constraints due to the rigid substrate.
Conclusions and Outlook
As summarized above, in case of free-standing composite hybrids based on BaTiO3
substrates large and robust manipulations of the magnetization were achieved as a
function of temperature at constant electric field as well as a function of the electric
field at constant temperature. However, these effects are mainly caused by modifying the ferroelastic multi-domain state in the BaTiO3 substrate imposing a heterogeneous magnetic configuration in the overlying ferromagnetic thin film. For further
applications, it is necessary to control or avoid this heterogeneous magnetic state.
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The former can be, for example, achieved by patterning ferroelectric/ferroelastic
domains in the ferroelastic layer [758]. Due to magnetoelastic coupling of the overlying ferromagnetic thin film, an electrically controlled magnetic domain pattern
might be realized within this method. By considering domain wall scattering in
such systems, sharp resistivity changes are expected in the ferromagnetic layer due
to the presence and absence of electrically controlled magnetic domain walls, which
could be exploited in memory devices [759]. On the other hand, switching of ferroelastic domains from one single-domain state to another single-domain state in
the ferroelastic layer circumvents electrically driven magnetic inhomogeneities in
the overlying ferromagnetic thin film, since a homogeneous strain state is imposed
into the ferromagnetic thin film. For example, ferroelastic a-domains can switch
to c-domains via electric fields in BaTiO3 . But not every a-domain can recover its
position in the absence of the electric field once it was switched into a c-orientation
[760]. Furthermore, a preferential elongation direction in the plane of the ferromagnetic thin film is needed to switch the magnetization in the film plane. Therefore, the realization of ferroelastic single-domain switching from, for example, a1 to c-domains and back is demanding in bulk BaTiO3 . However, in Section 8.5, a
practicable concept for further experiments on non-volatile and persistent electrical control of magnetization
reorientations
was given on the basis of ferroelectric


(011) oriented Pb(Mg1/3 Nb2/3 )O3 1−x [PbTiO3 ]x crystals. This example furthermore demonstrates that ferromagnetic/ferroelectric hybrid structures are indeed a
viable approach for non-volatile memory devices.
The electrical control of the remanent magnetization orientation in spintronic
devices is only one example of potential applications of multiferroic composites. Hybrids that exhibit large magnetoelectric effects at room temperature with low power
consumption are further capable for a range of technological applications, such as
current sensors, microwave devices, resonators, transducers, filters or phase shifters
(see Refs. [21, 425, 443, 450] and references therein). In particular, multiferroic multilayer ceramic capacitors are very promising in the field of magnetic field sensors,
due to their low cost [668, 761]. In addition, multiferroic composite hybrids can
be used for harvesting magnetic and mechanical energy [762, 763]. This is of great
importance, since the generation and storage of energy will be one of the most pressing technological challenges in the future. Furthermore, in recent years, left-handed
materials have became an exciting subject in the field of fundamental research due
to their unique electromagnetic properties including negative phase velocity and
negative refraction [764]. Such materials can be realized by multiferroic composite
hybrids, which allows to electrically and magnetically tune the left-handed transition
in such devices [106, 765].
Although multiferroic composites are, in principle, ready for practical applications,
the following important issues remain to be solved [425]:
First, as the magnetoelectric interaction of strain-mediated multiferroic composite
structures is induced across the interface, a good elastic contact with effective strain
transfer between the magnetostrictive and piezoelectric layer is a prerequisite for high
magnetoelectric effects. Therefore, the deposition process of the magnetostrictive
thin film on the piezoelectric layer is a key issue. By choosing suitable ferroelectric
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and magnetic materials, a reduction of crystalline defects such as dislocations can be
obtained in the case of pseudomorphic growth. In this limit, the coupling constant
k c as defined in Chapter 6 should be close to 1.
Second, a clear fatigue behavior was observed in FM/BaTiO3 hybrid structures,
which reduces the converse magnetoelectric response of the hybrid structure as a
function of the number of electrical cycles (cf. Section 8.3). This can be attributed
to two effects. First, mechanical fatigue can occur in the BaTiO3 crystal, which
diminishes the converse piezoelectric strain, and second, the elastic coupling of the
ferromagnetic thin film on the BaTiO3 substrate might be reduced due to the formation of crystalline defects. In contrast to ferroelectric fatigue effects, there is a
lack in the understanding of mechanical fatigue, which is of particular technological
importance [425].
Third, to ensure scalability of possible memory devices based on strain-mediated
multiferroic hybrids, large and robust magnetoelectric effects are essential even if the
lateral size of the memory cell is reduced below 1 µm. Therefore, it will be important
to investigate to which extent possible size effects affect the magnetoelectric response
[21].
Fourth, the frequency dependence and the dynamics of the magnetoelectric coupling is another important issue in multiferroic composites [21]. Since the magnetoelectric coupling is mediated by strain in these systems, an enhancement of
the magnetoelectric response is expected, when the frequency of the driving field is
tuned close to the resonance phenomena of the system, such as the electromechanical and ferromagnetic resonances [450]. Moreover, theoretical calculations predict
a giant magnetoelectric effect, if the frequencies of the electromechanical and ferromagnetic resonances overlap, i.e., at the magnetoacoustic resonance [766]. However,
this is yet to be verified. In the past, various studies on the frequency dependence
of the magnetoelectric coupling were based on laminate structures, i.e., bonded bilayers with micrometer thicknesses [450], but only few reports are available on the
high-frequency dependence of the magnetoelectric response in composite hybrids or
heterostructures up to now [767–770]. However, epitaxial composite hybrids and heterostructures are critically important in particular for future high-frequency device
applications.
Today’s memory devices exhibit a memory cell array formed on a suitable substrate. Therefore, the realization of the strain-mediated concept of ferromagnetic/
ferroelectric hybrid structures in thin film form is mandatory. Chapter 9 revealed
that the converse magnetoelectric effect in ferromagnetic/ferroelectric thin film heterostructures strongly depends on the degree of elastic decoupling of the piezoelectric
layer and the substrate. Therefore, we address different possibilities to enhance the
elastic release from the stiff substrate in the following.
The most obvious method of increasing the converse piezoelectric effect of the
piezoelectric layer is to release it from the stiff substrate using etching techniques
or focused ion beam milling [752, 771]. However, the fabrication of free-standing
structures is not appropriate for low cost, high density memory devices. Furthermore, since the passive region is still clamped to the substrate, bending of the heterostructure occurs at the active region, which induces inhomogeneous strain into
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the overlying magnetostrictive thin film. Another possibility to reduce the elastic
constraint on the piezoelectric layer is to deposit a buffer layer on the substrate first.
This buffer layer can release the misfit strain due to the formation of crystal defects
and act as a bottom electrode in multiferroic heterostructures [21]. Furthermore, using PbZrx Ti1−x O3 as piezoelectric material, an enhanced piezoelectric response can
be obtained by fabricating a PbZrx Ti1−x O3 bilayer comprised of a tetragonal layer
with x = 0.3 deposited on top of a rhombohedral layer with x = 0.7. The resulting
ferroelastic domain arrangement in the tetragonal layer is more tethered to the Zrrich rhombohedral layer than to the stiff substrate, which results in a three times
larger piezoelectric response compared to constrained single-layered PbZrx Ti1−x O3
thin films [772]. Further decrease of the clamping between the piezoelectric layer and
the substrate can be achieved by fabricating magnetoelectric elements with lateral
dimensions of less than 10 µm [773].
The above described methods are different possibilities to enhance the converse
piezoelectric effect of the piezoelectric layer, which should lead to finite magnetoelectric effects in 2-2 type multiferroic heterostructures. However, a complete elastic
decoupling of the piezoelectric layer from the rigid substrate is difficult to achieve
in experiment. Therefore, the imposed in-plain strain might not be sufficient to
realize large magnetization reorientations in the overlying ferromagnetic thin film.
Nevertheless, using pseudomorphic growth of the ferromagnetic layer, the misfit
strain between the ferromagnetic and the piezoelectric material can be tailored such
that the elastic energy is equal to the demagnetization energy of the ferromagnetic
thin film. At this critical misfit strain, the magnetization orientation can largely
be influenced by an additionally imposed strain stemming from the converse piezoelectric effect of the piezoelectric layer. If the total in-plane strain is enhanced the
magnetization rotates perpendicular to the film surface, while a reduction of the
in-plane strain state relative to the misfit strain forces the magnetization to stay
in the plane of the ferromagnetic film.1 Therefore, switching of the magnetization
from an in-plane direction to the out-of-plane direction might be achieved in 2-2 type
multiferroic heterostructures even in the presence of substantial substrate clamping
[774, 775]. However, if the magnetic thin film exhibits a preferential direction of
the magnetization in the film plane, a magnetic multi-domain state occurs while the
magnetization is reoriented from the out-of-plane to the in-plane direction. Thus,
reorientation of the remanent magnetization of a single domain state takes only
place for magnetically isotropic materials. Therefore, even in the case of 2-2 type
multiferroic heterostructures, switching of the magnetization on the basis of magnetoelastic effects seems to be possible by engineering the material properties of the
magnetostrictive and piezoelectric layers.
In conclusion, the study of layered composite multiferroics presented in the second part of this thesis shows strong and persistent converse magnetoelectric effects.
Moreover, a better understanding of the physical mechanisms is derived not only
experimentally but also theoretically. This could prove very useful for future applications in the field of spintronic devices.
1

We here assume ferromagnetic thin films exhibiting a magnetization, which lies in the film plane
for vanishing external fields and strain.

Appendix A
Multiferroic double perovskite
Bi2CrFeO6 thin films
In searching for new multiferroic compounds exhibiting a strong ferroelectric and
ferromagnetic polarization, Bi containing double perovskites Bi2 BB 0 O6 have received renewed interest. In particular, recent attention has focused on Bi2 CrFeO6 ,
as an enhanced magnetism and multiferroic behavior at room temperature was reported [412, 413]. However, theory calculations [417] as well as studies on thin films
[415] and bulk samples [416] are in contradiction to these findings. To investigate
this controversy, the magnetic properties of Bi2 CrFeO6 thin films were examined
during this thesis.
In the double perovskite structure A2 BB 0 O6 , the transition metal ions B and B 0
occupy the octahedral site alternately along the [111] direction resulting in a rocksalt lattice (cf. Figs. A.1(a) and (b)). This can be exploited to artificially fabricate
double perovskites by alternately growing ABO3 and AB 0 O3 unit cell layers. As an
example, a ferromagnetic spin order was realized in LaCrO3 -LaFeO3 superlattices
by employing this technique [776]. In the course of this thesis, Bi2 CrFeO6 thin films
were fabricated on SrRuO3 -buffered as well as directly on (111) oriented Nb:SrTiO3
substrates. Since the above described method failed to realize Bi2 CrFeO6 thin films,
the results, which are discussed in the following, are based on thin films grown by
pulsed laser deposition using a single stoichiometric Bi2.4 CrFeO6 target.
One crucial parameter of double perovskites is the B/B 0 order, since antisite defects significantly can alter the physical properties (cf. Section 7.2.2). In principle,
the ABO3 /AB 0 O3 sublattice order is strongly dependent on the difference of the
ionic charges and the ionic radii of the B and B 0 cations. Since, Cr3+ and Fe3+
have very similar ionic radii [233], a spontaneous ordering is not expected for thin
films fabricated from a single Bi2.4 CrFeO6 target. However, Fig. A.1(c) reveals a superstructure peaks at (0.5 0.5 0.5)pc , which is caused by the alternating ordering of
the BiCrO3 /BiFeO3 sublattices along the pseudo-cubic [111]pc direction. The spontaneous ordering was found to be highly dependent on the deposition parameters,
in analogy to the recent publication on the fabrication of La2 CrFeO6 [620]. However, since the deposition window of the fabrication of single-phase Bi containing
perovskite-like thin films is narrow (cf. Fig. 4.2), a detailed investigation of this issue
could not be carried out. Parasitic phases were formed easily when the deposition
parameters differed slightly from those which were found optimal for the growth of
BiFeO3 and BiCrO3 thin films.
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Figure A.1: Schematic illustration of the double perovskite Bi2 CrFeO6 crystal structure
in a cubic F m3m symmetry along the (a) [001] and (b) [111] direction. (c) X-ray
diffraction of a 20 nm thick Bi2 CrFeO6 (BCFO) film fabricated on a (111) oriented
Nb:SrTiO3 substrate with qH = qK = qL . The finite intensity observed at the pseudocubic reflection BCFO (0.5 0.5 0.5)pc indicates a finite ordering of the BiCrO3 /BiFeO3
sublattices. (d) The magnetic hysteresis loop measured at T = 25 K reveals a saturation magnetization of about 4 kA/m. The normalized remanent magnetization versus
temperature is shown in the inset.

The magnetic properties of a 20 nm thick Bi2 CrFeO6 film is depicted in Fig. A.1(d).
A ferromagnetic behavior with a saturation magnetization of around 4 kA/m, which
is slightly larger than in single BiFeO3 and BiCrO3 thin films (cf. Figs. 4.20 and
4.40), was found in this thin film. Therefore, the results reported by Nechache and
coworkers [412], who found an enhanced magnetism with a saturation magnetization of around 15 kA/m in epitaxial BiFeO3 /BiCrO3 heterostructures, could not be
confirmed in our measurements. Furthermore, the temperature dependence of the
remanent magnetization depicted in the inset of Fig. A.1(d) revealed a magnetic
transition temperature of around 150 K. Thus, these measurements suggest that a
room temperature multiferroic behavior in Bi2 CrFeO6 is unlikely, which is in agreement with by theory calculations [417].

Appendix B
Modeling of magnetization
hysteresis in ferromagnetic
materials
There have been many efforts in the past to develop analytical models to analyze
the magnetization reversal process in ferromagnetic materials. The most successful
models are summarized in Refs. [777, 778]. We here use a macrospin model, which
is known as the Stoner-Wohlfarth model [779]. This is the simplest method that
is adequate enough to describe the physics of ferromagnetic materials exhibiting a
single domain state. In this limit, the constant exchange energy forces all spins to
align parallel to each other, i.e., the magnetization does not vary in space and is
homogeneous throughout the sample. Therefore, the minimum of the Gibbs free
energy density g̃ (m) , which determines the magnetization direction mi , does not de(m)
pend on the exchange energy and is only a function of the magnetic anisotropy uani ,
(m)
(m)
the elastic energy uel , the magnetoelastic contribution umagel , the demagnetization
(m)

energy udemag , and the external magnetic field Hi (see Section 6.2). As an example,
the magnetic field dependence of the magnetization of a polycrystalline Ni thin film
under a strain state of


−0.0005
0
0

0
0.0012
0
Ni = 
0
0
−0.0004
can be described within this model.1 The projection of the magnetization along
the direction of the external magnetic field, which is aligned along the y-direction,
obtained by SQUID magnetometry is depicted in Fig. B.1(a). Since the equilibrium
orientation of the magnetization m is given by the minimum of the Gibbs free energy
density g̃ (m) , the magnetization component along the y-direction M2 = Ms · m2 can
be calculated within the film plane (cf. red solid line in Fig. B.1(a)). The Gibbs
free energy density g̃ (m) contours normalized to the saturation magnetization Ms of
400 kA/m, which is determined by SQUID magnetometry and shown in Fig. B.1(b)
reveals that the direction of the magnetization indicated by red full circles follows
the global minimum of the free energy density upon decreasing the magnetic field
strength from +50 mT to −50 mT. Therefore, the magnetization reversal can be
1

A standard Cartesian coordinate system is used throughout this example.
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Figure B.1: (a), (c) Experimental results (black full symbols) obtained by SQUID magnetometry and simulation (solid lines) derived on the basis of a macrospin model for
the magnetization reversal of a Ni thin film under a certain strain state. The magnetic
field was applied either along the (a) y-direction or (c) x-direction. The corresponding Gibbs free energy density g̃ (m) contours for different magnetic field strengths as a
function of the magnetization direction m2 and m1 are depicted in (b) and (d), respectively. The local minima of g̃ (m) , which determine the magnetization direction, are
marked by red full circles in case of a coherent spin rotation process. The incoherent
spin switching process, which results in the magnetic hysteresis displayed by the green
line in (c), is denoted by the green arrow in (d).

described as a coherent spin rotation process. Note that the agreement between
simulation and experiment can be improved even more by assuming a misalignment
of 5◦ of the external magnetic field with respect to the y-direction of the sample
(cf. red dashed line in Fig. B.1(a)).
However, in contrast to H||y, the magnetic field dependence of the magnetization
obtained with the external magnetic field applied along the x-direction (Fig. B.1(c))
can only be explained by considering incoherent spin switching around the coercive
magnetic fields in addition to coherent spin rotation. Omitting incoherent spin
switching, the orientation of the magnetization m1 follows the local minimum of the
Gibbs free energy density at 0◦ as the magnetic field strength is decreased from 5 mT
to −40 mT (cf. Fig. B.1(d)). As apparent from Fig. B.1(d), a coherent spin switching
takes place at −40 mT due to the appearance of an inflection point in the Gibbs
free energy density at m2 = 1. This process results in a magnetic hysteresis M (H)
(cf. red line in Fig. B.1(c)) exhibiting a coercive field, which is largely overestimated
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Figure B.2: Magnetic field dependence of a (a) Sr2 CrReO6 /BaTiO3 hybrid system as
well as a (b) Fe3 O4 thin film deposited on a MgO substrate. The similar magnetic response on magnetic fields applied along different directions (open and closed symbols)
demonstrates a magnetic isotropic behavior of Sr2 CrReO6 /BaTiO3 structures in the
rhombohedral phase of BaTiO3 at 180 K as well as negligible in-plane anisotropy for
Fe3 O4 thin films on MgO substrates. Employing the method of incoherent magnetization switching, the experimentally observed finite coercive field can be simulated (green
solid line), while no coercive field is obtained in the limit of coherent spin switching
(red solid line). The experimental data in (b) are taken from the PhD thesis of Andrea
Nielsen[? ].

compared to the experimental value. This evidently shows that additional effects
should be considered, such as domain nucleation and expansion. The formation
energy of domain walls can be described by a surface energy, which is a function
of the anisotropy energy density, the exchange integral, the spin quantum number,
and the lattice parameter [460, 780]. For iron or nickel, this energy is of the order
of 0.1 − 0.2 µJ/cm2 [780, 781]. Now, considering the movement of a 180◦ domain of
surface area A through a distance ∆x, the energy loss can be calculated by ∆E (p) =
nEp A∆x, where Ep is the pinning energy per unit volume and n denotes the number
of pinning sites [782]. This movement results in a change of the magnetic moment
by ∆m = 2Ms A∆x. Therefore, the change of the Gibbs free energy density results
p
∆M = q∆M , where q is a microstructural parameter proportional
in ∆g (p) = nE
2Ms
to the pinning site density and to the pinning energy [777]. Within this context,
the magnetization reversal of the Ni thin film depicted in Fig. B.1(c) takes place
at an external magnetic field of −5 mT, due to incoherent magnetization switching.
At this magnetic field strength, the energy difference ∆E/Ms = 10 mT of the local
minimum located at 0◦ and the global free energy density minimum is larger than
the energy needed to create and unpin magnetic domain walls. Therefore, domains
are formed and expand rapidly throughout the sample, until a final state is reached,
which can again be described in the context of a macrospin model [780]. In our
calculation the energy barrier ∆E/Ms is taken as a free parameter to reproduce the
experimentally obtained magnetic switching fields. This energy barrier is determined
for each thin film by either measuring the magnetic hysteresis characteristic M (H)
(cf. Fig. 8.4) or by determining the angular dependence of the magnetization for
positive and negative rotational direction of the magnetic field (cf. Fig. 8.17) and is
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taken as a constant value. However, this is only a first approximation, since ∆E/Ms
is expected to be a function of the applied magnetic field as well as the imposed
strain state [783].
Figure B.2 shows two examples of determining the energy barrier ∆E/Ms . For the
Sr2 CrReO6 /BaTiO3 hybrid structure, a magnetically isotropic behavior has been
found in the rhombohedral phase of BaTiO3 at 180 K (see Fig. B.2(a)). In the
limit of coherent spin switching, no hysteresis is expected in this case (cf. red line
in Fig. B.2(a)). To account for the finite coercive fields, the described method
of incoherent magnetization switching using an energy barrier of ∆E/Ms = 0.9 T
has been applied (cf. green line in Fig. B.2(a)). This value is used to simulate
the magnetic hysteresis shown in Fig. 8.4. The second example deals with Fe3 O4
based thin films. Since Fe3 O4 thin films on BaTiO3 substrates exhibit a pronounced
magnetic anisotropy in the whole measured temperature range of 180 K < T <
390 K, the nearly isotropic magnetic in-plane behavior of Fe3 O4 thin films fabricated
on MgO substrates is used to determine the energy barrier ∆E/Ms (see Fig. B.2(b)).
In this case, a value of ∆E/Ms = 32 mT is obtained. Using this value, Section 8.4.1
demonstrates that the magnetic reversal in Fe3 O4 /BaTiO3 hybrid structures can
only be described qualitatively, which can mainly be attributed to additional pinning
centers in Fe3 O4 thin films deposited on BaTiO3 substrates.
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4. P. Majewski, S. Geprägs, A. Boger, M. Opel, A. Erb, R. Gross, G. Vaitheeswaran,
V. Kanchana, A. Delin, F. Wilhelm, A. Rogalev, and L. Alff, Magnetic moments of W 5d in Ca2 CrWO6 and Sr2 CrWO6 double perovskites, Physical
Review B 72, 132402 (2005).
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[472] M. Komelj and M. Fähnle, Phys. Rev. B 65, 212410 (2002).
[473] S. Blundell, Magnetism in Condensed Matter (Oxford University Press, 2001).

Bibliography

327
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