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Overcoming Anode Instability in Solid-State Batteries
through Control of the Lithium Metal Microstructure

Dheeraj Kumar Singh,* Till Fuchs, Christian Krempaszky, Boris Mogwitz,

Simon Burkhardt, Felix H. Richter,* and Jiirgen Janek*

Enabling the lithium metal anode (LMA) in solid-state batteries (SSBs) is the
key to developing high energy density battery technologies. However, main-
taining a stable electrode—electrolyte interface presents a critical challenge

to high cycling rate and prolonged cycle life. One such issue is the interfacial
pore formation in LMA during stripping. To overcome this, either higher
stack pressure or binary lithium alloy anodes are used. Herein, it is shown
that fine-grained (d = 20 um) polycrystalline LMA can avoid pore formation
by exploiting the microstructural dependence of the creep rates. In a sym-
metric cell set-up, i.e., LilLig 55Alg 25La3Zr,01,(LLZO)ILi, fine-grained LMA
achieves > 11.0 mAh cm™2 compared to = 3.6 mAh cm™2 for coarse-grained
LMA (d =295 um) at 0.1 mA cm2 and at moderate stress of 2.0 MPa. Smaller
diffusion lengths (= 20 pm) and higher diffusivity pathway along disloca-
tions (Dy = 107 cm? s7"), generated during cell fabrication, result in enhanced
viscoplastic deformation in fine-grained polycrystalline LMA. The electro-
chemical performances corroborate well with estimated creep rates. Thus,
microstructural control of LMA can significantly reduce the required stack
pressure during stripping. These results are particularly relevant for “anode-
free” SSBs wherein both the microstructure and the mechanical state of the

1. Introduction

The drive for the improvement of electric
energy storage systems causes long-term
interest in lithium metal (3860 mAh g7,
and —3.04 V vs SHE) based solid-state bat-
teries (SSBs) with high energy density.["?
The replacement of conventional flam-
mable organic liquid electrolytes with
non-flammable inorganic solid-electrolytes
(ISEs, Gipp > 1 mS cm™) in SSBs addition-
ally promises enhanced safety and longer
cycle life.’] However, maintaining a
stable electrode—electrolyte interface is
one of the key challenges that currently
impedes the development of SSBs.67 At
the anode, apart from the solid—electro-
lyte interface (SEI), and mixed conducting
interface (MCI) formation at the LilISE
interface;®?! the interfacial pore forma-
tion/accumulation® in the lithium elec-
trode severely contributes to increasing
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impedance and decreasing power density
of the cell.
Therefore, overcoming pore forma-
tion during stripping is one of the funda-
mental issues that needs to be addressed in the development of
fast-(dis)charging SSBs. The so-called critical current for strip-
ping (CCS) in SSBs is still lower than the critical current for
plating (CCP)."l The presence of non-equilibrium defects, i.e.,
grain boundaries, and dislocations in lithium anode results in
inhomogeneous LilISE interfacial kinetics resulting in spatially
varying interfacial contacts.l!!

Generally, high stack pressures are applied to avoid pore
formation during stripping in research. This results in plastic
deformation of lithium in contact with the ISEs, thereby main-
taining a good interfacial contact.">¥] The magnitude of the
required stress is governed by interfacial roughness, fracture
toughness of ISEs, thermomechanical processing history of
metal etc.7! In practice, the applied stack pressure should be
as low as possible for the following reasons. First, engineering
and cost constraints in the fabrication of practical battery
packs argue against the use of high stack pressures. Second,
sulfur-based superionic conductors,®2! which are industrially
relevant candidates, possess a low fracture toughness
(Kic < 0.23 MPa m'/?).[22l High pressures would lead to exten-
sive interfacial fracture within these ISEs, and the resulting
cracks would serve as favorable pathways for dendrite growth
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through the bulk microstructure.22-261 In effect, this lowers

the critical current density (CCD), i.e., the maximum current
density before shorting.[”/l Since ceramics in general do not
exhibit fatigue,?®! these interfacial fractured zones are expected
to significantly affect the long-term cyclability. Additionally, the
application of high pressure enhances the propensity for den-
drite propagation.?’]

In another approach, binary lithium alloys (with Si, Sn,
Al, Mg, As, Bi, Zn, In, etc.) are used.?>3!l Herein, enhanced
lithium chemical diffusivity (D,, = 107 cm? s7!) compared to the
much lower self-diffusivity (D;; = 107" cm? s7Y) in pure lithium
is utilized to mitigate pore formation issue by facilitating faster
interfacial Li flux.3? However, alloy anodes are constrained
by both electrochemical as well as mechanical issues that tend
to be system specific, and are governed by the width of the
homogeneous composition range, mechanical properties of
the alloys, density of the secondary component, inter-diffusion
kinetics, volume change during alloying-dealloying, etc.[30-3133]
One issue specific to alloys is the drift of redox-potential with
composition. For example, the In-Li anode has a potential of
0.62 V versus Li*/Li when > 50 at.% In is present, i.e., in the
In-InLi two-phase field.}4 This limits both the theoretical and
the practical specific capacity of alloys. Furthermore, alloying
would lead to mechanical strengthening (usually of several
orders)Bl of the anode material in general. Also, economic
aspects pertaining to the cost of the alloying element need to
be considered.

Chemo-mechanical degradation of alloy anodes at higher
current rates or repeated alloying—dealloying may become
another critical issue,! e.g., a charge extraction of 1.5 mAh
causes the # — o phase transition in the Mg-70 wt.% Li system,
thereby simultaneously compromising mechanical integrity,
and kinetics (D, < Dp).®l Also, alloys are prone to weakening
of the redox plateau upon repeated cycling.>"

Lastly, the alloyed element must itself be stable to oxidation,
e.g., the potential window of Mg in Li-Mg alloy is limited as it
is oxidized at 1.35 V versus Li*/Li.*’]

Hence, in view of these arguments, the use of (pure) lithium
metal is desirable, ideally at very low stack pressure. Herein,
we show that creep of polycrystalline lithium can be effectively
utilized to overcome the pore formation associated interfacial
instability observed during anodic stripping. Creep is a dif-
fusion controlled, and hence, time-dependent plastic (visco-
plastic) deformation of materials occurring below yield stresses,
and/or at elevated temperature, i.e., high homologous tempera-
tures, Ty = T/ T, > 0.3-0.4 (T and Ty, are the temperature of
operation and the melting temperature respectively).?® Creep
is a complex process depending particularly on microstructural
properties, such as grain size, grain shape, dislocation density,
etc., which we aim to control.

In the present work, by implementing fine-grained
polycrystalline lithium (d = 20 um), we harness the shorter
diffusion lengths (=20 um) via high diffusivity pathways
(dislocation pipe diffusion, Dy = 107 cm? s7) to effect higher
creep deformation or creep rates. The results are compared
to data obtained with coarse-grained polycrystalline lithium
(295 pm) anodes. In symmetric transference cells, we perform
galvanostatic electrochemical impedance spectroscopy (GEIS)
measurements and correlate the overpotential evolution
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(indicating the contact area) with the creep rates. Lastly, the
contributions of different mechanisms viz. diffusional creep
(Nabarro—Herring creep and Coble creep) and dislocation
creep are discussed, and we assign the predominant operating
mechanism under the present experimental conditions. Based
on the observed anode performance, we propose microstruc-
ture-dependent deformation mechanism map for lithium. We
show that an optimized microstructure of lithium metal can
significantly reduce the required stack pressure in solid-state
batteries.

Here, we chose Lig,sAly,5La3Zr,0q, (LLZO) SE to study
the creep behavior of the synthesized polycrystalline lithium
metal for the following reasons. First, the LiLLZO interface
forms a microscopically smooth interface, thereby eliminating
the effect of interfacial load inhomogeneity.®* Second,
LLZO is practically stable against lithium, 3 and third,
LLZO exhibits a higher fracture toughness (among studied
ISEs, = 1.25 MPa m'/?)*2l that ensures that the applied pressure
will primarily lead to lithium creep without compromising its
mechanical stability.

2. Results

In order to depict the advantage of the microstructure assisted
enhanced creep behavior of polycrystalline samples,?843
symmetric cells, ie., LigLLZOlc/h-Li, implementing strained
fine-grained lithium or c-Li (d = 20 um), and strained coarse-
grained lithium or h-Li (d = 295 um) as working electrode were
prepared as depicted schematically in Figure 1 (see Supporting
Information for details). Phase purity of the synthesized
LLZO samples was demonstrated via powder X-ray diffraction
(PXRD) measurements (Figure Sla, Supporting Information).
The obtained diffraction pattern is indexed to the calculated
Bragg reflections for the cubic garnet structure with the Ia3d
space group. Cross-sectional scanning electron microscopy
(SEM) images of a fractured LLZO pellet indicate that the
grains are predominantly in the range of =10 um. Further-
more, Figure SIb (Supporting Information) shows that the
microstructure predominantly contains intergranular porosity
with small contribution of closed porosity in the grain inte-
riors. This is in accordance with the calculated density (=93%)
of the synthesized pellets as higher density pellets (=97%) pre-
dominantly contain closed porosity. The conductivity of the
LLZO pellet under ion-blocking conditions was found to be
0.53 mS cm™ using potentiostatic electrochemical impedance
spectroscopy (PEIS) (Figure Slc, Supporting Information),
which is virtually equal with the ionic conductivity due to the
very high transference number of lithium ions in LLZO.* A
representative Nyquist plot at 298 K is shown in Figure Slc
(Supporting Information) and is fitted with an equivalent cir-
cuit as shown in the inset of the corresponding figure. The
equivalent circuit consists of a series connection of two parallel
R-Q (resistor—constant phase element) elements in series with
a Q element. The high frequency (4 MHz) and the middle fre-
quency (50 kHz) semi-circles are assigned to the bulk and grain
boundary transport based on their capacitance values,*! while
the low frequency component is attributed to the double-layer
at the AulLLZO interface. Arrhenius plots yield the activation

© 2022 The Authors. Advanced Functional Materials published by Wiley-VCH GmbH



ADVANCED F
SCIENCE NEWS

www.advancedsciencenews.com

(a) Lithium preparation
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Figure 1. a) Preparation of fine-grained and coarse-grained polycrystalline lithium metal samples. Fine-/coarse-grained lithium foils of thickness
=115-120 um were obtained via mechanical processing of the respective lithium chunks. b) Fabrication of lithium symmetric cells for studying the creep
deformation behavior of the anodes. During fabrication, the foils were strained to =16%, indicating significant strain hardening. Post-strained state of
fine- and coarse-grained working electrodes are referred to as c-Li and h-Li, respectively.

energies, Ex(bulk) = 0.32 eV and E,(GB) = 0.42 eV, for the bulk
and the grain-boundary transport, respectively, fitting well to
reported values.[6:46:4/]

Figure 2a,b shows scanning electron microscopy (SEM)
images of fine-and coarse-grained polycrystalline lithium foils
(Please refer to Figure 1). The grain boundaries and the triple
junctions are clearly visible in Figure 2a,b. The mean linear

intercept method reveals that the in-planel® grain size of
fine-grained foil is =20 um (Figure 2a) whereas for the coarse-
grained sample it is =295 um (Figure 2b). Similarly, the grain
size of the reference lithium foil was determined to be =160 um
(Figure S2, Supporting Information). No differences in the
XRD patterns were found for fine-and coarse-grained lithium
foils (see Figure S3, Supporting Information). For grain size

Figure 2. Scanning electron micrographs of a) fine-grained and b) coarse grained lithium foils. Grain boundaries and triple junctions are prominent

in the above images.
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broadening of reflections to occur, the average grain size must
be below 200 nm, which is not the case for the lithium samples
used in the present investigation.[*’]

In order to investigate the creep deformation behavior of the
lithium anodes, continuous temporal evolution of galvanostatic
electrochemical impedance spectra (GEIS) under unidirectional
stripping conditions of the symmetric cells (LijqlLLZOlc/h-Li)
was recorded at 0.1 mA cm™2 with a cut-off voltage of 1.0 V.
The advantage of GEIS measurements lies in the fact that
they allow to follow and to deconvolute the relative contribu-
tion of an electrode process to the overall cell impedance under
operating conditions. As lithium and LLZO form a chemically
stable interface, following the temporal evolution of potential
gives information about the interfacial contact loss or equiva-
lently the strain/deformation rate of the lithium metal anode
(Figure 1). The measurements were performed at two different
stresses, i.e., 0.2 and 2.0 MPa, as creep is an activated process
that is facilitated below yield stresses, as discussed later in
detail.

The initial Nyquist plot of LiyLLZOlc/h-Li symmetric cells,
as shown in Figure 3, reflects the bulk and the grain boundary
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Figure 3. Selected Nyquist plots at different times of the temporally
evolving continuous galvanostatic electrochemical impedance spectros-
copy (GEIS) measurements of LigLLZOlc-Li and LigLLZOlh-Li cells at
0.1 mA cm™2. GEIS data for each of the cells were separately acquired
at two different vertically applied stack pressures of 0.2 and 2.0 MPa.
Note: the current is normalized with respect to the initial contact area of
lithium electrode.

Adv. Funct. Mater. 2023, 33, 2211067 2211067 (4 Of'lO)

(GB) contribution to the total impedance. The absence of any
interfacial contribution is in accordance with the previously
reported data for LilLLZO, indicating combined effects of chem-
ical stability of lithium against LLZO, and the applied pressure
during cell fabrication on interfacial contacts. The obtained
initial impedance is fitted with a series connection of two par-
allel R—Q elements for bulk and GB contribution, respectively,
as shown in the inset of the Figure 3a. The assignment is based
on the magnitude of the calculated values for bulk and GB
capacitances, i.e., Cgy = 107 F and Cgp = 1078 F.4

Selected Nyquist plots at different times for c/h-Li at
0.2 and 2.0 MPa resulting from continuous GEIS measure-
ments are shown in Figure 3. Clearly, an additional contribu-
tion manifests and grows progressively with time for both
types of anodes, i.e., c-Li and h-Li. The rates strongly differ and
depend on the sample and applied stress. This component is
attributed to a constriction resistance as the interfacial contact
gradually diminishes. An additional parallel R—Q combination
is added to the above circuit to account for this contribution
(inset of Figure 3).

The corresponding temporal potential profiles for the
continuous GEIS measurements are shown in Figure 4a. At a
stack pressure of 0.2 MPa, the c-Li anode exhibits a faster contact
loss (after = 10.0 h) compared to the h-Li anode (after = 34.5 h).
This indicates that the deformation rates at 0.2 MPa are different
for c-Li and h-Li. The time until contact loss in the potential pro-
file is an indicator of the differences in the mechanical strengths
of ¢-Li and h-Li since stress is constant (0.2 MPa) in both cases
(as discussed later in detail). Therefore, h-Li is deformed more
(lower strength) compared to c-Li and exhibits a higher strain
rate. At 2.0 MPa, both anode materials show longer discharge
until the cut-off potential (depletion) is reached. In this case,
however, c-Li exhibits a longer stripping time (=114 h) compared
to h-Li (=37 h). Note that the trend in interfacial resistance (Ryy)
is similar to that of the voltage profile indicating the exclusive
contribution of interfacial contact-loss to the observed overpo-
tential. This is discussed below in detail.

The temporal evolution of the interfacial contact-loss
imposed impedance (R;,) obtained by fitting GEIS spectra
is shown in Figure 4b. The trend in Ry, is analogous to
the voltage profile, indicating the exclusive contribution of
interfacial contact-loss to the observed overpotential. The
relationship is not one-to-one as the overpotential also
includes the resistance contribution from bulk transport in
the ISE (Ropmic = 1/Gion - L/A), and across the interface (Ry,) as
analyzed in Figure 3. The origin of Ry, is attributed to the pro-
gressively depleting interfacial contacts upon continuous unidi-
rectional stripping, resulting in an ensemble of constrictions or
point contacts.®>! The impedance of such ensembles can be
approximated as Ry, = 1/(2NdGi,,) (Gion is the ionic conductivity
of the ISE, N is the number of non-interfering point contacts,
and d is the diameter of each contact).l’?l Clearly, upon progres-
sive cycling, N decreases as does d, resulting in the increase of
Ri,. The extracted temporal interfacial capacitances (Cj,) are
shown in Figure 4c. The capacitance is the result of progres-
sively depleting contacts and concurrently evolving gaps.l’>3l
Clearly, the c-Li sample exhibits faster decrease in capacitance
at 0.2 MPa due to greater degree of pore accumulation (as gaps
have lower permittivity) that complements the trend of R;;.
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Figure 4. a) Potential versus time profiles during GEIS measurements for c-Li and h-Li at 0.2 and 2.0 MPa. b) Corresponding temporal evolution of the
interfacial contact-loss imposed impedance (R;,) and c) the corresponding extracted interfacial capacitances (C;,;) obtained by fitting of GEIS spectra
shown in Figure 3. The right side of the graphs depicts magnified data of the first 40 h during stripping.

To correlate the electrochemical measurements with the
morphology of the stripped electrodes, SEM images of the
stripped working c/h-Li electrodes were acquired. After the
cut-off potential of 1.0 V is reached, electrodes stripped at a stack
pressure of 0.2 MPa were detached without damage. On the con-
trary, if 2.0 MPa was applied, it was not possible to peel of the
electrodes, even after 1V is reached. Comparison of SEM images
of the stripped anodes at low magnification indicates that the c-Li
exhibits relatively uniform stripping (Figure 5a) whereas h-Li has
higher roughness with pores in the dimensions of tens of microns
(Figure 5c¢). This fits well with the electrochemical data as a higher
amount of charge (=3.41 mAh cm?) was extracted from the sur-
face of h-Li at 0.2 MPa (Figure 4) compared to =1.00 mAh cm™
for c-Li. High magnification images (Figure 5b,d) reveal the
presence of diminished contact points for both c¢/h-Li anodes as
expected for constrictions (Figures 3 and 4a).

3. Discussion

The interfacial contact is governed by either time-independent
plastic flow via glide and/or time-dependent plastic flow (climb
creep and diffusional creep) depending on the magnitude
of the applied stress relative to yield strength, and the micro-
structure (grain size, grain shape, dislocation density, etc.). The
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microstructure evolution is influenced by the thermomechan-
ical processing history of the metal. Since the yield strength of
the material depends on the microstructure and is significantly
affected by the applied stress during cell fabrication, we first
discuss the influence of above factors on the yield strengths of
c/h-Li prior to electrochemical measurements. Thereafter, we
correlate the effects of the above factors on the deformation
rates with the observed electrochemical data using relevant con-
stitutive equations for the creep.

3.1. Effect of the Grain Size on the Yield Strengths of c/h-Li

Strengthening of metals involves impeding/reducing disloca-
tion mobility. Plastic flow is mediated by the dislocation glide
whereas grain boundaries act as barriers to the dislocation
motion.’ The stochastically oriented neighboring grains with
their randomly oriented slip systems require higher stresses
for the dislocations to cross the grain boundaries. As a result,
dislocations tend to pile up at the grain boundaries. There-
fore, the higher the number density of the grain boundaries,
the greater is the impediment, resulting in enhanced strength.
This type of strengthening is referred to as grain boundary
strengthening, and it is described empirically by the Hall-Petch
relationship, >0

© 2022 The Authors. Advanced Functional Materials published by Wiley-VCH GmbH
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(a)

Stripped c-Li

Stripped h-Li

Figure 5. a) Low and b) high magnification SEM images of the stripped c-Li working electrode, acquired after the GEIS measurements at 0.2 MPa. (c)
and (d) are the corresponding low and high magnification SEM micrographs for the stripped h-Li electrode.

0y =Gt kyd P (1

where 0y is the yield strength of the metal with the mean grain
size d, o; is the inherent lattice friction or Peierls—Nabarro
stress, and k, is the strengthening coefficient. Therefore,
according to Equation (1), c-Li is expected to have higher yield
strength compared to h-Li on account of its smaller grain size.

3.2. Effect of the Applied Stress during Cell Fabrication
on the Yield Strengths of c/h-Li

An applied stress of 362 MPa during cell fabrication exceeds the
yield strength of bulk lithium (o, = 0.8 MPa). Therefore, during
isostatic compression (Figure 1), significant plastic deformation
occurs (=16% plastic strain), and the dislocation density increases
in lithium metal via dislocation generation either at the grain
boundaries or predominantly via the Frank—Read mechanism
(a dislocation multiplication process involving shearing of the
pinned dislocation and subsequent rearrangement).*>%8 This
further impedes dislocation motion and additional stress is
required to cause plastic flow. This results in strengthening of
the metal, and is referred to as work hardening or strain hard-
ening.28l A dislocation density on the order of around 10 m~2
can be expected during this step. The increase in required shear
stress (A7) to overcome the dislocation barrier is proportional to
dislocation density, p and is given by:>’!

AT < Gbp o)

where « is a constant, G is the shear modulus, b is the length
of the Burgers vector, and p is the dislocation density. The influ-
ence of the increased dislocation density on creep deformation
is discussed later in detail.
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3.3. Effect of Grain Size on Dislocation Density

Investigations by Conrad et al. on the body centered cubic
structure of niobium, a structure-analog of lithium showed
that for a given strain, fine-grained polycrystalline samples
have higher dislocation densities compared to coarse-grained
specimen (as p varies as 1/d) on account of a smaller free slip
length.[°06 Therefore, by analogy, it is expected that c-Li shows
an increased strain hardening rate compared to h-Li.

Therefore, the overall strengthening can be summarized by
as:
o,=0tkd " +aGbp 3)
where « is a constant, ¢; is the inherent lattice friction,®® the
second and third terms on the right hand side of the above
equation are the contributions from grain boundary strength-
ening, and strain hardening, respectively.

From the above considerations, it is clear that c-Li has
a much higher strength compared to large bulk lithium
and h-1i, i.e., oy (c-Li) > o, (h-Li) > o, (bulk). In fact, recent
work indicates that the effective yield strength of similarly
processed coarse-grained lithium foil is (16 + 2) MPa.l”
Therefore, applied stresses of 0.2 and 2.0 MPa are below the
yield strengths of both c-Li and h-Li. Hence, the strengths
of the lithium implemented in the electrochemical setup
are different from those obtained from bulk mechanical
measurements.

4, Creep Deformation Mechanism

Various deformation mechanisms operate simultaneously
during the creep of a polycrystalline sample and contribute to

© 2022 The Authors. Advanced Functional Materials published by Wiley-VCH GmbH



ADVANCED
SCIENCE NEWS

www.advancedsciencenews.com

its plastic deformation. The set of parameters viz. temperature,
applied stress, microstructure, i.e., grain size and grain shape,
dislocation density, etc., determines that creep mechanism is
predominant or rate-controlling.?

At low stresses and low temperatures, the net flux of
atoms predominantly takes place along the grain boundaries
(on account of its lower activation energy for migration),
resulting in the change in the grain shape. Under this condi-
tion, the diffusion along the grain boundaries contributes
toward predominant deformation and is referred to as Coble
creep. The constitutive equation for the steady-state, grain
boundary assisted diffusional creep is given by as:[®3]

B

At higher temperatures, it represents the net transport of
atoms through the lattice that contributes predominantly to
creep and is known as the Nabarro-Herring creep. The consti-
tutive equation for the steady-state lattice diffusional creep or
Nabarro-Herring creep is given by:[®l

(3

At higher stresses, the non-conservative motion of edge
dislocations, either via absorption or emission of vacancies
(referred to as climb), results in the macroscopic plastic
deformation of the material. If vacancy diffusion is assisted
via low activation dislocation regions, then it is referred to
as pipe diffusion-controlled dislocation climb creep (DCC)

or power law creep. The constitutive relationship is given
by:[63]

. D "
€pcc =ks (b_;)(%)

where €y, &c, and &pc are the strain rates for Nabarro—Her-
ring, Coble and dislocation climb creep respectively, k; is a
material constant, D; and D¢y are the lattice diffusivity and
grain boundary diffusivity, respectively, d is the grain size,
E is Young's modulus, b is the length of the Burgers vector,
k is the Boltzmann constant, T is the absolute temperature,
n is the stress exponent for the power-law creep, and o is
the applied stress (see Table S1, Supporting Information, for
details).

Both Coble creep and Nabarro-Herring creep exhibit a
strong dependence on the microstructure, i.e., grain size, and
depend linearly on the stress (Equations 4,5) whereas disloca-
tion climb creep exhibits a power-law dependence on stress
(Equation 6).

When all the creep mechanisms operate simultaneously at a
given T, ¢, and d, then the total strain rate is determined by the
sum of the individual strain rates:®4

éoverall :2 8‘1’ (7)

From Equation (7), it is clear that the fastest deformation
process governs the overall creep rate.

(4

®)

(©)
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4.1. Creep Mechanism at 2.0 MPa

To determine the predominant deformation mechanism under
the given conditions, we calculated the strain rates for each
of the above processes using constitutive Equations (4-6) (see
Supporting Information for details). We substituted Dy for Dy
in Equation (5) to account for strain hardening (= 16% strain)
as discussed above. This leads to an upper bound estimation of
Nabarro-Herring creep rate. For ¢-Li (d = 20 pm) at 2.0 MPa,
we calculate &gy (4.2 X 1072 s7Y) > gy (0.9 x 1072 571 > &
(2.3 x 107° s7!) whereas we obtain &pcc (0.9 X 1072 s71) > &y,
(19 x 10* s7Y) > &. (71 x 10719 s7Y) for h-Li (d = 295 um), see
the Supporting Information for details. We like to note that the
strain rate for DCC calculated from Equation (4) is expected to
be higher compared to the actual operating rate as it does not
consider the effect of dislocation density.

The strain rate calculations at 2.0 MPa reveal the following:
i) the strain rates are higher in c-Li compared to h-Li, ii)
dislocation pipe diffusion assisted Nabarro—Herring creep is
the predominant deformation mechanism in c-Li along with
the dislocation pipe diffusion assisted DCC, whereas the latter
is the primary deformation mechanism in the h-Li, and iii)
Coble creep accounts for much smaller strain rates in either
microstructure compared to the other two mechanisms and is
around four orders smaller in h-Li compared to c-Li.

The calculated higher strain rate in c-Li at 2.0 MPa corrobo-
rates well with the electrochemical data (Figure 4a). The com-
bined higher strain rates via Nabarro-Herring creep and DCC
(=5.7 times higher compared to h-Li) ensures a stable inter-
face for =110 h, via faster deformation in the bulk of c-Li as
opposed to =35 h for h-Li. The smaller diffusion lengths (equal
to the grain size d = 20 um) in c-Li along fast diffusion path-
ways (dislocation pipe diffusion, Dg = 8.8 x 107 cm? s7, see
the Supporting Information for detailed calculations) lead to an
increased transport of atoms from one grain boundary to the
other under a local stress gradient (Figure 6a—c). Therefore,
Nabarro—Herring creep causes a higher strain rate in c-Li com-
pared to h-Li wherein the diffusion length is = 15 times longer.
Also, the contribution of Coble creep to the overall deformation
is small on account of much smaller cross-sectional area over
which they operate. Although it affects a three order higher
strain rate in the c-Li microstructure on account of the much
higher density of grain boundaries (Figure 6b,c). The above
observation is summarized in the form of the proposed defor-
mation mechanism map that allows to visualize the predomi-
nant microscopic deformation mechanism effecting creep in
the stress-temperature space, indicating the effect of micro-
structure on the deformation pathway (Figure 6d).

4.2. Creep Mechanism at 0.2 MPa

As above, to determine the predominant deformation mecha-
nism, the strain rates for different processes were calculated and
compared using Equations (4-6). Therefore, at 0.2 MPa and for
c-Li (d = 20 um), we obtain the following &y, (4.2 x 107 s7%) > &¢
(2.3 x 107 s > €y (2.3 x 107 s7!) whereas we obtain
i (L9 X 1075 s7Y) > gpec (2.3 x 1079 s71) > 4 (71 x 1071 s7Y) for
h-Li (d = 295 pm).

© 2022 The Authors. Advanced Functional Materials published by Wiley-VCH GmbH
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Figure 6. a) Anodic side of the symmetric cell, i.e., LiiglLLZOlc/h-Li. The interfacial region indicated by the dotted black circle is expanded in (b) and
(c). Schematic indicating creep deformation in the bulk of the lithium microstructure, in the vicinity of the interface for (b) c-Li and (c) h-Li. b) At
2.0 MPa, Nabarro—Herring creep via dislocation pipe diffusion (Dy, indicated by the curved solid orange line) being the predominant deformation
mechanism. Higher flux of atoms (indicated by the dotted orange circles) is realized on account of shorter diffusion length (d = 20 um) from one grain
boundary to the other in the direction of the stress gradient. Dislocation pipe diffusion assisted dislocation climb creep also shown in (b). Coble creep
mechanism via grain boundary predominated microstructure of c-Li results in significantly higher atomic transport along the grain boundaries (D¢,
indicated by the solid orange lines in (b)) resulting in higher strain rate in (b) c-Li compared to (c) h-Li. c) Dislocation pipe diffusion assisted disloca-
tion climb creep is the predominant deformation mechanism in h-Li followed by Nabarro—Herring creep via dislocation pipe diffusion (shown by the
curved solid orange line). The effect of higher strain rate in c-Li compared to h-Li is shown by the dotted orange lines indicating the shape change of
a representative grain during creep in either microstructure viz. b) c-Li and c) h-Li. d) Schematic of the proposed deformation mechanism map for

lithium indicating the effect of the grain size.

The strain rate evaluation reveals the following: i) the order
of the strain rates in either microstructure at 0.2 MPa is smaller
compared to 2.0 MPa, ii) dislocation pipe diffusion assisted
Nabarro-Herring creep is the major deformation mechanism
in either microstructure, iii) Coble creep, although much
smaller, causes greater deformation in c-Li, and iv) the defor-
mation rate in c-Li is two orders of magnitude higher compared
to h-Li.

The effect of comparatively lower strain rates at 0.2 MPa can
be seen from Figure 4a, wherein both c-Li and h-Li at 2.0 MPa
maintain a stable interface over longer times. As expected, at
lower stresses, diffusional creep via Nabarro—Herring domi-
nates in both microstructures (Equation (5)). The higher grain
boundary density leads to comparably higher strain rate in
c-Li via Coble creep compared to h-Li (Equation (4)). However,
contrary to the calculated strain rates (€yy for c-Li > &y for h-Li),
h-Li is observed to deform faster compared to c-Li (Figure 4a).
The apparent discrepancy between the calculated strain rates
and the observed electrochemical behavior can be understood
by considering the different deformation rates in the bulk and
at the interface at 0.2 MPa as shown in Figure S4 (Supporting
Information).

We divide the deformation in the LMA into two regimes
viz.: i) deformation at the interface and ii) deformation in
the vicinity of the interface or in the bulk. The logic of this
subdivision stems from the fact that the inhomogeneous
stripping (Figure 5; Figure S4, Supporting Information) cou-
pled with much smaller creep rates in the bulk leads to progres-
sively decreasing interfacial contact area at 0.2 MPa (Figure 4).
Depleting contacts result in progressively increasing contact
stresses, i.e., stress amplification on account of low load bearing
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area whereas comparably lower and uniform stress exist in the
bulk (Figure S4, Supporting Information). Therefore, the defor-
mation at the interface progressively switches from elastic and
mixed elastic-plastic to plastic flow via glide with time.

Therefore, at the interface, the contact is mediated by
the competition between progressively decreasing contact
(in response to the applied current) and continuously
increasing contact stresses resulting in overpotential fluctua-
tions as evident from Figure S5 (Supporting Information,
magnified view of Figure 4a at 0.2 MPa). The amplitude of the
overpotential fluctuations increases with time and its magnitude
is an indicator of the progressively increasing contact stresses
(far exceeding the strengths of Li). It is to be noted that the
amplitude of the fluctuations also depends on the contact
geometry and the strength of Li. Figure S5 (Supporting Infor-
mation) shows that at higher overpotentials, the amplitude of
fluctuations is larger in h-Li. This can be reasoned from the
SEM images (Figure 5) of the stripped lithium, wherein c-Li
shows higher fraction of nominally flat contact regions (and
hence higher load bearing area) compared to h-Li, which shows
low density of isolated point contacts. This, when combined
with low strength of h-Li, results in higher plastic deformation
compared to c-Li.

The combined strain rates for the plastic deformation at the
interface and viscoplastic deformation (creep) in the bulk of
the lithium metal anode is unable to cope up with the imposed
current at 0.2 MPa as the overpotential builds up progressively
right from the beginning of the electrochemical measurements
(Figure 4a).

The deformation at 0.2 MPa in c/h-Li can further be divided
into two parts viz.: regime I) The low overpotential regime

© 2022 The Authors. Advanced Functional Materials published by Wiley-VCH GmbH
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(E <0.1V) wherein the approximation of contact stress (Gcontact) =
applied stress (Guppiicd) holds true, and regime 1) the high over-
potential regime (E > 0.4 V) wherein contact stress (a function
of time, i.e., Gcontact (£) >> Oupplied applies. In this regime, local
pressure exceeds the strength of the lithium, i.e., Ocontact (£) > 0y
resulting in the voltage fluctuations as discussed above whereas
in regime I, we have o oppact < Oy

Since the overpotential is directly related to the interfacial
contact area, comparing the initial E versus t slopes gives an
idea about the strengths of the material. Figure 4a shows that
the overpotential for c-Li at any given time ¢ in regime I is
higher compared to h-Li and, also the initial slope (E vs t) for
c-Li is larger indicating relatively faster contact loss (or slower
deformation) on account of its enhanced strength via grain
boundary strengthening and strain hardening, as discussed
in Section 3.1 and 3.2. The higher strain rates in the bulk at
2.0 MPa do not allow for the development of stress amplifica-
tion, resulting in the absence of voltage fluctuations as observed
at 0.2 MPa (Figure 4a).

5. Relevance in “Anode-free” Lithium Metal Batteries

Although it appears as if the present investigation highlights
the critical role of lithium microstructure only during the first
stripping cycle; however, we believe that the present results also
provide fundamental insight into the role of the microstruc-
ture of cathodically deposited (plated) lithium in “anode-free”
SSBs.[%! The large volume expansion during plating exerts high
stress on the deposited lithium and thus to the interface.°6-68l
This can lead to a microstructural state (i.e., dislocation density,
grain size, etc.) either similar or different to the present study,
thus dictating the diffusion and deformation behavior in a com-
plex way. The study of the lithium microstructure in enabling
“anode-free” cell configurations becomes highly important, and
we assume that it is strongly influenced by the microstructure
of the current collector (on account of different lithium surface
diffusion barriers and adsorption energies) and on the plating
rate.[67:69]

6. Conclusions

The influence of the lithium metal microstructure on the
anodic pore formation during stripping (discharge) has been
studied experimentally. Fine-grained (c-Li, d = 20 pm) and
coarse-grained polycrystalline lithium (h-Li, d = 295 um)
anodes were prepared and stripped in a symmetric cell set-up
at two different pressures viz., 0.2 and 2.0 MPa at 0.1 mA cm™.
The pressure-dependent electrochemical performance was then
corroborated with creep rates calculated via established con-
stitutive equations from creep mechanics. The deformation
mechanism in the lithium anode has significantly influenced
its thermo-mechanical processing history, i.e., grain boundary
strengthening and strain hardening (increase in dislocation
density). Our investigations indicate that the mechanical prop-
erties of lithium anodes in SSBs are different from that of
bulk (single crystalline) lithium. We show that dislocation pipe
diffusion assisted Nabarro—Herring creep followed by dislo-
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cation climb creep effects a higher strain rate in fine-grained
polycrystalline lithium (c-Li) at 2.0 MPa resulting in a stable
interface for =110 h compared to = 5 h for coarse-grained poly-
crystalline lithium (h-Li). Dislocation pipe diffusion assisted
climb creep is the predominant deformation pathway in h-Li,
and the observed electrochemical behavior is supported by the
strain rate calculations that are =5.7 times smaller compared
to strain rates in c-Li. The relative strengths of c¢/h-Li and the
overpotential govern the deformation behavior at 0.2 MPa.
In the low overpotential regime (<0.1 V), the interfacial con-
tact is governed by the strength of the material whereas at the
higher potential (>0.4 V), the slow creep deformation in the
bulk leads to stress inhomogeneity at the interface resulting
predominantly in the plastic deformation via glide. Based on
the observed electrochemical performance, we propose a micro-
structure-dependent deformation mechanism map for lithium.
We thus show that microstructural control of plated lithium
metal may help to significantly reduce the stack pressure in
solid-state batteries.

Supporting Information

Supporting Information is available from the Wiley Online Library or
from the author.
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