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In this study, we will show how the oxygen release depends on the Li2MnO3 content of the material and how it affects the actual
voltage fading of the material. Thus, we compared overlithiated NCMs (x Li2MnO3 • (1-x) LiMeO2; Me = Ni, Co, Mn) with x =
0.33, 0.42 and 0.50, focusing on oxygen release and electrochemical performance. We could show that the oxygen release differs
vastly for the materials, while voltage fading is similar, which leads to the conclusion that the oxygen release is a chemical material
degradation, occurring at the surface, while voltage fading is a bulk issue of these materials. We could prove this hypothesis by
HRTEM, showing a surface layer, which is dependent on the amount of oxygen released in the first cycles and leads to an increase
of the charge-transfer resistance of these materials. Furthermore, we could quantitatively deconvolute capacity contributions from
bulk and surface regions by dQ/dV analysis and correlate them to the oxygen loss. As a last step, we compared the gassing to the
base NCM (LiMeO2, Me = Ni, Co, Mn), showing that surface degradation follows a similar reaction pathway and can be easily
modulated by controlling the amount of Li2MnO3.
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To face future issues, as global warming, air pollution, as well as
the consumption of fossil fuels, an alternative is required to cover the
future demand of energy and mobility in an environmentally friendly
and sustainable way. In this context, lithium-ion batteries are viable
options for large scale energy storage and for electric vehicles, as
they have been used to power consumer electronics for many years.1,2

Since graphite is an excellent anode material at potentials of ≈0.1 V
vs. Li+/Li with a roughly 2-fold higher specific capacity of about
360 mAh/g compared to currently used cathode active materials
(CAMs), many efforts have been undertaken to increase the specific
capacity and energy density of CAMs. As first practical cathode active
material Lithium-Cobalt-Oxide (LCO) was investigated by Goode-
nough et al. in the 1980s, exhibiting a specific capacity of about 140
mAh/g and having a layered structure composed of lithium and transi-
tion metal layers.3 As these layered structures showed good structural
stability during lithium extraction and insertion, and therefore good
capacity retention, many attempts have been undertaken to further de-
velop alternative layered structures which would offer higher capacity.
One promising attempt that led to the currently used Lithium-Nickel-
Cobalt-Manganese-Oxides (NCMs) is to change the occupancy of the
transition metal layer by not using exclusively cobalt, but also intro-
ducing nickel and manganese into the transition metal layer; hereby it
was found that nickel shows a high redox activity, while manganese
helps to stabilize the structure during lithium extraction.4–6 By us-
ing different transition metals and metal compositions, a playground
has been created that allows to tune the properties of the material:
while initially a Ni:Co:Mn ratio of 1:1:1 was used (also referred to as
NCM-111), trends nowadays favor the so-called Ni-rich NCMs, for
example with a Ni:Co:Mn ratio of 8:1:1, which yield higher capacities
at practicable potentials.6,7 However, it has been shown that all NCM
materials show structural instabilities at high state-of-charge (SOC),
i.e., at a high degree of delithiation, leading to oxygen release from
the near-surface region accompanied by the formation of a resistive
surface layer; ultimately, this leads to rapid capacity fading and limits
the practical capacity of NCM materials to <200 mAh/g. 8–10
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Therefore, in the 2000s the concept of lithium- and manganese-
rich NCM materials was investigated by preparing a Li2MnO3 do-
main within an NCM material in a certain composition, leading to
x Li2MnO3 • (1-x) LiMeO2 (Me = Ni, Co, Mn), also referred to as
High-Energy NCM (HE-NCM), with which high reversible capac-
ities of ≈250 mAh/g can be achieved.11 However, these materials
exhibit serious issues that so far has hindered its commercialization,
such as a decrease of the average discharge voltage over extended
charge/discharge cycling (commonly referred to as voltage fading),
a large hysteresis between charge and discharge voltage, as well as
high impedance.12–14 Since the discovery of this class of materials,
researchers have been trying to find an explanation for these high
reversible capacities, as the capacities exceed the theoretical capac-
ity limit that could be explained by the classical view of transition
metal cation redox. Initially, it was thought that during the first cycle
activation plateau at ≈4.5 V vs. Li+/Li an electrochemical activation
of redox inactive Li2MnO3 would take place, leading to a release
of bulk lattice oxygen and to an electrochemically active LiMnO2

phase which could charge compensate Li extraction to capacities
>200 mAh/g.15–18 This oxygen release was ascribed to cause strong
structural changes within the bulk material, ultimately leading to a
layered-to-spinel transformation of the particles. This transformation
of the bulk material was believed to lead to the HE-NCM specific
phenomena such as voltage fading and hysteresis.12,19–22 However,
this activation was suggested to be accompanied by an oxygen release
from the bulk of the material, which was suggested from XRD data
by Lu et al. in 2002.19,20 At first sight, this seemed consistent with the
mass spectrometrically detected O2 and CO2 evolution starting during
the activation plateau, which was interpreted to indicate the release of
Li2O from the bulk of the material during activation and accompany-
ing structural changes within the bulk material.15,17,18,23,24 However,
the exact quantification of the released oxygen by Strehle et al. and
Luo et al. revealed that the amount of released oxygen is an order of
magnitude too low to be consistent with the assumed electrochemi-
cal oxygen release25,26 and also that the O2 evolution does not start
until right after the activation plateau (only <10 μmolO2/gAM dur-
ing the plateau, but >100 μmolO2/gAM following thereafter; shown by
Strehle et al.).25 Both observations suggested that the observed oxygen
release cannot be ascribed to a loss of oxygen from the bulk of the ma-
terial, but that the oxygen is only being released from the near-surface
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region of the HE-NCM material.25 While this contradicted most of the
literature on the mechanistics of the HE-NCM activation process, it
was in accordance with the conclusions drawn by earlier work based
on careful XRD, neutron diffraction, and high-resolution transmission
electron microscopy.27–29

Thus, more recent studies propose that bulk and surface of these
overlithiated materials show distinctly different properties, rational-
ized by a bulk-shell model.25,27–29 It has been suggested that oxy-
gen release takes places in near-surface region, leading to a chem-
ical layered-to-spinel transformation and a concomitant impedance
buildup by the formed resistive surface layer. This phenomenon has
also been shown to be one of the main fading mechanisms for tradi-
tional NCM materials.10,30 In contradiction to the bulk oxygen release,
the recent literature gives strong evidence that reversible anionic oxy-
gen redox participation in the bulk material can serve for charge com-
pensation and therefore explain the high reversible capacities within
this class of materials.31–34 Therefore, it is suggested that high degrees
of delithiation and reversible oxygen redox trigger reversible and ir-
reversible transition metal migration within the bulk material, leading
to voltage fading and to the large charge/discharge voltage hysteresis
due to the hindered lithium diffusion within the bulk material.14,35–38

In contradiction to the hypothesis of bulk oxygen release and bulk
structural transformation, recent studies give clear evidence that the
bulk structure is preserved, while a relatively small fraction of transi-
tion metals (about 10% over 100 cycles)35 migrate reversibly and over
extended charge/discharge cycling irreversibly between the transition
metal and the lithium layers, leading to changes of the bulk material
thermodynamics like the charge and discharge potentials as well as to
the observed voltage fading.25,35

In this study, we will examine the effect of oxygen release onto
the bulk and the surface structure of HE-NCM and correlate it with
the macroscopic electrochemical performance of the material. These
studies will be conducted with HE-NCM materials with different
amounts of the Li2MnO3 phase (x = 0.33, 0.42 and 0.50 if referenced
to x Li2MnO3 • (1-x) LiMeO2), comparing the materials in terms
of their oxygen release, their half- and full-cell performance as well
as their impedance growth. These data will be complemented with
high-resolution transmission electron microcopy (HRTEM) analysis
of pristine and charge/discharge cycled materials. By on-line elec-
trochemical mass spectrometry (OEMS) and HRTEM we prove that
oxygen release above 4.6 V vs. Li+/Li leads to a restructuration of
the near-surface region, the extent of which increases with increas-
ing over-lithiation and with increasing amounts of oxygen released
during the first few cycles. Furthermore, while large differences are
observed in the amount of oxygen released for the different materi-
als, their electrochemical performance as well as their voltage fading
behavior does not correlate with the extent of oxygen release. Thus,
we propose that oxygen release does not have an influence on the
bulk properties of HE-NCM, but rather affects the extent of surface
restructuration/degradation.

Experimental

Electrode preparation.—HE-NCM with the compositions
0.33 Li2MnO3 • 0.67 LiMeO2, 0.42 Li2MnO3 • 0.58 LiMeO2, and
0.50 Li2MnO3 • 0.50 LiMeO2 was obtained from BASF SE (Germany)
and synthesized by the same procedure. While the exact Ni:Co:Mn
ratio of the base NCM cannot be disclosed, the LiMeO2 domain was
held constant for all materials used in this study, while only the amount
of Li2MnO3 was varied from 0.00 up to 0.50. The sum formula for
the materials was x Li2MnO3 • (1-x) LiMeO2 (x = 0.00, 0.33, 0.42,
0.50), whereby the x = 0.42 material is identical what that used by
Strehle et al.25 For coin cell testing, inks for cathode electrode prepara-
tion consisted of 92.5 wt% HE-NCM (BASF SE, Germany), 3.5 wt%
polyvinylidene-fluoride binder (PVDF, Solef 5130, Solvay, Belgium),
2 wt% conductive carbon (Super-C65, Timcal, Switzerland; BET area
of ≈65 m2/g), and 2 wt% graphite (SFG6L, Timcal, Switzerland;
BET area of ≈17 m2/g). The materials were dispersed in N-methyl
pyrrolidine (NMP, anhydrous, Sigma-Aldrich, USA) and coated onto
aluminum foil (16 μm). Dried electrodes were calendered to a den-

sity of 2.3 g/cm3, calandered electrodes had final electrode thickness
of 20 μm. For electrochemical testing, electrodes with a diameter of
14 mm were punched out, ending up with an active material loading of
≈6.5 mg/cm2, corresponding to ≈1.6 mAh/cm2, based on a nominal
reversible capacity of 250 mAh/g.

Electrodes for OEMS measurements were prepared by dispersing
96 wt% HE-NCM or the base NCM without Li2MnO3 (BASF SE,
Germany), 2 wt% conductive carbon (Super-C65, Timcal, Switzer-
land), and 2 wt% PVDF binder (Kynar HSV 900, Arkema, France) in
NMP (anhydrous, Sigma-Aldrich, USA). A high solid content of 71%
for the slurry was chosen to enable coating onto a porous stainless-
steel mesh (SS316, aperture 26 μm, wire diameter 25 μm, The Mesh
Company Ltd., UK). The slurry was coated with a wet film thickness
of 20 μm onto the stainless-steel mesh, yielding a HE-NCM loading
of ≈8.5 mg/cm2, corresponding to ≈2.1 mAh/cm2. Electrodes for
OEMS experiments were punched out with a diameter of 15 mm and
compressed for 20 s with 2.5 tons.

Graphite electrodes were commercial electrodes with a graphite
loading of ≈6.7 mg/cm2, corresponding to ≈2.4 mAh/cm2 (based
on a theoretical capacity of 360 mAh/g); for electrochemical testing,
graphite electrodes with a diameter of 15 mm were punched out. All
anode and cathode electrodes were dried overnight under vacuum in
an oven within the glove box (O2, H2O < 0.1 ppm, MBraun, Germany)
at 120◦C and were not exposed to air after the drying procedure. For
some experiments, graphite anodes were preformed in coin half-cells:
cells were cycled for two cycles with a discharge rate of C/15 down
to 0.025 V vs. Li+/Li followed by a 1 h CV step at this potential and
a subsequent charge at C/15 up to 1.5 V vs. Li+/Li; then, the cells
were disassembled at 1.5 V in a glove box (O2, H2O < 0.1 ppm,
MBraun, Germany). These preformed graphite electrodes were used
for full-cell assembly without any further washing step.

On-line electrochemical mass spectrometry (OEMS).—For
OEMS experiments, electrodes coated onto a stainless-steel mesh
(see above) were used to have a porous medium as current collec-
tor in order to allow diffusion from the electrode to the capillary.25

For OEMS measurements a custom-made cell is used; the cell design
as well as the OEMS setup were reported previously.39 OEMS cells
were assembled with Li metal counter electrode, two porous polyolefin
separators (2500, Celgard, USA), a HE-NCM or NCM working elec-
trode and 120 μl of electrolyte composed of FEC:DEC (2:8 g:g) and
1 M LiPF6 (BASF SE, Germany). The cells were connected to the
mass spectrometer, held for 4 h at OCV (open circuit voltage), and
then charged to 4.8 V vs. Li+/Li at a C/10 rate, followed by a 1 h CV
step at 4.8 V vs. Li+/Li; the discharge to 2.0 V vs. Li+/Li and the sec-
ond charge/discharge cycle were conducted at C/5 rate between 4.8 V
vs Li+/Li (+1 h CV) and 2.0 V vs Li+/Li (C-rates here are calculated
based on a nominal capacity of 250 mAh/g). For quantification of the
mass spectrometer currents, a calibration gas containing H2, O2, CO2,
C2H4 (each 2000 ppm) in Argon (Linde AG, Germany) was used. All
currents were normalized to the current at m/z = 36 (Ar isotope) in
order to correct for effects of minor pressure and temperature devia-
tions, and afterwards the currents m/z = 32 (O2) and m/z = 44 (CO2)
were converted into gas concentration.

Electrochemical characterization.—Galvanostatic cycling was
carried out in 2032-type coin-cells (Hohsen Corp., Japan) at 25◦C
in a temperature controlled oven (Binder, Germany) and using a bat-
tery cycler (Series 4000, Maccor, USA). Half-cells were assembled
in an argon filled glove box (O2, H2O < 0.1 ppm, MBraun, Germany)
using a Li metal anode with a diameter of 17 mm, three glass fiber sep-
arators (glass microfiber, GF/A, VWR, Germany), and an HE-NCM
cathode (coated on Al current collector) with a diameter of 14 mm.
The cells were filled with 120 μL electrolyte (FEC:DEC (2:8 g:g) with
1 M LiPF6; BASF SE, Germany). For impedance measurements in
symmetrical cells, charge/discharge cycled half-cells were charged to
50% SOC in the final cycle (based on the preceding complete charge-
discharge cycle) and afterwards the cathodes were harvested in an
argon filled glove box. Subsequently, two harvested cathodes from
cells cycled with the same procedure were reassembled for impedance
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measurements into a symmetric coin cell with one thick glass fiber
separator (300 μm thickness; glass microfiber filter, GF/D, VWR,
Germany) and 95 μL of the same FEC:DEC electrolyte. For full-
cell experiments in 2032 coin-cells, a graphite anode with a diameter
of 15 mm and a cathode with a diameter of 14 mm were assem-
bled with one polyethylene separator (2500, Celgard, USA) and with
14 μL of electrolyte based on FEC:DEC with 1 M LiPF6 with an ad-
ditional confidential co-solvent to improve full-cell cycling stability.
For proof of reproducibility, at least two independent measurements
were carried out and the here presented cycling data show the average
values while the error bars reflect the maximum and minimum of the
measured values.

All cells were allowed to rest for 2 hours prior to electrochemical
testing and C-rates are referenced to a nominal capacity of 250 mAh/g.
For half-cells, the first activation cycle was conducted at C/10 up to
4.8 V, followed by a 1 h CV-step at this potential and a discharge at
C/5 to 2.0 V. The second charge/discharge cycle was conducted at C/5
and also charged up to 4.8 V, followed by 1 h CV-step at 4.8 V and a
discharge at C/5 to 2.0 V (up to this point identical with the OEMS
cycling procedure). The subsequent charge/discharge cycles at C/5
had a reduced upper cutoff potential of 4.7 V without a CV-step and
the same lower cutoff potential of 2.0 V (CC/CC charge/discharge
procedure).

Full-cells were activated in the first cycle at a C-rate of C/15
to 4.7 V (corresponding to ≈4.8 V vs. Li+/Li, as in the half-cell
and OEMS measurements), followed by a 1-hour CV-step at this
potential (CCCV charge), and then discharged at C/15 to 2.0 V (CC);
in subsequent cycles, the upper cutoff and CV-step potential were
reduced to 4.6 V. Afterwards 4 cycles at C/10 were applied (CCCV),
followed by a rate test for which the cell was charged/discharged for 3
cycles each at 0.2C (CCCV)/0.5C (CC), 0.5C (CCCV)/1C (CC), 0.5C
(CCCV)/2C (CC), 0.5C (CCCV)/3C (CC), whereby all CV-steps were
terminated after 1 h or when the current decreased below 0.01C. The
rate test was followed by 250 cycles with a charge rate of 0.5C (CCCV)
and a discharge rate of 1C (CC), the CV-step defined as above.

High-resolution transmission electron microscopy (HRTEM).—
Cathodes for HRTEM measurements were obtained from half-cell
coin-cells which had been cycled at C/5 for 2 or 50 cycles (see above
for cell assembly and half-cell cycling procedure). The electrodes were
harvested at 0% SOC (cells discharged to 2.0 V), corresponding to a
fully lithiated cathode material. After cycling, cathodes were harvested
in an argon filled glove-box and then washed for 5 minutes first in an
FEC:DEC (2:8 g:g) solvent mixture and then in pure DEC (BASF SE,
Germany). Subsequently, the electrodes were dried overnight at room
temperature inside the glove box.

Samples for transmission electron microscopy (TEM) were pre-
pared by focused ion beam (FIB) milling using a Strata 400 dualbeam
machine (FEI Company, Hillsboro, USA). Samples were immediately
imaged at 200 keV by HRTEM on FEI Tecnai G20 and FEI Osiris
microscopes. The local crystal structure of oriented crystallites was
analyzed by Fourier-analysis of the images using the Digital Micro-
graph software (Gatan, Pleasanton, USA: version 2.11).

Results

Electrochemical activation plateau.—Table I lists the differ-
ent HE-NCM and NCM materials by their compositions, given as
x Li2MnO3 • (1-x) LiMeO2 (Me = Ni, Co, Mn) with x = 0.00, 0.33,
0.42 and 0.50. The shown total theoretical capacities (Q) are calculated
for a theoretical complete delithiation using Faraday’s law:

Q = nLi F

M
[1]

with F being the Faraday constant (96485 As/mol), M being the molar
mass of the (HE-)NCM, and nLi being the moles of lithium per mol
of (HE-)NCM. Furthermore, the fraction of the capacity arising from
the NCM domain and from the Li2MnO3 domain can be calculated
individually from the given stoichiometry and molecular weight and
is also shown in Table I. From these results, one can see that higher

Table I. Chemical formulas/compositions, theoretical capacity and
BET surface areas for materials with Li2MnO3 content of 0.00,
0.33, 0.42 and 0.50; Li2MnO3 was varied with the same LiMeO2
component, ending up in a constant Ni:Co ratio and a variation
in the amount of Li and Mn for the different compositions. The
total theoretical capacity is calculated for 100% delithiation of the
material, according to Equation 1; furthermore, shown are the
nominal theoretical capacities of the LiMeO2 and the Li2MnO3
domains.

Theoretical capacity [mAh/g]

BET
Composition Total LiMeO2 Li2MnO3 [m2/g]

0.00 Li2MnO3 • 1.00 LiMeO2 279 279 0 0.5
0.33 Li2MnO3 • 0.67 LiMeO2 346 174 172 6.5
0.42 Li2MnO3 • 0.58 LiMeO2 363 148 215 6.5
0.50 Li2MnO3 • 0.50 LiMeO2 377 126 251 6.0

Li2MnO3 contents lead to a higher share of capacity arising from the
Li2MnO3 domain, but also the theoretical total capacity of the overall
compound can be increased substantially with increasing lithium con-
tent. Also shown in Table I are the BET areas, which are essentially
identical for the HE-NCM materials, but more than an order of magni-
tude lower for the NCM material. Therefore, for better comparability,
gas evolution rates from OEMS experiments will be also normalized
to the BET area (in units of μmol/m2).

Figure 1 depicts the first cycle activation for all three composi-
tions in half-cells, showing the first cycle charge-discharge curves

Figure 1. (a) Voltage vs. capacity for the first activation cycle in half-cells of
HE-NCM with 0.33, 0.42, and 0.50 Li2MnO3 content (see Table I); the first
charge capacity QActivation is given in the figure. (b) Corresponding dQ/dV
plots, show an increasing peak at 4.5 V with increasing Li2MnO3 contents
(the inset is a zoom into the 4.5 V region). Cells were activated with metallic-
Li as counter electrode at C/10 up to 4.8 V followed by a 1 h CV-step at
4.8 V and then discharged at C/5 to 2.0 V at 25◦C in FEC:DEC (2:8 g:g) with
1 M LiPF6.
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in Figure 1a and the corresponding dQ/dV plot in Figure 1b, both
showing a longer activation plateau and a higher amount of capacity
in this plateau with increasing Li2MnO3 content. The first charge ca-
pacities are given in Figure 1a, reaching 317 mAh/g for a Li2MnO3

content of 0.33, 333 mAh/g for 0.42 Li2MnO3, and 343 mAh/g for
0.50 Li2MnO3. Comparing the measured capacities from Figure 1 to
the total theoretical capacities listed in Table I, the apparent degree of
delithiation is 92% for the materials with 0.33 and 0.42 Li2MnO3 and
91% for the material with 0.50 Li2MnO3. While the degree of delithi-
ation is similar for different Li2MnO3 contents, one should note that
delithiation beyond 90% of the overall amount of lithium is unique for
this class of materials and cannot be achieved for classical NCM mate-
rials without irreversibly destroying the material.10 However, this high
delithiation cannot be explained by only taking cationic redox into ac-
count, given that MnIV in Li2MnO3 is redox inactive. Therefore, it is
clear that another mechanism is responsible for charge compensation.
While some groups expect electrochemical activation of Li2MnO3 to
MnO2 accompanied by bulk oxygen release,11 more recent publica-
tions give strong evidence that anionic oxygen redox might serve for
charge compensation at high delithiation.26,31–33 The specific role of
oxygen release HE-NCM particularly during the first activation cycle
will be analyzed and discussed later on.

Focusing now on the quantitative effect of the Li2MnO3 on the
capacity in the activation plateau, we defined the capacity gained
during the plateau as the capacity gained between 4.40 V and
4.60 V. The thus obtained capacities during the activation plateau are
116 mAh/g for 0.33 Li2MnO3, 159 mAh/g for 0.42 Li2MnO3, and
190 mAh/g for the 0.50 Li2MnO3 content, showing a clear correlation
between the Li2MnO3 content and the activation plateau capacity.40

On the other hand, Figure 1a shows also that the capacity loss dur-
ing the first discharge increases with increasing Li2MnO3 content,
resulting in a comparable first-cycle irreversible capacity loss of 49
mAh/g for 0.33 and 46 mAh/g for 0.42 Li2MnO3, while the HE-NCM
with the higher 0.50 Li2MnO3 content shows a much higher value
of 60 mAh/g. In the discussion section, we will examine in detail
the possible origins and explanations for this high irreversible capac-
ity loss during activation, and how it influences the actual full-cell
performance of the material.

Effect of the activation in full-cells.—For further analysis of the
high irreversible capacity during the first charge/discharge cycle of
HE-NCMs, full-cells were assembled, in the same way as the half-
cells discussed in Figure 1, using a preformed graphite counter elec-
trode instead of a lithium counter electrode. The graphite electrode
was preformed in the same electrolyte in order to eliminate anode SEI
losses (detailed information can be found in the experimental section).
The upper cutoff potential was lowered from 4.8 V for the half-cells to
4.7 V in the full-cells, so that the upper cutoff potential of the cathode
corresponded to ≈4.8 V vs. Li+/Li in both cases. Figure 2a shows the
corresponding first charge/discharge potential profiles for the differ-
ent HE-NCMs. Comparable first-cycle irreversible capacities can be
observed for the full-cells with preformed graphite electrodes and the
Li metal half-cells (see Table II). By using preformed graphite elec-
trodes, a capacity loss caused by the graphite anode is not expected,
as a preformed SEI already exists which should prevent further elec-
trolyte decomposition.

After the first cycle, the discharged cells were disassembled and
the graphite anodes were harvested in order to determine the amount
of cyclable lithium present in the graphite anode in the discharged
HE-NCM//graphite full-cell. This was done by assembling half-cells
with the harvested graphite electrodes with lithium counter electrodes
and discharging them to 1.5 V at 0.1C in order to obtain the residual
capacity in the graphite anodes, whereby this value was normalized
to the mass of the cathode that was used during the full-cell activa-
tion, providing comparable results for the different cathode materials.
Figure 2b shows that the residual capacity in the graphite anodes de-
pends on the Li2MnO3 content of the cathode used during full-cell
activation, and as one might expect, a higher Li2MnO3 content leads
to a higher residual capacity stored in the anode. Table II compares the

Figure 2. (a) Voltage curves for the first activation cycle in a full-cell of
HE-NCM with 0.33, 0.42, and 0.50 Li2MnO3 content (see Table I), using
preformed graphite anodes (see experimental section). (b) Residual capac-
ity of the preformed graphite anodes after the first charge/discharge cycle
(QAnode), obtained from the delithiation of harvested graphite anodes in half-
cells to 1.5 V at C/10 (referenced to the cathode loading), as well as the
irreversible first-cycle capacities (Qirr) derived from Figure 2a (error bars for
the residual capacities are derived from two independent measurements). Full-
cells were charged at C/10 up to 4.7 V followed by a 1 h CV-step at 4.7 V
and then discharged at C/5 to 2.0 V at 25◦C in FEC:DEC (2:8 g:g) with
1 M LiPF6.

first-cycle irreversible capacities measured during full-cell and half-
cell activation as well as the residual capacity stored in the graphite
anodes. From this it can be concluded that a higher first-cycle irre-
versible capacity leads to a higher amount of cyclable lithium within
the graphite anode. In other words, a high irreversible capacity during
the first charge does not necessarily mean that a high amount of lithium
is lost irreversibly, but rather that after the HE-NMC activation not
all of the extracted lithium can be reinserted into the cathode active

Table II. First-cycle irreversible capacities (Qirr) during the first
charge/discharge cycle for HE-NCMs with different Li2MnO3
content, taken from Figure 1a and Figure 2a, respectively. Also, the
residual capacity obtained from preformed graphite anodes shown
in Figure 2b is compared to the first-cycle irreversible capacity loss,
showing an offset of ≈20 – 27 mAh/g.

Qirr [mAh/g]

Residual capacity in
Li2MnO3 Half-cell Full-cell preformed graphite [mAh/g]

0.33 49 47 20
0.42 46 44 22
0.50 60 56 36
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Figure 3. OEMS measurements for the first two charge/discharge cycles in
a half-cell with three different HE-NCM compositions (see also Table I).
Upper panel: charge/discharge voltage vs. time; middle/lower panel: evolution
of the concentrations of concomitantly evolved O2/CO2 given in units of
either μmol/gAM (left axes) or μmol/m2

AM (right axes). Cells were charged
at C/10 rate to 4.8 V, followed by 1 h CV-step at 4.8 V and a consecutive
discharge at C/5 to 2.0 V and another full charge/discharge cycle at C/5.
Cells were composed of metallic Li counter electrode and a Celgard separator
(CG2500) and experiments were conducted at 25◦C in FEC:DEC (2:8 g:g) with
1 M LiPF6. The vertical dashed red line indicates the first onset of CO2
evolution, and the vertical dashed green lines mark the potential of 4.6 V
where the onset of O2 evolution occurs.

material (even though for mechanistically different reasons, an irre-
versible capacity loss is also observed for NCM 111).41,42 However,
for all compositions an offset between capacity loss during the first
cycle and the cyclable lithium capacity in the graphite anodes of about
20 – 27 mAh/g is observed. This capacity offset must correspond to
an irreversible loss of active lithium in side-reactions during the first
charge/discharge cycle and cannot be assigned to typical anode SEI
losses, as the SEI was already preformed on the graphite electrodes.
The specific reactions leading to this phenomenon are unfortunately
not clear at this time. However, Figure 2 shows that an increasing
Li2MnO3 content leads to a higher amount of active lithium within a
HE-NCM//Graphite full-cell. Thus, it is expected that this additional
lithium can be utilized for SEI formation or stored in the graphite
anode as lithium reservoir that can be utilized during cycling. There-
fore, the full-cell performance is expected to be improved for higher
Li2MnO3 which will be discussed later.

Oxygen release during activation.—To examine the effect of dif-
ferent Li2MnO3 onto the oxygen release of overlithiated NCM mate-
rials and to get insights if electrochemical Li2MnO3 activation accom-
panied by bulk oxygen release is feasible, results of the OEMS mea-
surements on all three compositions are shown in Figure 3. The upper
panel shows the galvanostatic charge/discharge profiles between 2.0
and 4.8 V against a Li counter electrode, and the middle/lower pan-
els depict the concentration of the concomitantly evolved O2/CO2;
concentrations are given in terms of both μmol/gAM (left axis) and
μmol/m2

AM (right axis), whereby the latter surface normalized con-
centration will be used in the discussion section for comparison with
the stochiometric NCM material. The first onset of CO2 evolution can
be observed at 4.2 V, followed by a rapid increase in CO2 upon the

onset of oxygen release at 4.6 V vs. Li+/Li, i.e., at the end of the first
charge activation plateau. Quite striking when comparing the different
HE-NCMs is that the amount of evolved CO2 is essentially identical
for all materials, the extent of O2 release decreases substantially with
decreasing Li2MnO3.

However, concerning the origin of CO2 from stochiometric and
overlithiated layered oxides, there is an ongoing debate: while Luo
et al.26 suggested that the main part of CO2 evolved from overlithi-
ated oxides derives from electrolyte oxidation with lattice oxygen, it
has been proposed by Renfrew et al.43 that CO2 evolution is exclu-
sively triggered by the decomposition of Li2CO3 surface impurities.
However, Jung et al.8,10,44 and Strehle et al.25 proposed another con-
cept for stochiometric and overlithiated layered oxides, respectively,
suggesting that CO2 evolution starting at 4.2 V vs. Li+/Li before
the onset of oxygen release is produced by the oxidation of surface
impurities, while the released oxygen is suggested to react with the
carbonate electrolyte causing CO2 evolution, consistent with the con-
comitant rapid increase in CO2 concentration. While the exact mech-
anism leading to CO2 evolution is still subject to ongoing discussions,
we will here adopt the mechanistic view proposed by Strehle et al. and
Jung et al. As mentioned above, a rather striking observation is the
≈100-fold variation in the amount of oxygen released by the end of the
first activation charge for the different Li2MnO3 contents: ≈6 μmol/g
(≈1 μmol/m2) for 0.33 Li2MnO3, ≈180 μmol/g (≈28 μmol/m2) for
0.42 Li2MnO3, and ≈550 μmol/g (≈85 μmol/m2) for 0.50 Li2MnO3

content. If compared to the amount of O2 which would be expected for
the historically proposed bulk activation of Li2MnO3 (1600 μmol/g
for 0.33 Li2MnO3, 2000 μmol/g for 0.42 Li2MnO3, and 2350 μmol/g
for 0.50 Li2MnO3), bulk oxygen release does not seem to be a fea-
sible mechanism for these overlithiated materials. As already shown
in a previous study, oxygen release caused by a chemical layer-to-
spinel transformation leading to the formation of a resistive surface
layer and concomitant oxygen release from near-surface regions can
explain the phenomena of oxygen release for HE-NCMs25 as well
as for classical NCM materials.9,10 In these reports as well as in our
present study, the main part of the oxygen evolution is detected dur-
ing the first charge of the material, while rather small amounts of O2

evolution can be detected during the second cycle. The continuous
oxygen consumption during the cycling procedure indicated by the
decreasing O2 concentration after the first charging cycle (see middle
panel in Figure 3) is ascribed to a gradual reduction of oxygen to
Li2O2 on the lithium counter electrode, shown by Yabuuchi et al. to
occur below 3.0 V vs. Li+/Li.22 Furthermore, a more sudden oxygen
consumption can be observed when the cathode is cycled below 3.0 V
vs. Li+/Li (e.g., at ≈19 h in Figure 3), whereby the initially formed
superoxide radical causes a sharp CO2 increase due to reaction with
the electrolyte.22 During the first charging cycle, the onset of O2 evo-
lution is accompanied by a rapid increase of the CO2 evolution rate,
as discussed above. However, while no further evolution of O2 can be
observed in the second cycle, further CO2 evolution can be detected
at the potential where O2 started to evolve in the first cycle (≈4.6 V),
indicating further oxygen release from the cathode material, even if
no molecular O2 evolution can be detected anymore.

Galvanostatic cycling of half-cells.—As a next step, Figure 4
shows the half-cell cycling data for all three different compositions
over 50 cycles at a rather slow rate of C/5 and with a high amount of
electrolyte (120 μl). Figure 4a depicts the discharge capacity retention
for the materials, whereby the material with the highest Li2MnO3

content also shows the highest initial capacities, as expected from
Table I and Figure 1. The capacity of the 0.50 Li2MnO3 material (blue
symbols) decreases strongly during the first 20 cycles, resulting in a
capacity loss of 28 mAh/g between cycle 3 and cycle 50 (253 mAh/g
to 225 mAh/g), while the capacity fading of the 0.42 Li2MnO3 over
the same cycles is much lower (255 mAh/g to 240 mAh/g), amounting
to a capacity loss of 15 mAh/g. The lowest capacity fading of roughly
7 mAh/g between cycle 3 and 50 is observed for the 0.33 Li2MnO3

(247 mAh/g to 240 mAh/g). Comparing this with the results from
Figure 3 suggests that a higher oxygen release leads to more extensive
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Figure 4. Electrochemical cycling at C/5 rate of the different HE-NCM com-
positions at 25◦C using a Li counter electrode, FEC:DEC (2:8 g:g) with 1 M
LiPF6 electrolyte, and a glassfiber separator. The first activation cycle was
carried out at C/10 to 4.8 V where the potential was held for 1 h and then the
cell was discharged at C/5 to 2.0 V, followed by an analogous second activation
cycle at C/5 (up to 4.8 V + 1 h CV); all further cycling (i.e., starting at the third
cycle) was carried out at C/5 rate without any CV-steps (CC charge/discharge)
between 2.0 V and 4.7 V. (a) shows the specific discharge capacity as a function
of the cycle number (note that the first two discharge capacities are cycled up
to 4.8 V followed by 1 h CV), while (b) shows the corresponding mean charge
and discharge voltage (as defined by Eq. 1 in Jung et al.10). All data points
represent the average of at least two independent measurements and the error
bars reflect the maximum and minimum of the measured values.

surface degradation and a concomitant decrease of the electrochemical
performance; the effect of oxygen release on active material loss will
be discussed and quantified in the discussion section. As oxygen
release is hypothesized to be correlated to the voltage hysteresis and
the hysteresis between charge and discharge,11,45 one might pose the
question whether the large differences in oxygen release shown in
Figure 3 also have such a big influence onto the voltage fading of the
different materials. The mean charge and discharge voltages are shown
in Figure 4b. It can be seen that the mean charge voltage fading is
comparable for all three materials, showing a fading of ≈90-100 mV
between cycle 3 and 50 for all materials. The same observation can
be made for the mean discharge voltage fading, which does not differ
largely between the different materials ( ≈40–70 mV). Thus, while
the O2 release increases by almost two orders of magnitude as the
Li2MnO3 content is increased, the differences in voltage fading are
rather minor, which suggests that the main cause of the voltage fading
of HE-NCMs is not related directly to the oxygen release. Therefore,
the oxygen release is a side reaction occurring at the HE-NCM near-
surface region,25 while reversible and irreversible transition metal
migration in the bulk material cause the main voltage fading and the
high hysteresis.35,45,46

Figure 5 depicts the dQ/dV plots for cycle 3, cycle 20, and cycle
48 extracted from the cycling data shown in Figure 4. Hereby, cy-
cle 3 is the first C/5 cycle between 2.0 V and 4.7 V and therefore

Figure 5. Electrochemical cycling of the different HE-NCM compositions
at 25◦C using a Li counter electrode, FEC:DEC (2:8 g:g) with 1 M LiPF6
electrolyte, and a glassfiber separator. The activation and cycling procedure is
that same as that shown/described in Figure 4. All dQ/dV plots were recorded
at C/5 for cycle 3 (a), cycle 20 (b) and cycle 48 (c). The shaded areas in the
charging cycles represent the hypothesized rocksalt-to-spinel transition.

is subjected to the same cycling conditions as cycle 20 and 48. For
the characterization of the mean voltages as well as the evolution of
the spinel surface layer, we will focus on the charging curve of the
materials, as the discharge shows very high impedances and limita-
tions of Li diffusion within the bulk of the material, which is part
of a separate study.14 The most striking differences can be observed
by a peak in the dQ/dV plot growing at roughly 3.1 V during the
charge (shadowed areas in Figure 5). In Figure 5a and Figure 5b
it can be seen that the area under this peak is largest for the 0.50
Li2MnO3 material that also has the highest O2 release, while for the
material with the lowest oxygen release (0.33 Li2MnO3) the area un-
der this peak is lowest. Therefore, we suggest that this peak might be
correlated to an oxygen deficient, spinel-like electrochemically active
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Figure 6. Impedance spectra measured in symmetric coin cells with cathodes
harvested at 50% SOC (a) after the two-cycle activation procedure and (b)
after a total of 50 cycles according to the procedure shown in Figure 4. Sym-
metric cells were built with a 300 μm glassfiber separator and with 95 μL of
1 M LiPF6 in FEC:DEC (2:8 g:g) electrolyte. Impedance spectra were mea-
sured at the OCV at 50% SOC (between 300 kHz and 30 mHz with an amplitude
of 10 mV).

surface structure, which would also be consistent with the observations
by Bruce et al. and Thackeray, who proposed the rocksalt-to-spinel
transition (Li2Mn2O4 → LiMn2O4 + Li+ + e-) at such potentials.47,48

Comparing the evolution of the area under these peaks, it can be
clearly seen that it increases substantially from cycle 3 to cycle 20,
while it remains relatively constant between cycle 20 and cycle 48.
This behavior reflects the evolution of the capacity loss with cycling,
which is most pronounced during the first 20 cycles, while afterwards
the capacity stays approximately constant (Figure 4a). Thus, the ca-
pacitive contribution from the first charging peak in the dQ/dV plot
seems to correlate with the capacity loss, which we will further quan-
tify in the discussion section, including the relationship of this feature
with the extent of oxygen release.

Impedance spectroscopy in symmetric cells.—It has been reported
in the literature that surface degradation of layered oxides, caused by
oxygen release, can lead to spinel and rocksalt like structures at the sur-
face of the cathode material, leading to drastic increases in the charge
transfer resistance, which in turn might be the cause of the so-called
rollover failure.10,49 Figure 6 shows impedance spectra measured in
symmetric cells for HE-NCM electrodes with the three different com-
positions (a) after 2 activation cycles, and (b) after another 48 cycles
(total of 50 cycles) according to the procedure in Figure 4. Impedance
spectra were acquired at OCV following a charge to 50% SOC (based
on the preceding full charge-discharge cycle). All Nyquist plots show
two distinct semi-circles, one at high frequencies that shows the same
resistance for all the materials both at cycle 2 and 50 (increasing from
≈8 to ≈20 �), and one at lower frequencies which differs significantly
for the different compositions. Previous studies have shown that the
semi-circle at high frequencies for cathode electrodes can be assigned
to a contact resistance at the interface of the cathode electrode with
the aluminum current collector,50,51 which can also be rationalized
by considering the electrode capacitance corresponding to this first

semi-circle:

C = 1

R 2 π fmax
[2]

where C is the capacitance, R is the diameter of the semi-circle (di-
vided by two in this case of a symmetric cell), and fmax is the fre-
quency corresponding to the apex of the first semi-circle. For the data
shown in Figure 6a, the resistance for one electrode is R ≈8 � and
fmax ≈8 kHz, equating to an electrode capacitance of ≈5 μF, which is
similar for all HE-NCM compositions. To understand its origin, one
may normalize it by either the surface area of the current collector
(≈1.5 cm2 for the 14 mm diameter electrodes) or by the total surface
area of the cathode electrode (≈730 cm2, based on the mass of HE-
NCM and conductive carbons in the electrode multiplied by their BET
surface area), yielding either ≈3.2 μF/cm2 or ≈0.007 μF/cm2, respec-
tively. If compared to the typical double layer capacitance which is on
the order of ≈101 μF/cm2, it is clear that the first semi-circle occurs
due to a contact resistance at the interface between the electrode and
the current collector. Detailed studies onto the origin of those contact
resistances are reported elsewhere.50,51

The second semi-circle at lower frequencies can then be assigned
to a charge-transfer resistance (RCT), which clearly differs largely for
the different HE-NCM materials. First examining their impedance
directly after the two activation cycles (Figure 6a), it can be seen
that RCT decreases with increasing Li2MnO3 content and thus with
increasing oxygen release (Figure 3). This could be rationalized by
assuming either that the oxygen vacancies in the surface layer largely
increase the lithium ion mobility and/or that the surface restructuration
increases the porosity at the surface of the cathode material, concomi-
tant with an increase in interfacial surface area and thus a lowering of
the apparent charge transfer resistance.

Interestingly, the above discussed trend of a decreasing charge
transfer resistance with increasing Li2MnO3 content reverses over the
course of cycling (Figure 6b). Even though the resistance represented
by the second semi-circle increases for all HE-NCMs from cycle 2
to cycle 50 (Figure 6b), it increases by a much larger factor for the
0.50 Li2MnO3 (≈15-fold) compared to the 0.33 Li2MnO3 material
(≈2.5-fold), so that after 50 cycles the 0.50 Li2MnO3 material now
shows the highest impedance and therefore also the highest impedance
buildup. As the thickness of the oxygen-deficient phase after the ac-
tivation is expected to increase with the extent of O2 release and
thus with the extent of overlithiation, the gradual transformation of
this surface layer from perhaps an initially highly conductive disor-
dered layered structure into a more resistive ordered spinel or rocksalt
structure could explain the increase in the cycling induced impedance
buildup with the extent of overlithiation. This hypothesis will be ex-
amined in the following by HRTEM analysis of pristine and cycled
HE-NCMs.

High-resolution TEM measurements.—Figure 7 shows represen-
tative HRTEM images of the near-surface region for the material with
an intermediate extent of overlithiation (0.42 Li2MnO3) for the pristine
material (a), after 2 cycles (b), and after 50 charge-discharge cycles
(c), following the same cycling protocol as that shown/described in
Figure 4. For the pristine material, a layered structure without any
crystalline surface layer but with a thin amorphous surface layer can
be seen, which we ascribe to carbonate and hydroxide surface im-
purities. The HRTEM image taken after 2 charge/discharge cycles
(Figure 7b), i.e., after most of the oxygen has been released from
the active material, clearly still shows a layered surface structure for
which, however, a slight loss of density in the near-surface regions can
be observed. This provides first hints that the release of oxygen initi-
ates changes in the surface structure. After 50 charge/discharge cycles,
Figure 7c clearly shows the presence of a pronounced surface layer
with a thickness of roughly 4 nm, whereby the corresponding FFT im-
age in Figure 7d indicates strong cation mixing within the spinel-type
surface layer. These findings are consistent with the HRTEM analysis
by Genevois et al.29 on chemically delithiated HE-NCM, indicating
a strong surface restructuration after several charge/discharge cycles.
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Figure 7. HRTEM analysis of the near-surface region of the 0.42 Li2MnO3
HE-NCM material (a) in its pristine state, (b) after 2 cycles, and (c) after 50
cycles (the cycling procedure is according to that described in Figure 4). (d)
shows the corresponding FFT image for the material after 50 cycles, taken in
the red marked region in (c).

Furthermore, the here presented HRTEM measurements support one
of our above assumptions used to interpret the EIS measurements
shown in Figure 6, namely the initial formation of surface layer with
reduced density after activation and the associated O2 release, fol-
lowed by a densification28 and spinel-type surface layer formation
upon extended charge/discharge cycling.

HRTEM images for all HE-NCM compositions were also collected
after 50 cycles. The 0.33 Li2MnO3 material is shown in Figures 8a–
8c. Figure 8a shows an entire primary particle, displaying a perfectly
layered bulk material as demonstrated by the FFT image (Figure 8b),
with a surface-layer in the range of 1–2 nm. The latter is marked by the
red dashed line and magnified in Figure 8c; unfortunately, this layer
was too thin to take an FFT image. The HRTEM image of an entire
primary particle of the 0.42 Li2MnO3 material is shown in Figure 8d,
which also is a well-ordered layered bulk material, as demonstrated
by the FFT image taken from the center of the particle (Figure 8f).
However, the restructuration of the surface is much more pronounced
for this material, showing a surface layer thickness in the range of
4 nm and even thicker in some areas (marked by the red dashed line
in Figure 8d). The FFT image from the surface layer (Figure 8e) is in
line with the image shown in Figure 7d, showing strong cation mixing
in a spinel-type surface layer. Finally, the HRTEM images for the
0.50 Li2MnO3 material are shown in Figures 8g–8i. In these images
it can be observed that the formation of a spinel-type structure is now
not only limited to the surface, but also alters the bulk material. The
FFT image in Figure 8h from one area within the particle indicates
an intact layered structure, while Figure 8i from a different region
within the same particle already shows cation mixing within the bulk
material and changes of the layered structure. In summary, all these
observations present strong evidence that the higher oxygen release
during activation produced by higher degrees of overlithiation leads to
an increasingly pronounced growth of surface layers, initially formed
as reduced density layered structures and transformed upon cycling
into spinel-type phases with strong cation mixing.

Figure 8. HRTEM images showing particle degradation for HE-NCMs with
(a, c) 0.33 Li2MnO3, (d) 0.42 Li2MnO3, and (g) 0.50 Li2MnO3 content.
Corresponding FFT images after 50 cycles from the marked regions in the
HR-TEM images are shown: (b) for the bulk of the 0.33 Li2MnO3 material;
(e) and (f) for the surface and bulk, respectively, of the 0.42 Li2MnO3 material;
(h) and (i) for the bulk and surface, respectively, of the 0.50 Li2MnO3 material.

Discussion

Estimation of spinel-type surface layer thickness.—Strehle et al.
have recently shown that the oxygen evolution in Li- and Mn-rich
layered oxides occurs i) right after the activation plateau and ii) also
continues during the OCV at 4.8 V. Based on these results it was pro-
posed that oxygen release from the bulk material seems to be unlikely,
which led to the conclusion that high voltage charging and high de-
grees of delithiation destabilize the material’s surface and ultimately
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Table III. Li2MnO3 content, molar mass and theoretically
required oxygen release for a 100% conversion into a spinel
structure for HE-NCMs delithiated at 4.6 V (n(Otheo

2 ), see
Equation 8),10,25 calculated acc. to Equations 4–8.

Li2MnO3 content Molar mass [g/mol] 100% O2 conversion [μmol/g]

0.33 88.4 2941
0.42 86.8 2880
0.50 85.2 3521

result in a surface restructuration of the material.25 Similar behavior
was also shown to occur for stochiometric NCM materials, leading
to a chemically driven formation of a spinel and/or rocksalt surface
layer upon delithiation.10 Such chemically driven spinel and/or rock-
salt formation have been shown and intensively characterized for the
thermally induced transformation of partially delithiated NCMs.52,53

The general chemical reaction for spinel formation is given in Equa-
tion 3. Since rocksalt structures could not be observed by HRTEM
measurements (see Figure 7 and Figure 8), the surface layer thickness
is estimated only assuming the formation of a spinel surface layer.10,25

LixMeyO2 → x + y

3
Li3− 3y

(x+y)
Me 3y

(x+y)
O4 + 3 − 2 (x + y)

3
O2 ↑

[3]
As starting compound for the spinel formation according to Equa-

tion 3, it is assumed that material restructuration starts at the oxygen
onset potential, so the starting compound for the material restructura-
tion is the partially delithiated phase at 4.6 V during the first charge,
as already suggested by Strehle et al.25 Thus, the amount of lithium
that remains in the structure at the oxygen onset (x-value in Eq. 3)
needs to be estimated using Equation 4

�xLi = QM

F
[4]

with Q being the capacity reached at the oxygen onset during the
first charge (from Figure 3), M being the molar mass of the pristine
HE-NCM, and F being the Faraday constant. With these calcula-
tions, residual lithium contents of Li0.25 (0.33 Li2MnO3), Li0.29 (0.42
Li2MnO3), and Li0.25 (0.50 Li2MnO3) are found and can be further
replaced into the general equations for spinel formation (Equations 3).
The resulting transformations into the spinel phase for the different
materials are shown in Equations 5 to 7.

Spinel formation for the 0.33 Li2MnO3 material delithiated to
4.6 V:

Li0.25Me0.86O2 → 0.37 Li0.68Me2.32O4 + 0.26 O2 ↑ [5]

Spinel formation for the 0.42 Li2MnO3 material delithiated to
4.6 V:

Li0.29Me0.83O2 → 0.37 Li0.78Me2.22O4 + 0.25 O2 ↑ [6]

Spinel formation for the 0.50 Li2MnO3 material delithiated to
4.6 V:

Li0.25Me0.80O2 → 0.35 Li0.71Me2.29O4 + 0.30 O2 ↑ [7]

These equations give the theoretical loss of oxygen per mole of HE-
NCM for a 100% layered-to-spinel conversion (Otheo

2 ), from which the
moles of oxygen released for a 100% conversion of the entire particle
into the spinel (n(Otheo

2 )) can be easily calculated according to for-
mula 8, using the molar mass of the different HE-NCM compositions.
Table III shows the molar mass values for the different compositions,
as well as the theoretical oxygen release which would be required for
a 100% of spinel formation calculated from the equations above.

n
(
Otheo

2

) = Otheo
2

M
[8]

The ratio of oxygen release expected for a 100% phase transforma-
tion (n(Otheo

2 )) into a spinel structure and the actual oxygen evolution

measured by OEMS (n(Omeas
2 )) can be used to calculate the molar

fraction of layered material converted into a spinel-type structure.

xsurface layer = n
(
Omeas

2

)

n
(
Otheo

2

) [9]

To translate the molar fraction into a surface layer thickness, the
approximate particle radius is estimated from the BET areas (ABET)
given in Table I according to Equations 10, with ρHE-NCM being the
crystallographic density of the pristine material (ρHE-NCM = 4.2 g/cm3).

r = 3

ABET ρHE−NCM
[10]

From the radius and the molar fraction of the spinel phase, the
surface layer thickness can be easily assumed using Equations 11 and
12. More detailed information regarding these calculations have been
reported by Strehle et al. and Jung et al.10,25

r′ = r
(
1 − xsurface layer

)1/3
[11]

tsurface layer = r − r′ [12]

Based on the equations and assumptions discussed above, all re-
sults from the OEMS measurements and the results of the above
calculations are summarized in Table IV. For the gas quantification
two different models are taken into account: Model I is based on the
amount of O2 and CO2 released above 4.6 V during the first charge,
while Model II is based on the amount of O2 and CO2 released above
4.6 V during the first and the second charge, whereby the evolved
amount of gases are taken from Figure 3 (from the gray shaded re-
gions). As mentioned before, the assumption that the CO2 evolved at
high potentials is formed by lattice oxygen from the cathode material
is still subject of ongoing discussions,10,26,43 but recent measurements
with 13C labeled EC are in support of this.44 Furthermore, the amount
of evolved CO was not considered, as it is negligible with the here
used FEC-based electrolytes (data not shown).

From Table IV it can be seen that the oxygen evolution strongly
depends on the material composition and is nearly 100-times higher
for the 0.50 Li2MnO3 compared to the 0.33 Li2MnO3 material. This is
consistent with the increase of the surface (and bulk) restructuration
with increasing lithium content observed in the HRTEM analysis (see
Figure 8). In contrast, it is surprising that the amount of evolved CO2 is
essentially independent of the HE-NCM composition and the amount
of evolved oxygen, suggesting that the reaction between electrolyte
and lattice oxygen saturates at a high level of oxygen release from HE-
NCM. Furthermore, since the CO2 evolution at high potentials during
the second charge is also likely due to the reaction of electrolyte with
lattice oxygen (more apparent in the OEMS study by Jung et al. on
NCMs),10 Model II is assumed to be the more representative scenario.

From the total amount of CO2 and O2 evolved at ≥4.6 V, which
we believe are reaction products of the electrolyte with lattice oxygen,
the molar fraction of the resulting spinel surface layer as well as its
thickness can be estimated; these are given for the different materials
in Table IV. For the 0.33 Li2MnO3 material, a roughly 2 nm thick
surface layer could be detected by HRTEM, which is consistent with
the spinel layer thickness calculated for Model II (see Table IV). A
similarly good quantitative agreement is found for the 0.42 Li2MnO3

material, with HRTEM images showing surface layers of roughly
4 nm, the same as the thickness predicted by Model II. However, for
the 0.50 Li2MnO3 material the simple surface layer model fails, as
oxygen depletion proceeds into the bulk of the material, leading to
large domains of bulk degradation (see Figures 8g–8i). Nevertheless,
when comparing semi-quantitatively the HRTEM images of the 0.50
Li2MnO3 material after 50 cycles, the molar fraction of ≈20 mol%
of spinel based on the gas evolution data (Table IV) seems to be a
realistic value. Please note that the results discussed above and shown
in Table IV suggest the formation of a M’3O4 (M’ = Li + Me) type
spinel, as discussed in previous publications.10,25 Another possible
spinel structure formed upon oxygen release might be a LiMn2O4

type spinel layer, which would lead to a lower oxygen loss per mole
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Table IV. Amounts of O2 and CO2 evolved at ≥4.6 V in the 1st (Model I) as well as in the 1st + 2nd cycle (Model II) from HE-NCMs with different
Li2MnO3 contents (from the OEMS data in Figure 3). The molar fraction of the spinel surface layer (xsurf. layer) is calculated from the sum of O2
and CO2 detected at ≥4.6 V according to the chemical reactions given in Equations 3–9 and the surface layer thickness (tsurf. layer) is calculated
from Equations 10–12.

Gas evolution (≥4.6 V) [μmol/gAM]

Li2MnO3 content Model Total O2 CO2 xsurf. layer [mol%] tsurf. layer [nm]

0.33 I 96 6 90 3.3 1.2
II 146 6 140 5.0 1.9

0.42 I 265 180 85 9.2 3.5
II 305 180 125 11 4.0

0.50 I 650 550 100 19 7.3
II 695 550 145 20 7.8

of converted HE-NCM, so that for the same amount of oxygen release
a thicker spinel-type surface layer would be expected, based on the
following general equation:

LixMeyO2 → y

2
Li 2x

y
Me2O4 + (1 − y) O2 ↑ [13]

Conducting the same calculations (Model II in Table IV), as shown
in Equation 5–12, for the formation of a LiMn2O4 type spinel layer, the
following amounts of spinel (xsurf. layer in mol%) will be obtained for
the different materials: 9.2 mol% (0.33 Li2MnO3), 16.5 mol% (0.42
Li2MnO3) and 29.6 mol% (0.50 Li2MnO3), ending up with surface
layers (tsurf. layer in nm) from 3.5 nm (0.33 Li2MnO3) to 6.4 nm (0.42
Li2MnO3) up to 12 nm for the 0.50 Li2MnO3 HE-NCM. Comparing
these values to the calculations for the M’3O4 spinel layer, with pre-
dicted spinel fractions and thicknesses ranging from 5–20 mol.% and
from 1.9–7.8 nm, respectively (see Model II, Table IV), one can see
that the formation of a LiMn2O4 type spinel would result in a ∼1.5 fold
larger estimated for the amount and the thickness of the spinel surface
layer. Therefore, one should keep in mind that the here projected sur-
face spinel layer amounts/thicknesses do depend on the actual phase
that is formed after the oxygen release and as such are just rough esti-
mates. However, taking into regard that the spinel forms due to cation
migration at room temperature, we rather expect a disordered spinel
with the stoichiometry M’3O4 than a well ordered LiMe2O4 phase, as
obtained from high temperature synthesis.

In summary, by correlating HRTEM images/analysis with the
OEMS experiments we have proven that the oxygen release during
the HE-NCM activation cycles is accompanied by the formation of
a surface spinel-like layer and is not due to a bulk restructuration,
as suggested in earlier reports.25,27–29 However, using a material with
a very high lithium content, like the 0.50 Li2MnO3 material in this
study, a partial bulk transformation can be observed, amounting to
≈20 mol% of the material being converted into a spinel-like phase
(calculated from the oxygen evolution, shown in Model II from Ta-
ble IV). While the TEM data are statistically not sufficient to provide
exact quantitative surface layer thickness values for averaged over the
entire material, they fit well to the quantification from the OEMS re-
sults. The partial bulk conversion for highly overlithiated HE-NCMs
(≈20 mol%) now also explains previous studies from which it was
concluded that the activation of HE-NCMs leads to a bulk transforma-
tion to a spinel-like phase.19,20,22,54 For example Yabuuchi et al. and
Mohanty et al. have suggested bulk structural changes during the first
charge due to oxygen removal from the bulk of the material based on
X-ray diffraction studies, both conducted with overlithiated HE-NCM
with 0.50 Li2MnO3 content.

22, 54 Clearly, the results of structural, non-
spatially resolved measurements are strongly dependent on the extent
of overlithiation and perhaps on the synthesis of HE-NCM materials,
which is the reason for the different mechanistic hypotheses which
can be found in the literature. However, recent approaches using spa-
tially resolved techniques38 lead to the same conclusions as presented
in our study.

Evolution of the surface layer during cycling.—Now we want
to discuss the evolution of the structural transformation during cy-

cling, considering the OEMS measurements (Figure 3), the impedance
spectroscopy analysis (Figure 6), and the HRTEM data (Figure 7 and
Figure 8). The OEMS experiments show the first CO2 onset at 4.2 V,
which we believe is correlated to the oxidation of surface contami-
nants at potentials as low as 4.2 V,25,44 i.e., at a potentials far below the
observed onset of oxygen evolution. At a potential of ≥4.6 V, strong
oxygen release occurs during the first charge cycle, accompanied by a
striking increase in CO2 evolution, whereby it was shown that oxygen
from the lattice is released as molecular oxygen and, at least partially
as singlet oxygen,55 leading to CO2 formation from the reaction of re-
active oxygen (surface) species with the electrolyte.10,26,55 While only
traces of oxygen were detected by OEMS during the second charge
cycle, a boost in CO2 evolution at ≥4.6 V (where the onset of oxygen
evolution is observed in the first cycle) still suggests further reaction
with lattice oxygen.

In contradiction to the OEMS analysis, which shows substantial
O2 and CO2 evolution at ≥4.6 V in the first two cycles, HRTEM
investigations of the 0.42 Li2MnO3 material (Figure 7) do not show
any structural changes at the surface of the material after 2 cycles,
implying that although the main part of the oxygen is released, the
layered structure is still preserved. However, a clear structural sur-
face transformation into a spinel-like layer can be observed after
50 consecutive charge/discharge cycles for all HE-NCM composi-
tions, the thickness of which correlates nicely with the gas evolution
in the first two cycles (see above). Another key observation is that
the impedance spectra in Figure 6 are consistent with the HRTEM
measurements: i) after 2 cycles, the HE-NCMs with the highest oxy-
gen release showed the lowest charge-transfer resistance (Figure 6a),
which we associate with the formation of a layered surface structure
with abundant vacancies caused by the high oxygen release, allow-
ing for fast lithium diffusion; and, ii) the impedance spectra after
50 cycles showed the highest charge-transfer resistance for the ma-
terial with the highest oxygen release (Figure 6b), suggesting that
the initial oxygen-vacant layered surface structure underwent a struc-
tural transformation into a spinel-like phase, inhibiting lithium diffu-
sion, particularly for the thicker layers formed at the more lithium-
rich HE-NCMs. From these observations emerges the hypothesis that
the release of lattice oxygen does not immediately induce a phase
transformation of the formed oxygen-depleted surface layer. Instead,
the above presented data suggest that only the de-lithiation/lithiation
processes over the course of subsequent cycling leads to a progres-
sive phase transformation of the layered oxygen-vacant surface re-
gion. The half-cell cycling data from Figure 4 provide strong evi-
dence that this phase transformation process indeed takes place dur-
ing the first 20 cycles, leading to the observed capacity loss due
to the gradual transformation of the layered oxygen-vacant surface
region into a spinel-like surface layer. This hypothesis is schemati-
cally depicted in Scheme 1.

Correlation between capacity fading and spinel surface layer
formation.—In the following, the effect of the surface layer for-
mation and its subsequent restructuration shall be examined more
quantitatively and correlated to the half-cell cycling performance
of the material. It was shown in Figure 4a that a higher Li2MnO3
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Scheme 1. Schematic presentation of the gas evolution processes and of the hypothesized mechanism of the spinel-type surface layer formation. Left panel:
During the initial part of the first charge of (HE)-NCMs, surface impurities are decomposed at potentials below 4.6 V, accompanied by CO2 evolution.
Upon charging to ≥ 4.6 V, O2 is released from the oxide lattice, also forming CO2 by interaction of reactive oxygen (surface) species with the elec-
trolyte. This leads to the formation of an oxygen deficient layered surface structure. Right panel: Over ≈20 subsequent charge/discharge cycles, the initially
formed surface layer is converted into a resistive spinel-type surface layer. Furthermore, cation migration in the bulk material, happening independently
of the O2 release from the near-surface regions, leads to the observed voltage fading over extended cycling, evidence for which is reported in a previous
study.35

content and thus also a higher oxygen release leads to faster capacity
fading. Furthermore, the corresponding dQ/dV plots for the charging
cycles show the evolution of a new phase between 2.0 V and 3.15 V
(shaded areas in Figure 5), the capacitive contribution of which in-
creases mainly during the first 20 cycles and is the larger the higher the
Li2MnO3 content of the material and the higher the oxygen release.
As it is has been shown in the literature that spinel structures delithiate
at roughly the same potential,47,48 it is conceivable that the lithiation
capacity between 2.0 V and 3.15 V corresponds to the lithiation of a
spinel-like surface layer formed by the structural surface transforma-
tion upon oxygen release. If this were true, part of the capacity fading
should be ascribable to the lower capacity of the resulting spinel vs.
the initially present layered surface phase. To examine this hypothesis,
Table V compares the measured capacity losses between cycle 3 and
cycle 48 (Qmeas.

loss ) of the three HE-NCMs (data from Figure 4a) with the
charge capacities between 2.0 V and 3.15 V for cycle 48 (referred to
as Qmeas.

spinel) that correspond to the capacities under the shadowed areas
in Figure 5c.

To quantitatively evaluate this hypothesis that the lower capacity
of the spinel surface layer formed by oxygen release can be attributed
to the observed capacity loss, we estimate the capacity contributions
from the layered bulk structure of the HE-NCM (Qest.

layered) and that of
the surface spinel layer formed over cycling (Qest.

spinel). The capacity of
the former can be estimated by taking the observed capacity of the HE-
NCMs after the two activation cycles (≈250 mAh/g in the third cycle,
see Figure 4), at which point the spinel-layer has not yet been formed,
and multiplying it with the remaining fraction of layered material,
using the value of the mol% of spinel estimated by the OEMS data
(taken from Table IV, Model II):

Qest.
layered = (1 − xspinel) • 250 mAh/g [14]

Similarly, assuming the theoretical reversible capacity of a spinel
to be roughly 140 mAh/g,47 the estimated capacity of the surface
layer after surface restructuration can be calculated by multiplying the
mol% of spinel (taken from Table IV, Model II) with the theoretical

capacity of a spinel:

Qest.
spinel = xspinel • 140 mAh/g [15]

Thus, the capacity fade caused by the formation of a surface spinel
layer (Qest.

loss) would correspond to the difference between the initially
observed capacity of the HE-NCMs (≈250mAh/g) and subtracting
the estimated capacity contributions from the remaining layered bulk
structure and the surface spinel layer:

Qest.
loss = 250 mAh/g − (

Qest.
layered + Qest.

spinel

)
[16]

In Table V, the actually measured values of Qmeas.
loss (from Figure 4)

and Qmeas.
spinel (Figure 5) are compared with their estimated values derived

from the OEMS measurements (O2 + CO2 from Model II, see Ta-
ble IV). The striking agreement between the measured and estimated
capacity losses (Qmeas.

loss vs. Qest.
loss) and between the measured and esti-

mated contributions of the spinel surface layer to the capacity (Qmeas.
spinel

vs. Qest.
spinel), provides strong evidence that the capacity fading of HE-

NCMs is caused by the formation of a spinel surface layer with a
lower intrinsic capacity compared to the originating layered structure.

Examination of voltage fading.—Despite the large changes in the
extent of surface spinel formation and oxygen release as a function of
Li2MnO3 content, the extent of voltage fading does seem rather inde-
pendent of the Li2MnO3 content (see Figure 4b). Thus, we conclude
that the oxygen release and the associated surface layer formation
is not the main driving force for the observed voltage fading. To
a smaller extent, however, it does influence the mean charge volt-
age, as the capacity contribution for charging the surface spinel layer
at 2.0 to ≈3.15 V increases with increasing Li2MnO3 content (see
Figure 5) and thus with increasing oxygen release (Figure 3). Never-
theless, since the capacity contribution from the surface spinel layer
does not exceed 10% of the overall capacity (see Table V), it is not sur-
prising that the charge voltage fading of the 0.50 Li2MnO3 material is
only insignificantly larger for the 0.50 Li2MnO3 compared to the other
materials (see Figure 4b). As oxygen release cannot be responsible for
the observed voltage fading, the probable reason is that the reported

Table V. Capacity loss measured from half-cell cycling in Figure 4 ( Qmeas.
loss ) and capacity loss estimated by the amount of surface degradation

( Qest.
loss), as shown in Table IV. These values can be compared to the measured capacity of the spinel layer from Figure 5 ( Qmeas.

spinel ) and to the
estimated capacity of the spinel layer ( Qest.

spinel ) according to Equations 14–16.

Capacity loss [mAh/g] Capacity surface layer [mAh/g]

Li2MnO3 Qmeas
loss Qest .

loss Qmeas
spinel Qest .

spinel

0.33 7 6 8 7
0.42 15 12 18 15
0.50 28 22 25 28
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transition metal movement within the layered bulk material leads to
changes of the thermodynamic potentials, at least at low C-rates,
where differences in impedance are less critical: reversible transition
metal movement leading to the charge/discharge voltage hysteresis
and irreversible transition metal movement to voltage-fading.35,38,46

At higher C-rates, the substantially larger impedance growth for
more the more lithium-rich materials (see Figure 6) may lead to overall
lower mean discharge voltages. Unfortunately, it is not possible to
quantify this effect on the basis of the impedances shown only for
50% SOC in Figure 6, as the impedance for HE-NCMs is known to
be strongly dependent on SOC.14

Effect of different Li2MnO3 contents onto full-cell
performance.—So far, all data discussed in this study focused
onto the half-cell performance and the structural changes of the
cathode material. While the capacity and capacity fading in half-cells
at low/moderate C-rate is mainly limited by the real capacity of the
cathode material (impedance effects usually being small) and by
cycling induced capacity changes, the performance of full-cells at
faster C-rates can in addition be limited by impedance growth, cell
balancing, and the loss of active lithium (also via crosstalk effects
between the anode and the cathode). Therefore, in order to predict
the performance of actual battery cells with a new cathode material,
full-cell data are required, whereby also the amount of electrolyte
added to the cells plays an important role. Wagner et al. showed that
the mass ratio of electrolyte to cathode active material in large-scale
commercial cells is on the order of mely:mCAM ≈1:3,56 which is
typically ≈10-fold lower than what is used in coin cells (or other
small-scale test cells). In the following, in order to most closely
approach the value in large-scale cells, we used a ratio of mely:mCAM

≈1:1, the lowest ratio with which we could still obtain reproducible
coin cell data.

From Figure 9a it can be seen that the capacity fading for all
the HE-NCM materials is similar over the first 50 cycles. After 50
cycles, the discharge capacity at 1C ranges from 200–220 mAh/g, only
≈20 mAh/g lower than the discharge capacity at C/5 in the half-cells
(see Figure 4a). Beyond 50 cycles, the full-cell capacity of the material
with 0.50 Li2MnO3 content (blue line in Figure 9a) actually surpasses
that of the other materials, which can be explained by the larger lithium
reservoir produced in the graphite anode (see Table II).

The mean discharge voltage observed in full-cells (Figure 9b) fol-
lows the same order as in half-cells (Figure 4b), being the lower the
higher Li2MnO3 content. Over the first 50 cycles, all materials exhibit
a ≈2-fold higher mean discharge voltage-fading at 1C in full-cells
compared to that in half-cells at C/5, which most likely is due to the
significant impact of the cathode impedance on cell voltage at the high
current densities at 1C (2.1 mA/cm2), so that an increase in the charge
transfer resistance over extended cycling will have a larger effect
on voltage-fading. Finally, one of the most important factors for the
practical assessment of the materials is their specific discharge energy,
i.e. the product of capacity and mean discharge potential, shown in
Figure 9c. It demonstrates that essentially identical specific discharge
energy values and fading rates are observed for all HE-NCMs, in-
dependent of their Li2MnO3 content. Nevertheless, regarding their
practical application in large-scale cells, the 0.33 Li2MnO3 mate-
rial is superior, as it would release the least amount of gas dur-
ing the first two formation cycles, namely ≈0.25 mmolO2+CO2/gAM

(≡ 6 cm3
O2+CO2/gAM) for the 0.33 Li2MnO3 material vs. ≈0.90

mmolO2+CO2/gAM (≡ 22 cm3
O2+CO2/gAM) for the 0.50 Li2MnO3 mate-

rial (see Figure 3).

O2 and CO2 evolution of HE-NCM vs. NCM.—Jung et al. recently
reported a similar oxygen release from stoichiometric NCM materi-
als, also caused by a chemical spinel transformation at the particle
surface.10 The onset potential for oxygen evolution and the amount
of oxygen release was shown to be strongly dependent on the nickel
content of the material, whereby oxygen release was always observed
at ≈80% SOC. To compare the oxygen release from HE-NCM and
stoichiometric NCM, the here used base NCM material for the HE-

Figure 9. Electrochemical cycling of the different HE-NCM compositions in
full-cells at 25◦C, using a graphite anode, 14 μL of FEC:DEC (2:8 g:g) with
1 M LiPF6 electrolyte with a proprietary co-solvent (mely: mCAM ≈1:1) and a
Celgard separator. The first activation cycles were carried out at C/15 to 4.7 V
where the potential was held for 1 h and then the cell was discharged at C/15 to
2.0 V. This was followed by a rate test (up to 3C) between 2.0 V and 4.6 V, while
further cycling was carried out at C/2 charge (+1h CV) rate and 1 C discharge
between 2.0 V and 4.6 V. (a) Shows the specific discharge capacity as a function
of the cycle number, (b) shows the mean discharge voltages, and (c) shows the
specific discharge energy referenced to the cathode active material weight. All
data points represent the average of at least two independent measurements
and the error bars reflect the maximum and minimum of the measured values.

NCMs (referred to as 0.00 Li2MnO3 • 1.00 LiMeO2 in Table I) was
also investigated by OEMS. Results for the gas evolution of the base
NCM are shown in Figure 10, using the same procedure that was
used for the HE-NCMs (see Figure 3). In contrast to the HE-NCMs,
oxygen evolution already occurred at 4.52 V and is also mainly ob-
served during the first cycle. Furthermore, a strong increase in the
CO2 evolution was observed at the onset of oxygen evolution in the
first cycle; in the second cycle, CO2 evolution was observed at the po-
tential where O2 evolution had started in the first cycle, analogous to
the OEMS data with the HE-NCM materials (see Figure 3). These
data strongly suggest that oxygen release and subsequent surface
restructuration for HE-NCM and stochiometric NCM materials follow
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Figure 10. OEMS measurements for the stochiometric NCM (0.00 Li2MnO3
• 1.00 LiMeO2, see Table I, using the same cell setup and procedure as
in Figure 3 for the HE-NCMs. Upper panel: charge/discharge voltage vs.
time; middle/lower panel: evolution of the concentrations of concomitantly
evolved O2/CO2 given in units of either μmol/gAM (left axes) or μmol/m2

AM
(right axes).

very similar mechanisms, in both cases leading to reactions of lattice
oxygen with the electrolyte via a surface reaction57 and/or the reaction
with released singlet oxygen.55 In addition, for the stochiometric base
NCM (“0.00 Li2MnO3”) and the 0.33 Li2MnO3 HE-NCM, the SOC
at which oxygen evolution can be observed is essentially identical
(≈77%). Increasing the Li2MnO3 content however leads to oxygen
evolution even at lower SOCs, namely at ≈72% for the 0.42 Li2MnO3

material and at ≈69% for the 0.50 Li2MnO3 material (all HE-NCM
data from Figure 3). The shift of the onset of oxygen evolution to
lower SOC values with increasing Li2MnO3 content indicates that the
near-surface region of the material becomes less stable with increasing
Li2MnO3 content, which is consistent with the observation that the
thickness of the restructured surface layer increases with increasing
Li2MnO3 content (see Figure 8), extending all the way into the bulk
for the 0.50 Li2MnO3 material.

To compare the total amount of oxygen evolved from the dif-
ferent HE-NCMs and the stoichiometric NCM, all data for the gas
evolution were normalized to the respective BET surface area (see
Table I), as the surface area of the stoichiometric NCM was more
than ten times smaller than that of the HE-NCMs. For the O2 quan-
tification, the O2 evolved during the first two cycles is shown; for
CO2 quantification, the CO2 evolved above the oxygen onset poten-
tial during the first and the second cycle is shown (gray areas in Figure
3 and Figure 10). Figure 11 shows that the 0.33 Li2MnO3 material
evolves even less oxygen than the stoichiometric base NCM mate-
rial, while a further increase of the Li2MnO3 content substantially
increases the released amount of oxygen. Surprisingly, the surface
normalized amount of evolved CO2 for the three HE-NCM materials
is essentially identical, despite the largely different oxygen release,
while the base NCM releases much higher amounts of CO2. This
observation could be rationalized by either one of the following hy-
potheses: i) at the high absolute oxygen release rates from the high
surface area HE-NCMs, the surface reaction between lattice oxygen
and the electrolyte could become rate-limiting, so that a significant
fraction of the oxygen is released as molecular oxygen without any

Figure 11. O2 and CO2 (after oxygen onset) evolution of the first two cycles
are shown for the three different materials from Figure 3 (0.33, 0.42 and 0.50
Li2MnO3), data for 0.00 Li2MnO3 are from Figure 10. Total gas amounts
were quantified during the first and the second cycle above the oxygen onset
potential, depicted by the gray areas in Figure 3 and Figure 10. The error bars
shown in this figure are derived from two separate OEMS measurements for
each material.

further reaction with the electrolyte; or, ii) oxygen released from the
surface at high rates as singlet oxygen55 could form gas bubbles, in
which reactive singlet O2 can decay to triplet oxygen within the gas
phase, while the reaction of singlet oxygen with the electrolyte to
CO2 would be limited to the gas/electrolyte interface. It is also con-
ceivable that the latter may be influenced by particle morphology,
whereby the hierarchical structure of the HE-NCM particles (consist-
ing of primary agglomerates composed of smaller primary particles
with interstitial pores) could lead to a formation/trapping of oxygen
gas bubbles in contrast to NCM particles which have no internal void
volume.

Despite the so far not clearly understood differences in the evolved
CO2/O2 ratios for the different materials, the comparison of the total
amount of lattice oxygen released from the materials (represented by
the sum of CO2 + O2; see right-hand-side bars in Figure 11) suggests
that low amounts of Li2MnO3 added to the base NCM can increase the
active material stability at high SOCs. This stabilization may explained
by the compensation of repulsive forces between the transition metal
layers at low lithium content, produced by the loss of lithium from the
transition metal layer, thereby creating vacancies within the transition
metal layers. These repulsive forces would furthermore be reduced by
the reported reversible oxygen redox,26,32,33 whereby it is conceivable
that the creation of vacancies in the transition metal layer during
the first activation cycle is responsible for enabling oxygen redox
processes.38 However, increasing the Li2MnO3 content leads to an
increased lithium occupation in the transition metal layer in the pristine
material58 that will be extracted during the first activation charge,
leading to a destabilization of the surface at increasingly lower SOCs,
as was discussed above.

Conclusions

In this study, we systematically compared HE-NCM materials
with different amounts of Li2MnO3 using on-line electrochemical
mass spectrometry (OEMS), high-resolution transmission electron
microscopy (HRTEM) and electrochemical characterization meth-
ods, in order to understand the oxygen release as well as its influ-
ence on the active material structure and the electrochemical perfor-
mance. We could show quantitatively that the half-cell capacity loss
at low C-rates during the first 50 cycles can be ascribed to the forma-
tion of a surface spinel layer which can be estimated from the gas
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evolution. HRTEM shows that the surface layer thickness in-
creases with increasing Li2MnO3 content, hereby the thickness was
in excellent agreement with the layer thickness estimated from
the OEMS experiments, except the 0.50 Li2MnO3 material, for
which spinel formation occurs all the way into the bulk of the
material.

The oxygen release and the total gas release differ vastly for the
different materials, even though the full-cell initial capacity, the capac-
ity retention and the voltage fading are rather similar for all materials,
which ends up in full-cell energies and energy fading that are essen-
tially identical over 250 cycles. However, for practical applications in
large-scale cells the initial gas evolution is a critical factor where the
material with 0.33 Li2MnO3 outperforms the other materials, having
a nearly 4 times lower initial gas evolution (6 cm3/gCAM) compared
to the 0.50 Li2MnO3 material (22 cm3/gCAM). Furthermore, the in-
crease in impedance is more critical for the 0.50 Li2MnO3 compared
to the other materials, leading to improved rate performance for lower
Li2MnO3 contents.
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